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Abstract

Free-standing nanocrystalline Al thin films have been strained in situ in a transmission electron microscope at room-temperature.
Extensive grain-boundary migration accompanies the in situ loading and has been observed to occur preferentially at crack tips and only
in the presence of the applied stress. This grain growth precedes dislocation activity, and measured boundary velocities are greater than
can be explained by diffusive processes. The unambiguous observations of stress-assisted grain growth are compatible with recently pro-
posed models for stress-coupled grain-boundary migration. The growth occurs in a faceted manner indicative of preferential boundaries.
The fast collapse of small grains with sizes of 30–50 nm demonstrates the unstable nature of a nanocrystalline structure. Clearly obser-
vable shape changes testify to the effectiveness of grain-boundary migration as a deformation mechanism, and preferential grain growth
at crack tips resulted in efficient crack tip blunting, which is expected to improve the films’ fracture toughness.
� 2008 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Room-temperature plasticity in polycrystalline metals
and alloys is commonly understood and modeled in terms
of dislocation nucleation, mobility, and interaction with
various obstacles. For metals and alloys, the primary role
of grain boundaries is thought to be that of obstacles to
dislocation motion, and the widely referenced Hall–Petch
relation [1,2] predicts that decreasing the average grain size,
effectively increasing the density of grain boundaries,
results in increased strength. This relation has been shown
to hold for a wide range of materials and grain sizes, and
considerable interest has been placed on extrapolating this
relationship to the nanocrystalline regime. There is clear
evidence to indicate that the strength of nanocrystalline
metals falls short of Hall–Petch predictions at the smallest
grains sizes (below 100 nm) [3–6]. This realization and the
1359-6454/$34.00 � 2008 Acta Materialia Inc. Published by Elsevier Ltd. All

doi:10.1016/j.actamat.2008.03.032

* Corresponding author. Tel.: +33 562257842; fax: +33 56257999.
E-mail address: legros@cemes.fr (M. Legros).
observation that nanocrystalline metals do possess at least
moderate levels of ductility have led the community to con-
sider alternative deformation mechanisms. Proposed alter-
native room-temperature deformation mechanisms of
nanocrystalline metals have included: grain-boundary slid-
ing [7], grain rotation [8,9], diffusional creep [10,11], grain-
boundary migration, dislocation nucleation or absorption
at grain boundaries [12–16] and enhanced partial disloca-
tion activity [17–22]. The focus of this manuscript is on
the motion of grain boundaries (GBs).

At variance from dislocation plasticity, GB-mediated
plasticity occurs mainly through diffusive processes. In
coarse-grained or microcrystalline materials, GB migration
and Coble creep are temperature-dependent and related to
the diffusion of atoms across or along the grain-boundary.
Diffusion-induced grain-boundary migration (DIGM) has
been observed in a number of materials and is a mechanism
that applies to all types of grain boundaries. DIGM has
been widely studied [23–25] and requires a driving force
that derives from a difference in free energy on either side
rights reserved.

mailto:legros@cemes.fr


M. Legros et al. / Acta Materialia 56 (2008) 3380–3393 3381
of a GB. This energy difference can arise from several fac-
tors such as solute concentration, GB surface tension (cur-
vature), or non-uniform stress states. Balluffi and Cahn [25]
proposed a mechanism for DIGM in which differences in
the diffusion coefficients of the diffusing species along the
GBs cause a self-sustaining climb of grain-boundary dislo-
cations and motion of the associated GB steps. Other
mechanisms and driving forces that have been used to
describe diffusion-related GB motion include: Coble creep
[10], which is only effective at high temperatures [26] in
large-grained polycrystals; reduction in the number and
curvature of GBs through homogeneous grain growth
[27]; and local shuffling of atoms between the GB and the
adjacent grains (short-range diffusion process) [28]. The
last process is based on in situ TEM experiments [29] show-
ing defect-free jerky GB migration and is described in
detail by Babcock and Balluffi in [30]. The idea is that it
is energetically favorable, as shown for a R5 boundary,
to displace atoms by shuffling over very short distances in
each unit cell of the GB.

GB migration can also be carried out by athermal shear,
without diffusion. This is predictable when the misorienta-
tion between two grains is small, as in the case of low-angle
tilt boundaries that can be described as discrete networks of
dislocations [31]. The low-temperature displacement of a
low-angle GB thus results from the glide of this dislocation
array. This has been demonstrated experimentally in Al
polycrystals under creep conditions at 200 �C [32] and for
Al bicrystals [33]. Traditionally this mechanism is envisaged
to operate for a low-angle GB, but recent theoretical
descriptions by Cahn and colleagues [34,35], molecular
dynamics (MD) [36,37] simulations and experimental
observations [38–40] have shown that stress-coupled
grain-boundary migration operates for high-angle grain tilt
boundaries as well. The perpendicular motion of both low-
and high-angle GBs can be framed in terms of their disloca-
tion structure, as determined by the Frank–Bilby equation.
The coupling between the applied shear stress and the GB
motion, either positive or negative, can result in potential
back-and-forth motion of the GB. As shown by MD, the
change in shear stress/motion coupling can be attributed
to a change in the dislocation structure of the GB during
the movement. This entirely geometric model is very effec-
tive at predicting the results obtained from MD, but both
approaches are employed on relatively simple, planar, GBs.

Despite obvious fundamental differences between diffu-
sion-based and stress-coupled GB motion, experimental
attempts to separate both mechanisms has proven elusive.
For example, high-temperature measurement of GB motion
in Al bicrystals leads to displacements predicted by the shear
coupling GB model [33], but migration energies (Em) are very
similar to those found for DIGM [40]. In fact, Em, deter-
mined from the GB mobility [38,41,42], seems to depend
more on its structure [43–45] than on its mode of motion.
Attempts to quantify GB mobility are also complicated by
the fact that GB structures can change and evolve as they
migrate, as evidenced by observations of dislocation emis-
sion and absorption during GB migration experiments [46–
49]. There is also no clear relationship between the GB
energy (EGB) and the grain-boundary migration energy.
Plotting Em as a function of GB characters shows a sharp
transition between low- and high-angle GB motion. Typi-
cally, Em for low-angle GBs has been reported to be close
to the activation energy for bulk diffusion, while that for
high-angle GBs is closer to the activation energy for diffusion
along grain boundaries. Although well documented, this
low-to-high angle transition is not fully understood [39].
The situation becomes even more complex in polycrystalline
materials, where Em differs significantly from bicrystals
[46,50] because of multiple junctions [51]. In real polycrys-
tals, GBs are also not predominantly pure twist or tilt char-
acter, and GB migration cannot be conservative and requires
diffusion and climb of the various GB dislocations.

In nanocrystalline materials, the influence of GB migra-
tion is expected to be critical for several reasons: the small
grain size and associated GB curvature increase the stored
energy, the high density of GBs and vacancies coupled with
reduced diffusion pathways accelerates diffusive processes,
and dislocation-mediated plasticity demands much higher
stresses. Recent MD simulations suggest that dislocation-
mediated plasticity never completely disappears [52] but
that the role of stress-assisted GB deformation is increased
at nanocrystalline grain sizes. MD simulations suggest that
GB deformation can occur by GB sliding [53,54] or by a
Coble creep-like diffusive process involving grain growth
and coalescence [55,56]. A few authors also consider atoms
in high-energy GBs to be very close to their melted state,
making the migration of these GBs easier, for instance by
atomic shuffling [57]. The possibility of stress-coupled GB
motion [35] offers yet another possibility for GB-related
plasticity but is yet to be established for a general popula-
tion of grain boundaries and in the specific case of nano-
crystalline metals.

Clean experimental observations of GB sliding and grain
rotation in nanocrystalline metals have proven tenuous and
evidence in support of these mechanisms remains controver-
sial [9,58–60], mainly because it is extremely challenging to
image individual and adjacent nanocrystalline grains with
conventional in situ TEM. By contrast, the observed growth
of nanocrystalline grains by post mortem TEM observations
of specimens that have been subjected to an applied stress,
through indentation [61–63] or uniaxial loading [64,65],
has been clearly documented. Tensile testing of nanocrystal-
line specimens has proved to be challenging, but testing very
small specimens also provides a way to bypass the inherent
residual porosity of many nanocrystalline samples [66–68].
Recent advances in micro-tensile testing [3,69,70] allows
one to determine the stress–strain response of tiny samples
and free-standing films. By coupling micro-tensile thin film
testing, in situ synchrotron diffraction experiments and post
mortem TEM, Gianola and co-workers recently established
grain growth as an active deformation mode in abnormally
ductile nc-Al thin films at room-temperature [71]. Moreover,
by varying the applied strain-rate during testing, it was
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shown that the stress, not the total plastic strain, discrimi-
nated the amount of grain growth that was seen [72]. The
importance of the stress was reinforced by compressive
experiments on nanocrystalline Cu, where enhanced grain
growth was observed proceeding both deformation at cryo-
genic temperatures [73] and stress-controlled transient
experiments [74].

This observation of discontinuous grain growth as a
low-temperature deformation mechanism for nanocrystal-
line Al appears, in many ways, to be related to the phenom-
enon of stress-assisted grain-boundary migration recently
described [36,37]. There are, however, many outstanding
questions about the fundamental mechanisms responsible
for this grain growth. Is it stress-driven or strain-driven?
Is dislocation-based plasticity necessary to trigger grain
growth? Are certain GBs favored for migration or do they
all move at the some rate? Is overall grain growth homoge-
neous or heterogeneous? How do the kinetics of GB migra-
tion play out? Direct observations and measurements of
GB velocities under simple loading conditions are needed
to answer these questions and in situ tensile testing in a
TEM provides such capability. Here, we report on in situ
TEM experiments that were performed using the same
nanocrystalline Al films deformed ‘‘macroscopically” by
Gianola et al. [71]. The motivation for this study was an
interest in garnering insight about the grain growth that
occurs in these films and in addressing, to the extent possi-
ble, many of these outstanding questions. The focus of this
study is on GB events rather than fine intragranular dislo-
cation processes, but we have attempted to monitor both
GB and dislocation activity for comparative purposes.

2. Experimental procedure

Al thin films of different thicknesses were sputter-depos-
ited on Si wafers with interrupted cycles to prevent colum-
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Fig. 1. (a) Sketch of a free-standing nc-Al film on a deformable Cu grid; (b) bri
in a 380 nm thick nc-Al film prior to deformation. The enlarged view (c) indica
one grain located at the very tip of the crack. The short arrow indicates a secon
as in all the micrographs presented in this study (otherwise mentioned).
nar growth. In the current study, 380 and 180 nm thick
films have been tested. The average grain sizes for these
films were 90 and 40 nm, respectively, which means that,
on average, 4–5 grains are found in the through thickness
of the foils. This final point was confirmed by measure-
ments of grain sizes from cross-sectional TEM images, giv-
ing a mean aspect ratio (unity being equiaxed and �1
being columnar) of 1.4 ± 0.8. The films were patterned
using standard lift-off photolithography and micro-tensile
specimens and rectangular strips were released from the
underlying Si substrate with a gaseous xenon difluoride
dry etch. Details about the film deposition, processing
and lift-off techniques employed for this study are given
in Refs. [68,71].

The tensile foils used for in situ TEM tensile testing were
typically 3 mm long and 0.5–1 mm wide. They were glued
onto deformable Cu grids with cyanocrylate or epoxy glue
(see Fig. 1a) and tested within 24 h. Dots of silver paint
were added between the Cu grid and the nc-Al film to
ensure electrical contact and prevent beam charging. Films
were strained at 300 K in a JEOL 2010, operating at
200 kV. Various imaging conditions were employed and
conventional bright field (BF) and dark field (DF) images
were recorded. The displacement rate of the mobile jaw
on the Gatan straining holder was set to 100–500 nm s�1.
Pulses of approximately 1 s were applied after which the
grips were fixed and relaxation processes where observed.
Initial motion of the grips typically resulted in the follow-
ing sequence: rigid body motion and grip adjustments; flat-
tening of the foils which was monitored using bend
contours; elastic loading and plastic loading. In the plastic
regime, micro- (nano-)structural changes were observed to
occur concurrently with the application of strain. Grain-to-
grain contrast differences facilitated direct observations of
grain growth, and when present intragranular dislocation
activity was easily identified by fast changes in the residual
500 μm
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tes that the initial grain size and microstructure is preserved except for the
dary crack that did not expand during straining. The tensile axis is vertical,
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contrast, even for conditions of g � b = 0 (g being the dif-
fraction vector used to form the image and b the Burgers
vector of the dislocation).

In the experiments conducted in this study, plastic defor-
mation always occurred preferentially at the tip of pre-exist-
ing cracks, which were probably introduced during foil
preparation. The presence of these cracks was fortuitous
but greatly aided the study by localizing the activity and
providing valuable insight as to where to look for micro-
structural changes. Because of this configuration, alignment
of the foil on the Cu grid was not critical since the stress ten-
sor was primarily determined by the crack geometry. Nev-
ertheless, the cracks were loaded in a predominately
mode-I configuration. The majority of images for this study
were taken in dark field (DF) conditions. These conditions
were set, prior to plastic deformation, by defining five posi-
tions for the objective aperture, each of which centered on a
distinct diffraction spot on the 111 diffraction ring acquired
at the beginning of the experiment. The optimum imaging
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Fig. 2. (a–c) Dark field micrographs taken with the same g vector during an in
points across the crack. Grain A is stretched as the crack opens. Grey frames w
(up to 300% here) undergone by A. Grain length against crack opening is plotte
symbols.
conditions were found by dynamically switching between
these five positions and adjusting the double-tilt specimen
stage during the in situ experiments.

3. Experimental results

Fig. 1 presents the typical set up and as-deposited nano-
structure of a 380 nm thick (90 nm initial grain size) Al film
before in situ straining. Fig. 1a is a sketch of the nc-Al film
strip glued on a stretchable Cu grid. Fig 1b is a low magni-
fication micrograph of the side of the film that has been
cracked during its manipulation and gluing. The crack tips
that were observed in this study did not change the initial
grain size or microstructure except for the one or two
grains in contact with the tip that were always found to
be larger than the initial average grain size. This can be
seen in Fig. 1c, which is an enlargement of the crack tip
from Fig. 1b. The tensile axis is aligned along vertical in
all micrographs (unless otherwise mentioned), but the
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situ TEM tensile experiment on a 180 nm thick Al film. M and N are fixed
ere added to maintain the same scale bar and demonstrate the elongation
d in (d); the error bars are about 50 nm, smaller than the diamond-shaped
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stress state in the foil is dominated by the stress concentra-
tion at the tip of the crack.

When a tensile stress was applied to the nc-Al foils, pro-
nounced grain growth was observed to occur at the crack
tip, as is shown in the sequence given in Fig. 2. This figure
is composed of three still images that were taken during an
in situ TEM experiment. The graph at the bottom of the
figure gives the length of grain A as a function of the crack
opening, which was measured as the distance between two
points M and N. The initial configuration of this sample
was similar to that described in Fig. 1, and Fig. 2a shows
that grain A, which is located right at the crack tip, had
undergone substantial grain growth prior to the in situ
experiment. We assume that this growth occurred as a
result of crack tip stresses associated with the handling of
the thin foil and note that the small grain (B) positioned
adjacent to A remains in the nanometer scale. The time
intervals between Fig. 2a–c are 25 and 18 min, respectively,
while a macroscopic displacement of 10 lm was applied
with the straining holder. Grain growth was observed to
occur predominantly at the crack tip. This growth was
extensive and was not limited by the film thickness. See
for example grain A, which elongates as the crack opens
and completely bridges and blunts this crack.

We have observed that, under stress, dislocation activity
is important in grains that are larger than 200 nm. Extensive
dislocation activity was observed in grain A and as disloca-
tion-based plasticity continued to operate, classical work-
hardening processes, such as dislocation tangling, take
place and lead to the formation of cells and subgrains. Sub-
grain boundaries (SGB) are highlighted in Fig. 2c. For this
particular grain (A), it is worth noting that the length of the
grain scales with the imposed displacement of the crack tip,
as measured between the two markers M and N. As shown
in Fig. 2d, the line describing this relation intersects the y-
axis at approximately 700 nm, which indicates that a pri-
mary grain growth occurred at zero displacement; that is,
under the influence of the stress field only. Further examples
Fig. 3. Video frame captured during an in situ experiment showing an
expanding dislocation loop (plain arrow) in a large grain located at the
crack tip. The dashed ellipse represents the projected dislocation loop and
its radius in the glide plane.
of grain growth that is stress-assisted and not strain-assisted
will be given later (Figs. 5 and 6).

These initial observations emphasize the fact that micro-
structural evolution only occurs in a highly localized region
at the crack tip. Dislocation activity was observed a bit fur-
ther away, but detectable grain growth was only seen for
the 3–5 grains that were in direct contact with the crack
tip. To estimate the stress in this region, we have measured
a few dislocation loops that were expanding under the
applied stress in grown grains right at the crack tip.
Fig. 3 is a dark field video capture of such a loop right
before it moves during an in situ test. On the left, a thick
arrow points to the developing crack. The dashed ellipse
drawn next to the expanding loop corresponds to the
radius of curvature of this loop projected in the dislocation
glide plane. We have assumed that its Burgers vector b is a/
2 <110>. From the radius of curvature R and using the
Orowan equation, we can then estimate that the local stress
r has to be larger than the dislocation line tension s

r > s ¼ lb
R

ð1Þ

where l is the shear modulus of aluminum (26 GPa) and b
is assumed to be the magnitude of an a/2 <1 10> disloca-
tion (0.286 nm). A radius of curvature of 50 nm leads to
a resolved shear stress of 150 MPa, which corresponds to
an applied stress larger than 300 MPa, assuming an opti-
mum Schmid factor of 0.5.

Fig. 4 is a series of pictures extracted from a long video
sequence representing the most common grain growth
mechanism and speed encountered in this study. Grains
A and B were monitored over 10 min while under stress.
Grain A is directly in contact with the opening crack tip
and the zone between A and B is highly stressed. Grains
A and B are faceted in Fig. 4a and may not be in their
as-deposited state; rounded grains were observed more fre-
quently in as-deposited films. Nevertheless, grain growth
was observed to occur by the displacement of the oppo-
sitely facing grain boundaries of A and B, which eventually
leads to their contact in Fig. 4e. The grain (C) between
grains A and B becomes visible between Fig. 4c and d,
although the imaging conditions have not changed (same
g). This suggests that the smaller grain (C), which is less
than 100 nm, has rotated to align its orientation with those
of grains A and B. As the grains A and B grow towards
each other, grain C shrinks (Fig. 4d and e) before finally
disappearing after approximately 100 s (not shown). From
typical sequences like this, we can determine the ‘‘average”

grain-boundary displacement rate during the in situ exper-
iments. In the example given in Fig. 4 it ranges from 0.1
(grain A) to 0.2 nm s�1 (grain B). This migration speed
was only observed for GBs that are very close to the crack
tip and in the highly stressed region of the sample.
Although not quantified, qualitative observations indicate
that the grain sizes in these films decreases as one moves
away from the crack tip, which is an indication that GB
velocity decreases accordingly.



Fig. 4. Video sequence taken in dark field at 300 K. ‘‘Regular” grain growth ahead of a crack tip. (a) 0 s, (b) 198 s, (c) 399 s, (d) 497 s, (e) 584 s, and (f)
grain growth steps from (a) to (e).
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This GB velocity can, in particular cases, reach extre-
mely high values, as described in Fig. 5, where the time
scale is much shorter than for Fig. 4. As in the previous
example, grains A and B are located ahead of the crack
(which is coming from the right in this experiment). These
grains had already grown to be 200–300 nm and significant
dislocation activity had already taken place (dislocation
loops and segments are visible in grains A and B) when this
sequence was shot. Close inspection indicates that grains A
and B were not connected in the beginning of this sequence
(Fig. 5a). Growth and coalescence was initiated by the
motion of the lower right part of grain A towards grain
B (Fig. 5a–c) at a rate of 5–10 nm s�1 (8 nm s�1 between
Fig. 5a and b). This motion continued until reaching the
position of Fig. 5c, where grain A touches and connects
with B. In Fig. 5c–e, the upper part of the migrating GB
moves very quickly towards grain B. These ‘‘jumps” occur
over rather large distances (20 and 16 nm), and involve a



Fig. 5. Grain growth occurring by fast GB motion at 300 K. (a) t = 0 s, (b) 1.2 s, (c) 18.16 s, (d) 29.04 s, (e) 29.24 s, and (f) sketch of the successive
positions of the GB.
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large portion of the GB. The normal velocity between
Fig. 5d and e was estimated to be 50 nm s�1. In Fig. 5d,
grains A and B have a common boundary (GBAB) that is
more than 130 nm long and has been created in less than
10 s. Because the sequence was shot in dark field, it was
not possible to image and analyze the simultaneous disap-
pearance of the grain that was between A and B (see grain
C in Fig. 4 or Fig. 8). It is, however, important to note that
the growth of grains A and B and the creation of GBAB did
not involve any dislocation emission towards the interior of



Fig. 6. Back-and-forth motion of a GB portion under a tensile stress. (a) t = 0 s, (b) 248 s, (c) 343 s, (d) 346 s, (e) 513 s, and (f) sketch of the grain shape
evolution from (a) to (e).
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grains A or B or the appearance of a linear defect in the
fringe contrast of the GBs. The reverse motion of a portion
of GBAB was observed in the video frames that follow this
sequence but is not shown here as this phenomenon is bet-
ter exemplified in Fig. 6. Compared to the observation in
Fig. 4, the GB velocity in Fig. 5 is 20–500 higher, suggest-
ing a possible different underlying mechanism for GB
migration.

Fig. 6 illustrates the phenomenon of the back-and-forth
motion of a GB under a constantly positive stress. The
crack tip, coming from the upper left, broadens between
Fig. 6b and c. In the sequence from Fig. 6a–c, grain A is
observed to grow locally by the motion of the upper right
portion to the right (highlighted by white arrows). The tip
of this ‘‘nose” was observed to move a distance of 80 nm in
approximately 360 s, which indicates an average velocity
0.2 nm s�1, comparable to the velocity calculated in
Fig. 4. From Fig. 6b–d, there is almost no change in the
surrounding microstructure nor in the tensile stress
applied, as attested by the constant contrast of the other
grains on the left.

Surprisingly, the grain protrusion that was created
between 6b and c is erased by the rapid retraction of the
GB (Fig. 6c and d). In Fig. 6d grain A has returned to a
configuration that is close to what it was in Fig. 6a. The
local speed of grain-boundary motion between Fig. 6c
and d was estimated to be 30 nm s�1, which is 100 times
faster that in the left-to-right motion (Fig. 6a–c) and com-
parable to the speed calculated in Fig. 5. During this
sequence, grain A has been partially sheared by less than
five dislocations (dislocations in contrast or in residual con-
trast), which cannot account for the change of shape of
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grain A. This sequence, summarized in Fig. 6e, demon-
strates not only that GB motion can occur at different
speed under a comparable stress, but also that the direction
of motion can be reversed without reversing the applied
stress.

The in situ observations represented in Figs. 5 and 6,
like those in Fig. 2, indicate that the grain growth does
not scale with crack opening displacement and is therefore
Fig. 7. Growth by re-orientation and coalescence of grains. (a) t = 0 s (b) 6 s,
(a) to (e).
not directly related to the strain in the specimen. The in situ
observations also indicate that grain growth can occur by
the coalescence of closely oriented grains, as shown in
Fig. 7. In this figure, grains A and B are in an area of high
stress at the tip of a crack that is coming from the left.
These grains have an apparent size of 180 � 100 nm and
130 � 100 nm, respectively, which is close to the initial
grain size (90 nm) that was measured for this 380 nm thick
(c) 20 s, (d) 22 s, (e) 49 s, and (f) sketch of the grain shape evolution from



Fig. 8. Disappearance of a grain under stress. (a) t = 0 s, (b) 5 s, (c) 7.64 s, (d) 7.76 ns. Note the dislocations loops inside the grain in (b) (dashed arrows)
and the remaining dislocation in (c) (dashed arrow). The large arrow shows the disappearing grain and can be considered as a fixed point.
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film. The images shown in Fig. 7a–e illustrate that both
grains (A and B) double their size in less than one minute.
The mechanism for the grain growth is, however, funda-
mentally different from what was observed in the previous
examples. The fact that both grain are visible and have the
same contrast in the dark field images indicates that the ori-
entation of this grains was very similar. The combination
of these grains during this in situ experiment has been
taken as a clear example of grain rotation and coalescence.

The preferential growth of some grains must necessarily
mean that other grains are shrinking. The shrinkage and
disappearance of small grains has been observed on numer-
ous occasions Fig. 8 is an example of such an event; the
grain highlighted by the arrow is 83 � 57 nm large and con-
tains two dislocation segments that are noted by the dashed
arrows. This grain maintained a constant size (Fig. 8a)
under load for approximately 1 min and then started to
shrink (Fig. 8b). At this time, the dislocation segment on
the right moves towards and joins its neighbor to form a
loop, which is visible in the middle of the grain in
Fig. 8b. This loop was observed to move to the left in a
direction opposite what would be predicted by its curvature
and is absorbed into the GB that is advancing from left to
right. In Fig. 8c, the grain is reduced to a size of
50 � 36 nm and no longer contains the dislocation loop.
At this point, the grain was observed to collapse in less
than 0.12 s (three video frames), which correspond to a
GB velocity greater than 200 nm s�1. This rapid collapse
of grains smaller than 30–50 nm has been observed on mul-
tiple occasions, which suggests a possible minimum grain
size under which the applied stress renders the grains
unstable.

Additional in situ experiments, not shown here, involved
heating cross-sectional wedges of the same nc-Al films
while they were still attached to their substrate. No
appreciable grain growth was observed and the micro-
(nano-)structure of the nc-Al film proved to be very stable
up to 723 K. As compared with the in situ observations
outlined in this paper, the microstructural stability of the
thermally cycled films points to the importance of stress
in driving the grain growth observed in this study. The fact
that finite thermal stresses arise from the coefficient of ther-
mal expansion (CTE) mismatch between the Al films and Si
substrate points to the existence of a critical stress for grain
growth.

4. Discussion of results

Most studies on the mechanical behavior of nanocrys-
talline metals have focused on extension of the Hall–Petch



Fig. 9. Post mortem TEM picture taken on a micro-tensile strained film
[71]. Note the very large grains (A and B) that have grown in the sea of
initially nano-sized grains.
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relation to smaller grain sizes and identification of the
deformation mechanism or mechanisms that become oper-
ative when microcrystalline plasticity is abated. There is
generally acceptance that conventional dislocation mecha-
nisms are inhibited at grain sizes below 100 nm, and MD
simulations suggest that below 100 nm and down to 10–
20 nm, plastic deformation is accommodated through
grain-boundary sliding and the emission of unit and partial
dislocations that traverse the grain and are absorbed into
the opposite grain-boundary without multiplying or inter-
acting with other dislocations [3]. The prediction of partial
dislocation emission is supported by TEM observations of
deformation twinning and stacking fault formation in
nanocrystalline Al [18–20], and the overall picture is consis-
tent with post mortem TEM observations [15,67] and
in situ X-ray diffraction experiments [14], which indicate
that permanent dislocation networks are not built up dur-
ing plastic deformation. Below 10–20 nm dislocation mech-
anisms become less probable and GB mechanisms such as
sliding or rotation may take over, as forecast by MD sim-
ulations [7] and may be shown by partially convincing
TEM experiments [9,58,60,75].

The micro-tensile results reported earlier [71] and the
in situ experiments conducted in this study underscore
the dramatic effect that microstructural instabilities have
on the mechanical response of submicron free-standing
nanocrystalline Al films. The mechanical behavior of these
structures appears to not only be different than that of
microcrystalline metals but dynamic as well. The in situ
observations outlined in this manuscript reveal a far more
complex picture than is traditionally espoused. Disloca-
tions were observed to glide and interact in very small
grains (Fig. 8) and evidence of massive and abnormally fast
GB motion was uncovered in grains that were much larger
than 100 nm (Fig. 5). It is also worth noting that these large
grains initially experienced grain growth and then started
deforming by classical dislocation processes once the grains
reached a critical size. A direct implication of these obser-
vations is the fact that the grain size of nc-metals is not sta-
tic but is prone to evolve under mechanical stress and
strain.

In situ experiments offer unique insight into such evolu-
tion but are often influenced by the effect of the free sur-
faces on microstructural evolution and deformation
processes. In the current study, the influence of specimen
geometry was mitigated by the fact that the in situ experi-
ments were carried out on the same nc-Al thin films that
were used in the micro-tensile experiments conducted by
Gianola et al. [71]. In both cases the films were deformed
at room-temperature. Subtle differences lie in the strain
rates, which were lower and continuous in the micro-tensile
experiments, and the fact that pre-cracks concentrated the
stress in the in situ samples. Discontinuous grain growth
was observed in both cases and grain growth exceeded
the film thickness. The grain growth cannot be attributed
to the in situ nature of the experiments because similar or
even greater grain growth was observed in the micro-tensile
tested specimens, as exemplified by Fig. 9. This figure was
taken using a plastically deformed 180 nm thick Al film
whose as-deposited microstructure was homogeneous with
an average initial grain size of 40 nm. After 2% deforma-
tion the microstructure contains very large grains in a sea
of small neighboring grains (Fig. 9). These large grains
(A and B) were found to be essentially dislocation-free,
suggesting that a GB migration mechanism similar to the
one in Fig. 5 took place. A light residual maze-like contrast
was noted in grain B; the faint lines have the same approx-
imate dimensions as the initial grain size and could be
related to the level of impurities in the sample, as intro-
duced and systematically studied by varying the back-
ground pressure during vapor deposition [76]. A critical
concentration of dopants was consequently observed that
was necessary for stabilizing the GBs during tensile testing.
Post mortem observations and in situ X-ray diffraction of
specimens taken to higher levels of strain indicate a lack
of dislocation storage in the early stages of deformation
followed by an invasion of the large grains with disloca-
tions as deformation proceeds [71]. In this way, the post
mortem and in situ observations lead to the same conclu-
sions: that nc-Al films undergo significant discontinuous
grain growth as a result of tensile loading, that this grain
growth precedes dislocation activity, and that micro-scale
dislocation processes are possible in the grains that have
sufficiently grown.

Grain growth has also been observed under micro-
indentations of nc-Cu [62,73] and in repeatedly indented
nc-Ni [63], compressively deformed nc-Ni [77], and tensile
strained Ni–Fe and Co–Pd alloys [64,65]. The fact that
these specimens exhibit tensile and compressive ductility
far exceeding that normally associated with nc-metals has
led some to suggest that the improved ductility recently
reported for dense nc-metals [78,79] may find its source
in this grain growth (see below). Several studies, however,
do not report grain growth but mainly grain rotation (see
for instance Ref. [80]), which is surprising since grain
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rotation is a known cause of grain growth by crystalline
alignment of neighboring grains (see Refs. [5,8]).

Early in situ observations of grain-boundary motion in
nc- and ufg-Al, referred to as ‘‘strain-induced coarsening”

[81,82], also call into question the strain- versus stress-
assisted nature of grain growth. The plot in Fig. 2d shows
a clear correlation between grain growth and crack tip
opening or strain, while Figs. 5 and 6 demonstrate the con-
trary: rapid GB motion during a non-straining period and
back-and-forth motion of a GB under unidirectional load-
ing. In fact, most of the observations made in this study
suggest that the primary grain growth is stress-assisted.
In all in situ experiments, primary grain growth was found
to be ahead of the crack tip, that is, in the zone fully
affected by the stress but very slightly strained. Fig. 2 illus-
trates a secondary grain growth process that happens
through dislocation-mediated processes in already grown
grains. Combining post mortem (Fig. 9, [71]) with the
in situ experiments conducted for in this study suggests that
stress-assisted grain growth is the dominant mechanism.
This view is consistent with recently quantified observa-
tions of grain growth around stress concentrators in
micro-tensile specimens, and compressed nc-Cu [74].

In the in situ experiments, grain growth was observed to
occur at very different rates, suggesting different mecha-
nisms. Rapid grain growth was observed to take place by
the rapid motion of the GB (Figs. 5 and 6) or by the coales-
cence of closely oriented grains as in Fig. 7. This mechanism
is very similar to the one invoked by Sergueeva and cowork-
ers [75]. The coalescence noted in Fig. 7 is clear because
dark field imaging produced images whose contrast and
intensity are orientation-related. To appear in the same
image, the orientation of two grains has to be within a
few degrees. The fact that neighboring regions are succes-
sively lit up suggests that these region represent grains that
have rotated into alignment with their neighbors. Going
beyond this statement and quantifying the relative rotation
or deformation of each superimposed grain, especially at
the speed seen here, was not feasible in the current study.

Observations of rapid grain growth associated with very
fast GB motion were entirely unexpected, and they are not
consistent with ‘‘traditional” DIGM processes involving
atomic diffusion to reduce GB curvature [27,83]. Several
authors have measured the mobility of GB (see Ref. [84]
for a review) and reported that GB motion occurs by a ther-
mally activated process, promoted by an applied stress, with
an energy of migration that is very close to that of either GB
or bulk self-diffusion [38,42]. For instance, Li and cowork-
ers [43] have calculated the mobility of a low-angle GB in
stressed Zn bicrystals and found an activation energy of
90 kJ mol�1, which corresponds to that of Zn self-diffusion.
Similarly, extensive experimental work has been performed
by Gottstein, Winning and co-workers on GB mobilities in
Al bicrystals [38,39,41,42,85,86], and the mobility of their
boundaries adhere to a thermally activated form

m ¼ m0 expð�Em=kT Þ ð2Þ
where m0 is the pre-exponential factor and Em the activa-
tion energy for grain-boundary migration. These authors
have reported a clear transition between the activation
energies for the migration of low- and high-angle GB.
Depending on the GB considered, this transition occurs
at around 8–15� for tilt boundaries and the activation en-
ergy is typically about 110–130 kJ mol�1 for low-angle
GB and about half that (65–70 kJ mol�1) for high-angle
GB. These migration energies are comparable with volume
and GB diffusion energies for pure Al (142 and
84 kJ mol�1, respectively) [26]. Over the temperature range
of 473–673 K, high-angle boundaries were reported to have
a higher mobility than low-angle boundaries. The pre-
exponential factors range from 0.4 to 0.8 m s�1 MPa�1

for high-angle GB and from 1500 to 80,000 m s�1 MPa�1

for low-angle boundaries.
We do not know the nature of the mobile GBs observed

in the present in situ work, but we can compare their
mobility to the more mobile planar tilt GBs in Al bicrys-
tals. Those are of <100> type. At room-temperature, their
mobility is 2 � 10�6 nm s�1 MPa�1 for low-angle and
1.5 � 10�3 nm s�1 MPa�1 for high-angle boundaries (pre-
exponential factor of 79,500 and 0.44 m s�1 MPa�1 and
migration energies of 113 and 66 kJ mol�1 for low- and
high-angle GB, respectively) [86]. Applying the same stress
(between 100 and 200 MPa) as previously found in the
present in situ and previous micro-tensile tests [71] lead
to GB velocities ranging between 2 � 10�5 and 0.3 nm s�1,
if we assume that the orientation with respect to the stress
tensor is optimal. This corresponds fairly well to the aver-
age low GB velocities observed in situ (0.1 nm s�1 in Fig. 4
and corresponding paragraph). However, the random ori-
entation of GBs with respect to the applied stress in the
present work [39] and their highly curved shape should lead
to an overall lower mobility since curved boundaries have
higher migration energies than planar ones [85]. Moreover,
most of the boundaries observed in the present work have a
connection to the surface which is known to impede their
mobility because of grooving [45] and intrinsic atomic rear-
rangement [87]. The residual contrast seen in Fig. 9 may be
a signature of the surface grooves left behind by the initial
GB that subsequently detached under the applied stress
and moved to absorb the surrounding grains. Finally, if
we take in account the much lower mobility of other types
(<111> and <11 2>) of planar tilt GBs [42], it appears that
the average velocities observed in situ in nc-Al are clearly
above those measured in bicrystals and attributed to
DIGM processes. The fastest events (30–50 nm s�1 in Figs.
5 and 6) are orders of magnitude above mobilities predicted
from Al bicrystals data and clearly call for a different GB
displacement mechanism.

Several hypotheses can be explored to explain the
unusually high GB velocities that have been observed. If
a diffusion mechanism is involved, the activation energy
would have to be very low, and this is probably the case
for the slower events. MD simulations [7,88,89] have sug-
gested that ‘‘stress-induced” GB diffusion may operate at
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room-temperature in specimens with very small grain sizes,
but the level of stress computed in these simulations is
much higher than those measured in the present experi-
ments. The atomic shuffling model of Babcock and Balluffi
[30] could also be used to explain some of the features
observed here. The sometimes observed jerky motion of
GBs is compatible with the hypothesis of a kink-type prop-
agation of reorienting cells only at the GB interface. This
short-range diffusion-based model could also explain
unusually high GB mobility, i.e. low migration energy, as
compared to long-range diffusion, such as in Coble creep.
Finally, the fact that some small grains resist the expansion
of larger one suggests the existence of ‘‘hard” orientations
(see Fig. 9) for which atomic shuffling is not favorable.
Further investigation into the applicability of this model
is warranted.

Another route to be considered is the model of stress-
assisted GB motion that was recently put forth by Cahn
and coworkers [35,37] that is based on the shear-coupled
motion of GB. The military nature of GB motion as a
result of this mechanism removes the dependence on diffu-
sion and allows for very fast athermal GB migration. The
Frank–Bilby equation that determines the character of the
boundary and thus the direction of the shear, leads to two
distinct branches, positive or negative, for the coupling
factor. A consequence of this bifurcation is the fact that
a boundary that changes character as it moves could actu-
ally move from one branch to the other and result in a GB
motion that reverses under the same constant applied
shear. The observed back-and-forth motion of the GB in
Fig. 6 could be an illustration of this mechanism. Win-
ning’s bicrystal results [40] have also been interpreted in
terms of stress-coupled grain-boundary migration, but
the fact that applied stresses in the nc-Al samples are
much higher than can be realized in coarse-grained Al
may be used to explain why the stress-coupling and GB
migration is more general in the nc-Al. The faceted shape
of the growing grains (see for example Figs. 4 and 5) and
the discontinuous nature of the grain growth observed
throughout this study are both consistent with the idea
that some boundaries would couple more favorably than
others. Detailed comparison with this model would
require thorough orientation of the grains on both sides
of the moving GB, which is practically impossible for very
small grains, but could in principle be realized for larger
ones, such as those in Fig. 5. The in situ stage and condi-
tions used in the present study were not amenable to these
measurements but parallel efforts are warranted and
underway.

5. Summary and conclusions

Nanocrystalline Al submicron films with initial average
grain sizes of 40–90 nm have been tensile tested in situ in a
TEM at room-temperature. The following summary and
conclusions have been drawn from these dynamic and post
mortem TEM observations:
� Dynamic observations of stress-assisted grain growth
have been recorded in these nc-Al films. This grain
growth precedes dislocation activity, involves GB migra-
tion and grain coalescence, and results in discontinuous
grain growth, where a limited number of preferential
grains grow to be several times the film thickness (180/
380 nm) and are then surrounded by a sea of nanocrys-
talline grains that have maintained their initial
dimensions.
� This grain growth was observed to occur preferentially

under the applied load in the highly stressed regions
ahead of crack tips. No growth was observed in regions
away from the cracks or without the application of load.
The in situ observations that stress concentrations at
crack tips lead to preferential grain growth and crack
tip blunting has profound implications for the fracture
toughness of nanocrystalline materials.
� Despite the presence of free surfaces, very large GB

velocities exceeding 200 nm s�1 for collapsing small
grains and larger than 30 nm s�1 in growing grains were
observed. This grain-boundary migration could be a
new plastic relaxation mechanism in nc-Al since neither
diffusion nor dislocation-based models can fully account
for the observed GB speed at room-temperature.
� Parallel plasticity processes were observed and taken as

an indication that the notion of uncovering and identify-
ing independent grain-size-dependent deformation
mechanisms may be overly simplistic. Pure GB processes
(without GB/dislocation interaction) were observed to
be active in both small nanocrystalline and large grown
grains. Extensive dislocation motion, tangling and sub-
grain formation was generally restricted to larger grains
that had grown to a critical size, but individual disloca-
tion activity was observed in grains as small as 40–
50 nm.
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