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Preface to the Second 
Edition of Steels: 

Processing, Structure, 
and Performance 

In this twenty-first century, steel, in its many chemistries and forms and 
as a major material for load-carrying applications, is under intense pres-
sure from many directions: to reduce energy and find just the right time 
and temperature in processing to achieve the best combination of structure 
and properties, to optimize alloying, to improve properties for vehicle 
weight reduction and safety, and to increase life in demanding applica-
tions. The last ten years have seen dynamic responses to these challenges, 
and production, research, development, technical conferences, and publi-
cation have not stopped. Hence, a second edition of Steels: Processing, 

Structure, and Performance. Every chapter in the first edition has been 
examined, and not only has recent information been added, but also im-
portant references to past discoveries and insights, not included in the first 
edition and in danger of being forgotten, have been added and discussed. 

Structure is the unifying key to understanding steels, and the need to 
characterize the many elements of structure continues to expand. Where 
earlier, microstructure as resolved by light microscopy was emphasized, 
now macrostructure, crystal structure, substructure, and nanostructure and 
their length scales are integrated with microstructure as a function of 
chemistry, processing, and performance. This integration is being acceler-
ated by analysis techniques such as electron backscatter diffraction 
(EBSD) and atom probe tomography (APT), only widely used since the 
first edition of Steels, as well as improvements in established light and 
electron microscope techniques and specimen preparation.
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This second edition of Steels is actually the fourth volume on steels I 
have authored. The first volume, entitled Principles of Heat Treatment of 

Steel, American Society of Metals, 1980, was a rewritten version of Prin-

ciples of Heat Treatment by M.A. Grossmann and E.C. Bain. As I noted in 
the preface of the 1980 volume, “Principles of Heat Treatment covered 
developments between 1935 and 1964, and Grossmann, Bain, and their 
contemporaries did their work so well that the heat treatment and metal-
lurgy of carbon steel was almost taken for granted.” Certainly, tremendous 
advances in understanding steels have occurred, but the statement regard-
ing the expertise of Grossmann and Bain still rings true with respect to 
hardenability, a field in which austenitic grain size is no longer considered 
a major factor as outlined by Grossmann and Bain. Reasons for this shift 
are discussed in this second edition of Steels. 

Color has been added to the second edition of Steels, in part to highlight 
microstructural features but also because new characterization techniques, 
such as EBSD and APT, provide so much data that color is necessary to 
differentiate various parameters. Almost all chapters have been updated 
with figures and/or discussion to illustrate structures and phenomena as 
well as to present new information. In addition to hardenability, the peri-
tectic reaction and other steelmaking aspects, some new sheet steel devel-
opments, microalloying, boron effects, spherical carbide dispersions, new 
views of tempering, the strengthening components of tempered martens-
itic steels, pearlitic wire and rail steels, cracking during primary steel pro-
cessing, reheat cracking in welds, hydrogen embrittlement, residual-stress 
development and oxidation in carburizing, and effects of rolling-contact 
stresses on high-carbon steel microstructures are among the topics that 
have been added or have received substantial modification. I hope these 
additions to the tutorial baseline of structures and steel products in the first 
edition of Steels will be of value to experienced ferrous metallurgists as 
well as new generations of individuals from many backgrounds in the ma-
terials and manufacturing communities that must produce, use, and study 
steel. 

I sincerely thank all of my many colleagues at the Colorado School of 
Mines who have helped with discussions, recommendations of references, 
and/or by contributing figures: Scott Cowley, Corrine Packard, Brian Gor-
man, Gary Zito, John Chandler, Lee Rothleutner, Dean Pierce, Steven 
Thompson, Kip Findley, John Speer, and David Matlock. John Verhoeven, 
Iowa State University, and Bob Hackenberg, Los Alamos National Labo-
ratory, helped with history; Bob Glodowski, Evraz Sratcor, Inc., with mi-
croalloying; Amy Clarke, Los Alamos National Laboratory, with APT 
figures; Nobuhiro Tsuji, Kyoto University, with EBSD of lath martensite; 
and Harry Bhadeshia, University of Cambridge, with references on roll-
ing-contact fatigue. Karen Marken, Madrid Tramble, Kate Fornadel, and 
Scott Henry, ASM International, provided welcome encouragement and 
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professional expertise for copyediting and production of this second edi-
tion of Steels. My wife Ruth deserves my deep thanks for her unwavering 
support during this period of authorship. 

George Krauss 
Evergreen, Colorado
October 21, 2014
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Preface to Steels: 
Processing, Structure, 

and Performance (2005)

This edition of Steels is dedicated to the men and women who make, 
use, study, and design with steel. It is an entry into the broad, dynamic 
physical metallurgy of steels, with an attempt to summarize the state-of-
the-art just past the turn into the twenty-first century. Eleven new chapters 
expand the coverage in previous editions, and other chapters have been 
reorganized and brought up to date. The interrelationships between chem-
istry, processing, structure, and performance, i.e., the elements of physical 
metallurgy, are integrated for all the types of steel discussed, but as before, 
descriptions of the evolution, characterization, and performance of steel 
microstructures, with increased emphasis on deformation and fracture, are 
major objectives of this text. Heat treatment remains a vital aspect of the 
manufacture of steel products, and the coverage of thermal processing and 
its effect on steels is expanded in this edition. However, heat treatment has 
been dropped from the title of this edition to reflect a broader view of 
steels. Also, the chapter on cast irons, included in the 1990 edition, has 
been dropped in view of the sharper focus on steels. 

There have been dramatic changes in steel manufacture in the 15 years 
since the publication of the 1990 edition. Low-carbon sheet steels have 
experienced the most dynamic changes: thermal processing of sheet steels 
on a massive continuous scale has produced new grades with only subtle 
changes in chemistry. Low-carbon sheet steels, together with strengthen-
ing mechanisms, developments in microalloyed forging steels, steels with 
bainitic and a variety of ferritic microstructures, quench and tempered 
steel performance, high-carbon steels for rail and ultra-high strength wire, 
and the causes of low toughness and embrittlement are all discussed in 
new chapters. I have made some brief comments on the history of steel and 
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noted the time frame for some important developments. A link to steel-
making and solidification is made in the chapter on the effects of primary 
processing on steel microstructure. 

The text is meant to be informative, readable, up-to-date, and self- 
contained. Principles, concepts, and understanding of microstructural 
 evolution and performance, within the framework of processing and prop-
erties, are illustrated, by plots of data, micrographs, and schematic dia-
grams. Some scientific and technological background is assumed, and if 
interested in more information or background, the reader is directed to 
listed references. Only a small number of references out of the massive 
literature on ferrous metallurgy have been selected, and a special effort has 
been made to include references to the most pertinent books, reviews, and 
technical papers on a given subject. Reference titles that often serve as 
mini-abstracts of paper content have been included. Each listed reference 
opens up further reference lists on a given topic. 

The activities of the Advanced Steel Processing and Products Research 
Center, an industry/university cooperative research center at the Colorado 
School of Mines, have continued to be a vital source of research on steel, 
and I am grateful for the combined efforts of the industrial sponsors, stu-
dents, and staff of the Center for their contributions. I thank Professors 
Steven Liu and John Speer, Colorado School of Mines, for their contribu-
tion of figures for this edition; Dr. Young-Kook Lee, Yonsei University, for 
unpublished work on high-temperature tempering; Dr. Bruce Kiefer, Mor-
gan Construction Company, for his references on Stelmor processing; and 
Professor Brian Thomas, University of Illinois at Urbana-Champaign, for 
his references on continuous casting and inclusion-related phenomena. I 
value very much and am grateful for the continued insights and inspiration 
provided by my colleague Professor David Matlock at the Colorado School 
of Mines over the years. The support of my wife, Ruth, and my sons Mat-
thew, Jonathan, Benjamin, and Thomas, with their growing families and 
expanding lives, is also very gratefully acknowledged. 

George Krauss
Evergreen, Colorado
December, 2004
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Preface to Steels: Heat 
Treatment and 

Processing Principles 
(1990)

The 1980s have been a dynamic period for manufacturing, and it is ap-
propriate that Principles be expanded to describe a broader selection of 
ferrous alloys used in manufacturing. Not only is deeper understanding of 
the performance of conventionally treated steels now available, but new 
alloys and new processes also have been developed. For example, new al-
loys under active development or brought to market in the ’80s include 
duplex stainless steels, microalloyed bar and forging steels, ultrahigh-ni-
trogen stainless steels, low-cobalt maraging steels, steels with low manga-
nese and silicon that are resistant to temper embrittlement, and austempered 
ductile cast irons. The success of these new alloys, as well as that of im-
proved conventional steels, is often directly coupled to advances in melt-
ing, and the 1980s have seen the widespread adoption of ladle metallurgy 
and other special steelmaking techniques. 

The most dramatic changes in processing have come in the area of sur-
face modification, ranging from improvements in induction heating and 
gas carburizing to the development of plasma, physical vapor deposition, 
and laser heating processes. Thermochemical modifications, coatings, 
solid-state transformation hardening, and rapidly solidified, thin-surface 
layers are all possible with the new techniques. Thus exciting possibilities 
exist for manufacturing surfaces with special properties and engineered 
materials systems incorporating ferrous alloys. 

For the revised edition of Principles of Heat Treatment of Steel I have 
added chapters on new surface modification techniques, stainless steels, 
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tool steels, and cast irons, and have expanded four of the original chapters. 
Thus the revised text covers many aspects of alloying, processing, and 
microstructure evolution beyond those involved in conventional heat treat-
ment of carbon steels. Also, the new surface modification techniques are 
often directed to producing engineered composite systems quite different 
from traditionally processed steels. In order to reflect the broader scope of 
the present edition, the title Steels: Heat Treatment and Processing Prin-

ciples was selected. This new title moves steels to a prominent position, 
and recognizes the importance of processing other than heat treatment. 

The principles of microstructure development, and the effects of micro-
structure on properties and performance, within the context of alloying, 
phase equilibria, and processing, remain the dominant theme of this book. 
About 110 new figures have been added, many of them selected to illus-
trate characteristic and special microstructural features of ferrous alloys. 
While heat treatment and thermal processing are still of prime importance, 
solidification, thermomechanical, mechanical, and surface deposition pro-
cessing are also recognized as major factors which establish structure 
property relationships in a broad spectrum of ferrous alloys. 

Selected literature is cited throughout the text in order to lead readers to 
in-depth sources of information regarding topics of special interest. Unfor-
tunately, the references cannot recognize all who have contributed to the 
vast field of processing, heat treatment, and performance of steels. Hand-
book and manufacturing literature must be referred to for processing de-
tails and property tabulations which cannot be included here. 

The Army Research Office and National Science Foundation have con-
tinued to support steel research at the Colorado School of Mines into the 
1980s, and I am grateful for continuing support of the AMAX Foundation 
for my professorship. In 1984, the Advanced Steel Processing and Prod-
ucts Research Center (ASPPRC), a cooperative industry-university re-
search center, was established at the Colorado School of Mines with a seed 
grant from the National Science Foundation. This Center has made possi-
ble a renewed effort to deepen understanding of steel as a vital manufac-
turing material. I acknowledge with gratitude the support and interest of 
the following organizations who were sponsors of ASPPRC at the time of 
the writing of this second edition: Army Materials Technology Laboratory, 
Bethlehem Steel Corporation, Carpenter Technology Corporation, Cater-
pillar Incorporated, Chaparral Steel Company, Chrysler Corporation, Do-
fasco, Eaton Corporation, Ford Motor Company, Inland Steel Company, 
Lake Ontario Steel Corporation, National Institute for Standards and Tech-
nology, LTV Steel Company, Lukens Steel Company, North Star Steel 
Company, Rouge Steel Company, Stelco Incorporated, The Timken Com-
pany, and United States Steel Division, USX. 

With pleasure I acknowledge helpful discussions and contributions of 
micrographs from a broadened list of colleagues: Tohru Arai (Toyota Re-
search Laboratories), M. Grace Burke (Westinghouse Electric Company), 
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J.R.T. Branco (CSM), RH. Barkalow and R.W. Kraft (Lehigh University), 
Tom Bell (University of Birmingham), Scott Diets (CSM), David Hoff-
mann (Ford Motor Company), A.S. Korhonen (Helsinki University of 
Technology), Tom Majewski (Caterpillar Incorporated), Jeff McClain 
(CSM), Bob McGrew (CSM), Tadashi Maki and Imao Tamura (Kyoto 
University), Eric Mittemeijer (Delft University of Technology), Hisaki 
Okamoto (Tottori University), Mike Rigsbee (University of Illinois), Mike 
Shea (General Motors Corporation), Pan Jei (CSM), Steve Thompson 
(CSM), George Vander Voort (Carpenter Technology Corporation), Abdul 
Wahid (CSM), and Shen Yun (CSM). 

I thank Scott Diets for his help with the figures, and I am especially 
grateful for the collaboration and support of my colleague, David K. Mat-
lock. We have shared and accomplished much together in the 1980s. My 
wife Ruth supported this effort in many ways, including the word process-
ing of many revisions of the final manuscript, and I thank her deeply for 
her help.

George Krauss
Evergreen, Colorado
July 30, 1989
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Preface to Principles of 
Heat Treatment of Steel 

(1980)

This book is a completely rewritten version of Principles of Heat Treat-

ment by M. A. Grossmann and E. C. Bain. It is a pleasure to acknowledge 
the contributions of these authors. Much of their work, especially that con-
cerning the development of hardenability concepts, is incorporated here. 
Principles of Heat Treatment covered developments between 1935 and 
1964, and Grossmann, Bain, and their contemporaries did their work so 
well that the heat treatment and metallurgy of carbon steels was almost 
taken for granted. Steels, however, are wonderfully complex, and contin-
ued effort in the last twenty years has brought deeper understanding of 
their response to thermal and mechanical treatments. New theoretical ap-
proaches to diffusion-controlled and martensitic transformations, the 
 characterization of fine structure by transmission electron microscopy, 
fractography with the scanning electron microscope, new electron beam 
microanalysis techniques, fracture toughness testing, continued examina-
tion of hardenability, and the relationship of microstructure and fine struc-
ture to strength, toughness, and ductility are all areas, highly developed 
only in the last twenty years, that I have attempted to build onto the solid 
foundations of steel heat treatment developed by earlier workers. My ap-
proach has been to develop the structure-property-processing relationships 
that underlie the many heat treatments applied to steels. The origin and 
characterization of microstructures are emphasized because they are so 
often forgotten as the source of the handbook graphs and tables of process-
ing parameters and properties. 

The give-and-take of many conferences and the contributions of many 
investigators to the literature have been the basis for our growing under-
standing of steels and their behavior. I have drawn widely from published 
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sources and through the cited references hope to recognize at least some 
university and industrial scientists and their contributions. The reference 
lists are by no means complete, but every paper opens up an area by listing 
tens or even hundreds of additional references. 

Especially rewarding has been my association with other investigators. 
Morris Cohen initiated my interest in steel, and the enthusiasm of my col-
leagues and students has sustained that interest. I have learned from every 
thesis investigation, and examples of the work of my students are shown 
throughout this book. 

In recent years I have benefited much from association with the treat-
ment activities of the American Society for Metals, first through member-
ship on the Heat Treatment Technical Division Council, and more recently 
as editor of the Journal of Heat Treating. These associations have made 
me aware of the scope and sophistication of new approaches to the heat 
treatment of steels, and I am especially grateful to Norman Kates, Dale 
Breen, Jon Dossett, and Joe Riopelle for their introduction to the demand-
ing, practical world of heat treatment. 

A university research effort is very much dependent on outside support. 
I gratefully acknowledge the Army Research Office, the National Science 
Foundation, the Bethlehem Steel Corporation, the AMAX Foundation, 
and the American Iron and Steel Institute for the support that has enabled 
me and my students to remain actively involved in research on the behav-
ior of steels. I acknowledge also fruitful discussions with Professors Glenn 
Edwards, Tom Bell, and Norman Breyer concerning parts of the text and 
am grateful for micrographs supplied by Professors R.W.K. Honeycombe, 
Robert Hehemann, and Marvin Wayman. Mark Geib deserves special 
mention for his help with some of the figures. Finally, I am deeply grateful 
to my wife, Ruth, for her competent assistance, her unwavering support, 
and the typing of the manuscript—all given between a busy schedule of 
rehearsals and performances of the Central City Opera and the Evergreen 
Chorale.

George Krauss
Evergreen, Colorado
September 25, 1979
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CHAPTER 1

Introduction— 
Purpose of Text, 

Microstructure and 
Analysis, Steel 

Definitions, and 
Specifications

Purpose of This Book

THE PURPOSE OF THIS BOOK is to describe the physical metal-
lurgy, i.e., the processing- structure- property relationships, of steels. Pro-

cessing refers to the manufacturing steps used to produce a finished steel 
product and includes casting, hot and cold work (mechanical and thermo-
mechanical processing), and all sorts of heat treatment (thermal process-
ing), some of which involves changes in surface chemistry (thermochemical 
processing). Steelmaking is the important first step in processing and has 
evolved over centuries to produce today huge tonnages of high- quality 
steel. Thus steelmaking, its history, and its effect on the structure of solid 
steel are discussed briefly in subsequent chapters.

Microstructure of Steels

Size Scales

Together with steel chemistry, processing steps create the many micro-
structures that may form in each of the great variety of steels. The term 
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microstructure derives its meaning from the fact that microscopy is re-
quired to resolve characteristic features of steel internal structures that 
range in size from those resolvable with the unaided eye to features 
 resolvable only by light and electron microscopy. The unaided eye can 
resolve 0.1 mm (0.004 in.), and more closely spaced features require mi-
croscopy of some sort. The most appropriate unit for many microstruc-
tural features of steel, for example, grain or crystal size, is the micron or 
micrometer (μm), 10–6 m, or 0.001 mm (0.00004 in.), well below features 
that are resolvable by eye. The light microscope has a resolution on the 
order of 0.5 μm and therefore is quite adequate for the characterization of 
many features of steel microstructures.

However, many features that affect performance are too fine to be re-
solved in the light microscope, for example, fine precipitates and crystal 
defects, and for the characterization of such features, electron microscopy 
must be used. In view of the fact that light microscopy was the only tech-
nique initially available, finer features now resolvable are often referred to 
as substructures. The electron microscope can resolve features down to 
the order of atomic dimensions, around one nanometer (nm), 10–9 m, or 
0.001 μm, and therefore effectively covers the size range of structures 
below that resolvable in the light microscope.

Instrumentation

The above discussion relates to the size scales of the structural compo-
nents that make up a given microstructure. This section briefly describes 
the many approaches and instruments now available to characterize not 
only sizes, morphology, and distribution of microstructural features but 
also the crystallography and the chemistry of the features. The availability 
of these instruments and how and what they reveal makes possible more 
and more complete characterization of steel structures. Examples of the 
structures shown by the various techniques are given throughout this 
book, and the techniques used to produce the images are identified in the 
figure captions.

Scanning Electron Microscopy. Microstructures on polished and 
etched steel surfaces, shown by variations in reflected light within the 
resolution limits of the light microscope, are well characterized (Ref 1.1, 
1.2). Scanning Electron Microscopes (SEM) raster electron beams over 
surface features and are capable of zooming up from macroscopic features 
through structures on the order of size covered by light microscopy 
through features finer than resolvable in the light microscope. Good depth 
of field is provided in SEM, and therefore not only features on polished 
and subsequently etched surfaces but also very rough surfaces, as pro-
duced by fracture, can be evaluated (Ref 1.3).

As will be noted in the next section of this Chapter, steels are composed 
of many chemical elements, both beneficial and detrimental, and therefore 
the distribution of these elements in steel microstructures is extremely 
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important. In electron microscopes chemical compositions of selected mi-
crostructural features are determined by high energy electron beam inter-
actions that cause inner shell electrons of the various atoms to be ejected 
with the release of X- ray energies and wavelengths characteristic of the 
atoms (Ref 1.4). In the scanning electron microscope the characteristic 
energy spectra are typically measured by solid state detectors in the pro-
cess referred to as Energy Dispersive Spectroscopy (EDS). In Electron 
Probe Microanalyzers the spectra are resolved with better resolution by 
diffraction of the characteristic Xrays from single crystals in a process 
referred to as Wavelength Dispersive Spectroscopy (WDS) (Ref 1.3).

Auger Electron Spectroscopy. The X- ray spectra generated from the 
atom inner shell electrons in SEM come from volumes relatively deep in 
specimens, distances on the order of one micron from the specimen sur-
faces. However, there are electron instruments that are designed to mea-
sure spectra produced by ejection of more loosely bound outer shell 
electrons, electrons termed Auger electrons (Ref 1.5). These low energy 
electrons come from very close to specimen surfaces, on the order of a 
few nanometers, and therefore Auger Electron Spectroscopy (AES) is ca-
pable of showing thin concentrations of low atomic number elements ex-
posed at fracture surfaces in specimens broken under high vacuum in 
Auger electron microscopes. The latter experimental technique has been 
very important in showing impurity atom segregation on austenitic grain 
boundaries, segregation phenomena that are responsible for various types 
of brittle grain boundary fracture in steels as discussed in Chapter 19, 
“Low Toughness and Embrittlement Phenomena in Steel.”

Transmission Electron Microscopes. The analytical techniques dis-
cussed above all involve examination of specimen surfaces. In contrast, 
Transmission Electron Microscopes (TEM) make possible the evaluation 
of fine microstructural features within volumes of steel specimens made 
thin enough to permit the passage of incident high energy electron beams. 
Images are produced by electron diffraction from the crystal structures of 
the features, and diffraction patterns that identify crystal types and orien-
tation are generated (Ref 1.6). TEM is the only analytical technique that 
makes possible the direct imaging of crystal defects termed dislocations. 
Traditionally thin foil specimens have been made by sectioning of bulk 
specimens and electropolishing. More recently specimens from selected 
small areas have been removed from bulk samples in Focused Ion Beam 
(FIB) instruments that use Liquid Metal Ion Sources (LMIS) of gallium to 
remove and thin specimens for examination in TEM (Ref 1.7). 

Electron Backscatter Diffraction (EBSD). More recently, scanning 
electron microscopes have been developed to characterize variations in 
crystal orientations between microstructural features and substructures in 
steels. The technique used is referred to as Electron Backscatter Dif-
fraction (EBSD) and is based on precise computer indexing of diffraction 
patterns produced by backscattered electrons generated by stepping the 
incident electron beam across specimen surfaces (Ref 1.8). Differences in 
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orientations of areas as close as 50 nm can be measured in new field emis-
sion SEMs. Although EBSD can be applied to thin foil analysis in the 
TEM, specimen preparation for the application of the technique in the 
SEM is not as demanding. 

Atom Probe Tomography (APT). Atom Probe Tomography (APT) is a 
powerful technique now widely used to establish atomic level distributions 
of various types of atoms. Atoms are evaporated from thin needle- shaped 
specimens by pulsed electric fields or lasers, identified by differences in 
time of flight of the atoms based on their atomic weight differences, and 
assigned to locations in three- dimensional, high- magnification reconstruc-
tions of microstructures (Ref 1.9, 1.10)

All of the above analytical techniques and instruments have been de-
scribed very briefly, primarily to indicate the type of information and how 
that information from each technique and instrument is obtained. Each 
technique and the specimen preparation for that technique are based on 
considerable other published theoretical and practical information, as de-
scribed in detail in the listed references.

Integration of Microstructure into the Physical Metallurgy  
of Steel

This book begins by describing the phases or crystals of unique chem-
istry and structure that most commonly form in steels. These phases are 
arranged by processing to produce characteristic microstructures. The mi-
crostructures produced by solidification, and the solid- state transforma-
tions that produce microstructures consisting of ferrite, pearlite, bainite, 
and martensite, are then considered, followed by chapters that describe 
types of steels that are based on the production of the various types of 
microstructures. Properties and performance depend directly on micro-
structure, and therefore, microstructure- property interrelationships are in-
corporated into the descriptions of the various types of steel. Because 
steels are designed primarily for structures or load- bearing applications, 
attention is also paid to atomic- scale strengthening, deformation, and frac-
ture mechanisms in the microstructural systems designed for specific 
applications.

Steels—Definitions

Steels are defined primarily by chemical composition, namely, that they 
are alloys composed of iron and other elements. For the structural and 
heat treatable steels of major interest in this book, carbon is an essential 
alloying element; thus steel may be defined as an alloy of iron and small 
amounts of carbon and other elements. Carbon steels are traditionally 
bracketed in carbon content, from negligible to about 2 wt%. Alloys with-
out carbon are traditionally termed irons, but this boundary is challenged 
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by the ability of modern steelmaking to produce ultra- low carbon or 
interstitial- free steels, with carbon levels in the parts per million. Iron al-
loys containing more than 2 wt% C are called cast irons because of their 
dominant iron content, low melting points, and good castability. However, 
cast irons historically were brittle, a characteristic that differentiated them 
from steels with good combinations of strength and ductility. Again, the 
basis for this historical differentiation is challenged by modern technol-
ogy: good foundry practice produces nodular and austempered ductile 
cast irons with good combinations of strength and toughness.

Carbon steels fall into two groups: plain carbon steels and alloy steels. 
Plain carbon steels, for bar and forging applications, are defined as alloys 
with definite ranges of carbon and a maximum of 1.65 wt% Mn, a maxi-
mum of 0.60 wt% Si, a maximum of 0.60 wt% Cu, and maxima in sulfur 
and phosphorus (Ref 1.11). Immediately, the latter definition shows that 
elements other than iron and carbon are important for the commercial char-
acterization of steel. Alloy steels also have definite ranges of carbon and 
limits on manganese, silicon, copper, phosphorus, and sulfur but may also 
contain definite ranges or minimum quantities of aluminum, chromium, 
cobalt, niobium, molybdenum, nickel, titanium, tungsten, vanadium, zirco-
nium, or any other element added to obtain a desired alloying effect (Ref 
1.11). The maximum values of the ranges for the various alloying elements 
more accurately describe the alloy steels as low- alloy steels. Important 
alloy systems covered in this book in addition to carbon and alloy steels are 
the stainless steels and tool steels, each much more heavily alloyed than 
carbon or alloy steels described previously. The ranges of chemical com-
position for stainless and tool steels are described in later chapters.

The preceding discussion shows the great importance of defining steels 
by their chemistry and makes the tacit assumption that the chemistry of a 
steel component is uniform throughout the component. While the latter 
assumption may be true in the liquid state, in the solid state, alloying and 
residual elements are distributed non- uniformly throughout the micro-
structure. Solid steels consist of crystals of iron, ferrite, and/or austenite as 
described in Chapter 3, “Phases and Structures,” and crystals of other ele-
ments incorporated into the matrix of iron crystals to produce unique mi-
crostructures. Thus, another view of steels is that they are alloys that 
consist of crystals of iron and other elements. Non- uniformity in micro-
structure may be a result of solidification or diffusion- controlled solid- 
state phase transformations, as described in subsequent chapters. All of 
the many chemical elements present in liquid steels produced by steel-
making are incorporated somewhere into the crystalline solid microstruc-
ture, sometimes by design for beneficial purposes, sometimes causing 
detrimental effects on performance and fracture. The beneficial effects are 
attributed to alloying elements (for example, the carbon, manganese, and 
silicon in carbon steels), and the detrimental effects in carbon steels are 
attributed to residual or impurity elements (for example, sulfur, phospho-
rus, and copper), depending on amount and distribution.
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Steel Specifications

A widely used system for designating carbon and alloy steel grades has 
been developed by the American Iron and Steel Institute (AISI) and the 
Society of Automotive Engineers (SAE). Because AISI does not write 
specifications, currently only SAE designations are used (Ref 1.12). The 
SAE system consists of a four- digit AISI/SAE numbering system for  
the various chemical grades of carbon and alloy steels. The first two digits 
specify the major alloying elements, and if none are present, as for plain 
carbon steels, the first two digits are 10. The second two digits specify 
nominal carbon contents in hundredths of a percent. Table 1.1 presents the 
SAE system for carbon and alloy steels.

Much more information about the chemistry, processing, properties, 
and quality of the various grades of steel is necessary than just the nomi-
nal compositions listed in Table 1.1. For example, because exact amounts 

Table 1.1 SAE-AISI designations and alloying elements in carbon and low-alloy 
carbon steels

Numerals 

and digits

Type of steel and nominal 

alloy content, %

Numerals 

and digits

Type of steel and nominal 

alloy content, %

Numerals

and digits

Type of steel and 

nominal alloy content, %

(a) The xx in the last two digits of these designations indicates that the carbon content (in hundredths of a percent) is to be inserted. 
Source: Ref 1.13

Carbon steels

10xx(a)

11xx

12xx

15xx

Plain carbon (Mn 1.00 
max)

Resulfurized 
Resulfurized and 

rephosphorized
Plain carbon (max Mn 

range: 1.00–1.65)

Manganese steels

13xx Mn 1.75

Nickel steels

23xx

25xx

Ni 3.50
Ni 5.00

Nickel-chromium steels

31xx

32xx

33xx

34xx

Ni 1.25; Cr 0.65 and 
0.80

Ni 1.75; Cr 1.07
Ni 3.50; Cr 1.50 and 

1.57
Ni 3.00; Cr 0.77

Molybdenum steels

40xx

44xx

Mo 0.20 and 0.25
Mo 0.40 and 0.52

Chromium-molybdenum steels

41xx Cr 0.50, 0.80, and 
0.95; Mo 0.12, 0.20, 
0.25, and 0.30

Nickel-chromium-molybdenum 

steels

43xx

43BV.xx

47xx

81xx

86xx

87xx

88xx

93xx

94xx

97xx

98xx

Ni 1.82; Cr 0.50 and 
0.80; Mo 0.25

Ni 1.82; Cr 0.50; Mo 
0.12 and 0.25; V 
0.03 min

Ni 1.05; Cr 0.45; Mo 
0.20 and 0.35

Ni 0.30; Cr 0.40; Mo 
0.12

Ni 0.55; Cr 0.50; Mo 
0.20

Ni 0.55; Cr 0.50; Mo 
0.25

Ni 0.55; Cr 0.50; Mo 
0.35

Ni 3.25; Cr 1.20; Mo 
0.12

Ni 0.45; Cr 0.40; Mo 
0.12

Ni 0.55; Cr 0.20; Mo 
0.20

Ni 1.00; Cr 0.80; Mo 
0.25

Nickel-molybdenum steels

46xx

48xx

Ni 0.85 and 1.82; Mo 
0.20 and 0.25

Ni 3.50; Mo 0.25

Chromium steels

50xx

51xx

Cr 0.27, 0.40, 0.50, and 
0.65

Cr 0.80, 0.87, 0.92, 
0.95, 1.00, and 1.05

Chromium (bearing) steels

50xx
51xx
52xxx

Cr ∆0.50 
Cr 1.02 }C 1.00 min
Cr 1.45

Chromium-vanadium steels

61xx Cr 0.60, 0.80, and 
0.95; V 0.10 and 
0.15 min

Tungsten-chromium steel

72xx W 1.75; Cr 0.75

Silicon-manganese steels

92xx Si 1.40 and 2.00; Mn 
0.65, 0.82, and 0.85; 
Cr 0 and 0.65

High-strength low-alloy steels

9xx Various SAE grades

Boron steels

xxBxx B denotes boron steel

Leaded steels

xxLxx L denotes leaded steel
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of elements cannot be produced commercially, acceptable ranges of car-
bon and other elements for a given grade must be specified. Such specifi-
cations are written not only by SAE but also by other organizations that 
represent various user groups of steels. Such organizations and specifica-
tion systems include the American Petroleum Institute (API), the Steel 
Founders Society of America (SFSA), Aerospace Materials Specifications 
(AMS), the American National Standards Institute (ANSI), the American 
Society of Mechanical Engineers (ASME), the American Society for Test-
ing and Materials (ASTM), the American Welding Society (AWS), and 
Military Specification (MIL) (Ref 1.12, 114). Many countries throughout 
the world have their own unique specification organizations and designa-
tion systems (Ref. 1.15).

There is considerable overlap, as well as differences, among the steels 
in the specifications written by various organizations, not only in the 
United States but also in Europe and Asia. As a result, the Unified Num-
bering System (UNS) has been developed to cross reference various num-
bering systems used to identify similar grades of steel. The UNS system is 
alphanumeric, with the prefix letter describing classes of alloys, and the 
digits may incorporate SAE digits and other alloy characteristics. Table 
1.2 lists UNS designations for ferrous metals and alloys. Cross- references 
for American and international specifications for similar grades of steel 
are available in references 1.12 to 1.16.
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Wxxxxx Welding filler metals, covered and tubular electrodes classified by weld deposit composition

Source: Ref 1.14.
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CHAPTER 2

History and Primary 
Steel Processing

STEEL, a workable, strong combination of iron and carbon, as noted in 
Chapter 1, “Introduction: Purpose of Text, Microstructure and Analysis, 
Steel Definitions and Specifications,” started to replace bronze, the first 
technologically important metal, around 1200 b.c. (Ref 2.1, 2.2). Although 
iron was known and used for several millennia prior to that time, the pro-
duction of steel required first the making of iron from its ores, followed by 
the addition of carbon to make steel. Finally, to demonstrate that in fact 
steel had been produced, quenching from a temperature high enough to 
produce hardness greater than attainable in iron, which is not hardenable, 
was required. Maddin (Ref 2.1) published a photograph of a miner’s pick 
from northern Galilee, dated from the thirteenth to twelfth century b.c., 
that was shown to consist of martensite, a microstructure that is now well 
established as that of hardened medium-  and high- carbon steels.

The early production of iron from its ores was difficult because the 
temperatures required for liquid iron and steel production were unattain-
able. Therefore, iron oxide ores were reduced with charcoal by solid- state 
smelting that produced iron with low- carbon content and high densities of 
entrapped slag inclusions. The inclusions were then fragmented, dis-
persed, and removed by heavy hammering or forging to produce wrought 
iron. In an early process in India, about 350 b.c., carbon was added to 
wrought iron to produce wootz steel by carburizing in crucibles with char-
coal or rice husks (Ref 2.1, 2.2). Similar processing in crucibles to pro-
duce small batches of steel for weapons and tools continued well into the 
nineteenth century. In Europe, carburized wrought iron was referred to as 
blister steel because of the appearance of blisters or scale on the steel sur-
faces. Short lengths of blister steel were sometimes stacked, forged, and 
welded to produce the product referred to as shear steel (Ref 2.3).
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Despite the difficulties in producing even small batches of steel for al-
most two millennia, early steelmakers and smiths within this period pro-
duced remarkable steel objects. In particular, Damascus and Japanese 
swords not only had sharp cutting edges, high hardness and strength, and 
good fracture resistance or toughness but also were objects of great beauty. 
Damascus swords, first crafted around 500 a.d., were forged from small 
blocks of high- carbon wootz steel (Ref 2.2, 2.4–2.7). The beautiful dark 
and white patterns that decorate the blades of the swords were the results 
of a banded microstructure. Recent scholarship has shown that the unique 
appearance of the swords is due to bands of fine, dispersed alloy carbides, 
which on etching appear white, and alternating bands of pearlite, with its 
fine- scale lamellar structure of alternating crystals of ferrite and cement-
ite, which on etching appear dark. The microstructures that produce the 
white and dark patterns are attributed to chemical variations produced by 
solidification and banding in the wootz steel (Ref 2.6, 2.7). Japanese 
swords of great utility and beauty were produced by layer welding of 
high-  and low- carbon steels in multiple forging steps, a process well docu-
mented in the period 900 to 1000 a.d., when sword makers began to in-
scribe their names on blades (Ref 2.8).

Eventually, blast furnaces that produced cast iron in large quantities 
for intensive industrial development in the eighteenth and early nine-
teenth centuries were developed (Ref 2.9–2.11). Iron ore was converted 
by reduction with blasts of air, charcoal, and limestone to produce cast 
iron in small ingots, resembling pigs, thus giving the product the name 
pig iron. The high- carbon content of cast iron lowered the melting tem-
peratures of iron and made it readily liquid and castable. High graphite or 
carbide contents in solidified microstructures, together with high silicon 
and phosphorous contents, made cast iron too brittle to be workable. Cast 
irons were also brittle under tensile loads but provided excellent service 
under compressive loads. A beautiful example of the structural use of 
cast iron, where the components were designed for compressive loading, 
is the iron bridge built over the Severn River by Abraham Darby III, 
1778 to 1780, at Coalbrookdale, England (Fig. 2.1) (Ref 2.12). Although 
it was soon shown to be inferior to steels, prior to the mid- nineteenth 
century all iron- based structures, and especially rail, were made from 
cast iron.

The preceding discussion shows that the bracketing of the carbon con-
tent that defined steels, from a negligible amount to about 2.0 wt% (as 
noted in Chapter 1, “Introduction: Purpose of Text, Microstructure and 
Analysis, Steel Definitions and Specifications,”), was due to processing 
limitations and the inability to achieve the high temperatures necessary for 
the direct production of liquid steel. This scenario changed dramatically in 
the second half of the nineteenth century when modern, high- volume liq-
uid steelmaking replaced the earlier steel production methods. In 1856, 
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Bessemer patented a process in which hot air was blown through molten 
pig iron to reduce carbon and silicon content; in 1858, Siemens first suc-
cessfully operated an open hearth furnace in which solid or liquid pig iron 
and scrap were melted with combusted producer gas. In later modifica-
tions, the oxygen for the conversion of the pig iron to liquid steel was 
provided by iron ore. Excellent, detailed accounts of the historical devel-
opment and use of the Bessemer and Siemens steelmaking processes are 
provided in Ref 2.10 and 2.11.

The key factor in the production of steel by the Bessemer and Siemens 
processes, as in all subsequent steelmaking processes, is the oxidation and 
removal of carbon and other elements such as the high contents of silicon, 
manganese, and phosphorus in pig iron (hot metal) and scrap charges to 
produce liquid steel of the proper composition. Carbon is removed as CO 
gas, and oxides of the other elements are separated into molten slag fluxed 
with CaO. For the oxidized liquid steel to be castable and of high quality, 
it must be deoxidized as a final processing step. Additions of ferromanga-
nese, ferrosilicon, silicomanganese, and aluminum are used as deoxidants, 
with aluminum being the most powerful deoxidant and producing the low-
est levels of residual oxygen, 2 to 4 ppm, in solid steel. The fundamentals 
and thermodynamics of steelmaking are described in detail by Turkdogan 
(Ref 2.13).

The Bessemer and Siemens processes satisfied the ever- increasing de-
mands for steel for a century. Steel rails (much better than cast iron rails), 

Fig. 2.1  The iron bridge at Coalbrookdale, England, built in 1778–1780.



12 / Steels—Processing, Structure, and Performance, Second Edition

the beams required for buildings and bridges, and the steel for machines 
and vehicles were all produced by those steelmaking processes. Concomi-
tant with the growth and improvements of these steelmaking processes in 
the latter half of the nineteenth century was the exciting development and 
application of the analytical techniques that were important to the other 
parts of the physical metallurgy equation: techniques that made possible 
the characterization of structure and properties.

The Early Metallographers— 
Naming of Phases and Microstructures in Steels

The application of light microscopes to the examination of polished and 
etched sections of irons and steels created the field of metallography that 
made possible the characterization of microstructure. Cyril Stanley Smith 
(Ref 2.14) describes the efforts that led to the remarkable discoveries of 
the early metallographers, including Henry Clifton Sorby (1826–1908) of 
England, Dimitri Tschernoff (1839–1921) of Russia, J.A. Brinnell (1849–
1925) of Sweden, Adolf Martens (1850–1914) of Germany, Floris Os-
mond (1849–1912) of France, and Henry Marion Howe (1848–1922) and 
Albert Sauveur (1863–1939) of the United States. This list includes only 
a small number of the pioneers deeply involved in understanding steel but 
demonstrates the great international effort of the period. Out of their care-
ful metallographic observations and thermal analyses came the science of 
the complex metallurgy of steel, which was dependent not only on room- 
temperature observations but also on high- temperature crystal structure 
changes. There were misinterpretations and arguments, as documented by 
Smith, but eventually the scientific framework of steel structure was 
established.

The need for correlations between microstructures and properties pro-
duced by variations in steel chemistry and heat treatment drove the paral-
lel development of standardized testing techniques. A few of the early 
tests are used to this day, including Brinnell hardness testing, V- notch im-
pact testing by George Augustin Albert Charpy (1865–1945), tensile test-
ing by Tinius Olson (1845–1932) and end- quench hardenability testing by 
Walter E. Jominy (1893–1976)

An important result of the early metallographers was the naming of the 
phases and multiphase microstructures found in steels (Ref 2.14). Howe, 
1888, suggested the names ferrite, cementite, and pearlite for the phases 
and structures found in slowly cooled steels, and Osmond, in 1895, sug-
gested martensite in honor of Martens for the structure found in quenched 
and hardened steels. In 1901, Osmond suggested austenite in honor of 
William Roberts- Austen for the high- temperature crystal structure of 
steel. These names for the various phases and microstructures have been 
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accepted and are used to this day. In 1934, a unique microstructure of fer-
rite and cementite was named “bainite” in honor of Edgar C. Bain by his 
colleagues at the United States Steel Corporation. Although bainite is ge-
nerically described as a microstructure consisting of ferrite and non- 
lamellar carbides, and martensite is defined as the result of a diffusionless 
shear transformation, differences in morphologies produced as a function 
of composition and transformation temperature required further terms: 
upper and lower bainite, and lath and plate martensite. These phases and 
microstructures are described in detail in later chapters of this book. The 
terms sorbite and troostite were used for fine forms of pearlite or tempered 
martensite but are no longer used today.

Good reviews of the early history of the physical metallurgy of steels, 
the naming of the phases and microstructures, and the early investigators 
involved in that effort, in addition to the review by Smith (Ref 2.14), have 
been written by Noel Kennon (Ref 2.15), John Stubbles (Ref 2.16), and 
Robert Hackenberg (Ref 2.17).

Current Steelmaking

New steelmaking processes introduced in the second half of the twenti-
eth century have made the early steelmaking processes obsolete. In 1952, 
in the Austrian steel plants of Linz and Donawitz, oxygen–instead of the 
air used in Bessemer converters—was introduced by immersion of lances 
in charges of hot metal and scrap. This steelmaking process and further 
modifications of oxygen steelmaking are referred to as the LD process or, 
in the United States, as the basic oxygen furnace (BOF) process (Ref 
2.13). The BOF process requires blast furnaces to provide hot metal, and 
blast furnaces in turn require plants to provide the coke necessary for blast 
furnace operation.

Electric arc furnace (EAF) steelmaking does not require coke or hot 
metal and relies solely on scrap steel charges. As a result of such in-
creased efficiency, EAF steelmaking is now almost exclusively used to 
produce the blooms and billets that are hot rolled to bar for rods, wire, 
and forgings. The EAF is now used mainly to melt scrap, and the result-
ing molten steel is refined in separate ladles in processing referred to as 
secondary, or ladle steelmaking (Ref 2.10, 2.18). Ladle metallurgy may 
involve many steps, including stirring by argon gas bubbling to homoge-
nize temperature and composition, addition of alloying elements, injec-
tion of calcium silicide or lime for desulfurization and inclusion shape 
control, deoxidation, and vacuum degassing to remove hydrogen that 
causes embrittlement in later stages of processing or application. Thus, 
even though the source of the EAF steel is scrap of varying composition 
and purity, very high- quality steel is produced by EAF melting and ladle 
steelmaking.
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Concurrent with the development of BOF and EAF steelmaking in the 
latter part of the twentieth century was the use of continuous casting. Fig-
ure 2.2 schematically compares ingot casting to continuous casting and 
shows the great efficiencies that are accomplished by the use of the latter 
(Ref 2.19). Slabs for subsequent rolling to flat- rolled sheet and plate prod-
ucts, and blooms and billets for subsequent rolling to long products such 
as bar and rod, are directly produced by continuous casting without rough-
ing or primary hot rolling. Reductions in continuously- cast section size 
continue to this day. In 1989, the Nucor Steel Company commissioned the 
first thin- slab casting mill in Crawfordsville, Ind., and at the time of this 
writing, continuous casting to thin strip is under intensive development. 
Figure 2.3 shows schematically the dramatic reductions in hot work re-
quired with continuous casting of smaller and smaller sections (Ref 2.19). 
Ref 2.20 presents a recent review of the development of strip casting, the 
newest addition to steelmaking technology. These developments and the 
turbulent economic times that drove the changes in steel production in the 
second half of the twentieth century are described by John Stubbles (Ref 
2.19).

The preceding discussion briefly reviews the history of steelmaking and 
the changes in primary steelmaking that led to the production of modern 
steels. The effects of primary steelmaking on the microstructures of fin-
ished steels, namely inclusion incorporation and interdendritic segrega-
tion, are discussed in a later chapter.

Fig. 2.2  Comparison of ingot and continuous casting of steel. Source: Ref 
2.19
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CHAPTER 3

Phases and Structures

STEEL CAN BE processed to produce a great variety of microstruc-
tures and properties. Desired results are accomplished by heating in tem-
perature ranges where a phase or combination of phases is stable (thus 
producing changes in the microstructure or distribution of stable phases) 
and/or heating or cooling between temperature ranges in which different 
phases are stable (thus producing beneficial phase transformations). The 
iron- carbon equilibrium phase diagram is the foundation on which all  
heat treatment of steel is based. This diagram defines the temperature- 
composition regions where the various phases in steel are stable, as well 
as the equilibrium boundaries between phase fields. This chapter describes 
the iron- carbon diagram, its modification by alloying elements, and the 
chemistry and crystallography of the phases found in iron- carbon alloys 
and steels. Also briefly discussed are the crystal imperfections termed dis-

locations, important to the deformation of steels, and diffusion, the mech-
anism by which atoms move in solid steel to produce changes in their 
distribution in steel microstructures.

The Iron- Carbon Equilibrium Diagram

The iron- carbon (Fe- C) diagram is a map that can be used to chart the 
proper sequence of operations for thermomechanical and thermal treat-
ments of a given steel. The iron- carbon diagram should be considered only 
a guide, however, because most steels contain other elements that modify 
the positions of the phase boundaries. The effects of alloying elements on 
the phase relations shown in the iron- carbon diagram are described later in 
this chapter. Use of the iron- carbon diagram is further limited because 
some heat treatments are specifically intended to produce non- equilibrium 
structures, whereas others barely approach equilibrium. Nevertheless, 
knowledge of the changes that take place in a steel as equilibrium is ap-
proached in a given phase field, or of those that result from phase transfor-
mations, provides the scientific basis for the heat treatment of steels.
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Figure 3.1 shows the Fe- C equilibrium diagram for carbon contents up 
to 7%. As noted in Chapter 1, “Introduction: Purpose of Text, Microstruc-
ture and Analysis, Steel Definitions, and Specifications,” steels are alloys 
of iron, carbon, and other elements that contain less than 2% carbon—
most frequently, 1% or less. Therefore, the portion of the diagram below 
2% carbon is of primary interest for steel heat treatment. As noted also in 
Chapter 1, alloys containing more than 2% carbon are classified as cast 
irons. Actually, two diagrams are shown in Fig. 3.1: the blue lines show 
the equilibrium between Fe3C and the several phases of iron, whereas the 
black lines show the equilibrium between graphite and the other phases. 
Graphite is a more stable form of carbon than Fe3C and, given very long 
periods of time, Fe3C will decompose to graphite. Graphitization is rare  
in steels and requires alloying to promote graphite formation. For exam-
ple, carbon and silicon contents are increased in O6 oil hardening and A10 
air hardening tool steels in order to promote graphite formation for im-
proved machinability (Ref 3.2), and boron nitrides have been found to be 
effective in nucleating graphite in a medium- carbon steel containing 
0.53% C (Ref 3.3).

In view of the difficulty in forming graphite in steels, the Fe- Fe3C dia-
gram is the more pertinent for understanding the processing and heat treat-
ment of steel. In cast irons, high carbon content and the usual high silicon 
additions promote graphite formation, and accordingly, cast iron technol-
ogy is based much more on the Fe- graphite diagram.

The diagram in Fig. 3.1 is strictly valid only at a pressure of 1 atm. At 
very high pressures, the boundaries shift and new phases appear. For ex-
ample, in pure iron a close- packed hexagonal crystal form of iron, epsilon 
iron, has been produced at high pressures (Ref 3.4). The triple point in 
pure iron between alpha iron, gamma iron, and epsilon iron occurs at 
770K and 110 kbars (11 GPa).

Compositions of the Fe- C alloys and phases represented by the Fe- C 
diagram are conventionally given in weight or mass percent. The percent 
symbol (%), unless otherwise identified, is understood to represent weight 
percent, a convention that is followed in this text. Sometimes it is useful 
to determine compositions in atomic percent. Conversion from weight 
percent to atomic percent carbon in an Fe- C alloy is accomplished by the 
following equations:

at % C = C atoms
C atoms Fe atoms

.
+

×100 (Eq. 3.1)

or

at % C =

wt% C
at wt C

wt% C
at wt C

wt% Fe
at wt Fe

. .

. .
+

×100 (Eq. 3.2)
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Fig. 3.1  The Fe-C equilibrium diagram up to 7% carbon. Blue lines indicate Fe-Fe3C diagram; black lines indi-
cate Fe-graphite diagram. The heat colors on the chart are appropriate reproductions of colors observed 
on a bar of steel as seen through a furnace peephole. They should be viewed under average fluorescent 
room lighting conditions ~500 lux. Source: Ref 3.1
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Application of this calculation to an Fe- 0.4C alloy shows that 0.4% C is 
equivalent to 1.8 at.% C, a reflection of the much lighter atomic weight of 
carbon (12) compared with that of iron (56). Conversion to atomic percent 
for steels containing elements other than iron and carbon requires an ad-
ditional term in the denominator of Eq 3.1 or Eq 3.2 for each of the other 
elements present.

The art and science of steel processing is based on the existence of the 
austenite phase field in the Fe- C system. Controlled transformation of aus-
tenite to other phases on cooling is responsible for the great variety of 
microstructures and properties attainable by heat treatment of steels. Hot 
working of heavy sections into useful shapes and sizes by rolling or forg-
ing is also accomplished at temperatures where austenite is the stable 
phase.

Iron is an allotropic element: at atmospheric pressure, it may exist in 
more than one crystal form depending on the temperature. Alpha iron (fer-
rite) exists up to 912 °C (1675 °F); gamma iron (austenite) exists between 
912 and 1394 °C (1675 and 2540 °F); and delta iron (delta ferrite) exists 
from 1394 °C to the melting point of pure iron, 1538 °C (2800 °F). The 
temperature ranges in which the various crystal forms of iron are stable 
make up the left vertical boundary (the pure iron end) of the Fe- C phase 
diagram shown in Fig. 3.1.

The three horizontal blue lines in the iron- carbon diagram represent 
three invariant three phase equilibria, i.e., equilibria where the composi-
tions of the three phases and the temperature at which the three phases 
coexist under equilibrium conditions at constant pressure are invariant 
and fixed in the two- component iron- carbon system. These three- phase 
equilibria, assuming Fe3C as the stable high- carbon phase, are character-
ized as follows:

• At 1495 °C (2725 °F): δ- ferrite + Liquid = γ- iron (austenite), a peritec-

tic reaction, defined on cooling as a solid phase combining with liquid 
phase to form a single solid phase.

• At 1148 °C (2100 °F): Liquid = Fe3C + γ- iron, a eutectic reaction, de-
fined on cooling as a liquid phase forming two solid phases. 

• At 727 °C (1335 °F): γ- iron = α ferrite + Fe3C, a eutectoid reaction, 
defined on cooling as a solid phase forming two other solid phases.

With the addition of other alloying components to the iron- carbon system, 
under equilibrium conditions, the compositions of the three phases can 
vary and can coexist over a range of temperatures. Under non- equilibrium 
conditions, when the various phases do not have sufficient time to form by 
diffusion- controlled mechanisms, the reactions proceed over a range of 
temperatures. The reactions, as written, on cooling go to the right, and on 
heating go to the left. 
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Crystal Structures of Iron

The crystal structure of ferrite is characterized by the unit cell shown in 
Fig. 3.2. Ferrite belongs to the cubic crystal system—all three axes of the 
unit cell are of the same length a and are mutually perpendicular. The 
space lattice of ferrite is body- centered cubic (bcc). There are a total of 
two atoms per unit cell: the body- centered atom with coordinates a/2, a/2, 
a/2, and the atom at the origin of the unit cell with coordinates 0, 0, 0. The 
latter atom represents all the equivalent corner atoms of the unit cell, each 
of which is shared by eight unit cells that come together at a corner. The 
one- eighth atom per corner times the eight corners of the unit cell there-
fore accounts for one of the two atoms in a bcc unit cell.

The lattice parameter of alpha iron at room temperature is 0.286 nm 
(2.86 Å) (Ref 3.5). The body diagonals of the unit cell, corresponding to 
the <111> directions, are the directions in which the iron atoms are in 
contact in the bcc structure. Figure 3.2 shows that the body- centered atom 
has eight nearest neighbor atoms at a center- to- center distance of one- half 
a body diagonal, or a√3/2. Crystal structures in which the atoms are 
packed as closely together as possible have 12 nearest neighbor atoms, 
and therefore, the bcc form of iron is a more open or less dense structure 
than the gamma iron structure described subsequently. The difference in 
atomic packing between alpha and gamma is responsible for the volume 
expansion that occurs when the higher- density gamma iron transforms to 
alpha iron on cooling.

The unit cell of gamma iron or austenite is shown in Fig. 3.3. Austenite 
also belongs to the cubic crystal system but has a face- centered cubic (fcc) 
lattice. There are a total of four atoms per unit cell with coordinates 0, 0, 
0; 0, a/2, a/2; a/2, a/2, 0; a/2, 0, a/2, corresponding to a corner atom and 
an atom in the center of each face of the unit cell. Each face atom is shared 

Fig. 3.2  Body-centered cubic (bcc) crystal structure. A2 is structure (Struk- 
turbericht) symbol, and W is prototype metal with bcc structure. 
Ferrite in steel is bcc. Source: Ref 3.1
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by two adjacent unit cells; the six faces of the cubic cell thus contribute 
three atoms. As described previously for the bcc cell, the eight corners 
together contribute only one atom.

The lattice parameter of austenite, about 0.356 nm (3.56 Å), is larger 
than that of ferrite. However, the close- packed structure and the 4 atoms 
per unit cell make the density of austenite greater than that of ferrite. The 
face diagonals, corresponding to <110> directions, are the close- packed 
directions in the fcc structure and establish the center- to- center atom spac-
ing of the 12 nearest neighbor atoms as a√2/2.

Austenite also may be characterized as a structure made up of planes of 
closest atomic packing stacked in a sequence that repeats every three lay-
ers. The orientation of the close- packed {111} planes relative to the unit 
cell may be readily identified because each (111) plane is defined by three 
face diagonals of the unit cell. The close- packed planes in austenite are 
extremely important: the dislocation motion that makes mechanical defor-
mation of austenite possible occurs on {111} planes, and microstructural 
features within grains known as twins have {111} planes as boundaries. 
Twins are characterized by mirror symmetry of atoms across the planes 
separating the twins and the adjacent matrix (Ref 3.6). In austenite, twins 
frequently form as a result of growth accidents in the stacking of {111} 
planes—accidents caused by recrystallization and grain growth during 
heating or annealing in the temperature range where austenite is stable.

Finally, the third phase that may form in pure iron is delta ferrite, a bcc 
structure that is crystallographically identical to that of alpha iron. Delta 
ferrite forms only at temperatures close to the melting point of iron. It is 
generally only of academic interest in the heat treatment of carbon steels 
because it is replaced at lower temperatures by austenite, the usual starting 
structure for commercial heat treatment. However, because delta ferrite is 
the first phase to form during solidification of iron and steel ingots and 
welds, it may be associated with interdendritic segregation patterns or 

Fig. 3.3  Face-centered cubic (fcc) crystal structure. A1 is structure (Struktur-
bericht) symbol, and Cu is prototype metal with fcc structure. Aus-
tenite in steel is fcc. Source: Ref 3.1
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concentration gradients of alloying and/or impurity elements (Ref 3.7). 
Hot working and homogenizing steels in the austenite range generally sig-
nificantly reduce the segregation produced during solidification, and some 
degree of segregation may be tolerated in many applications. Residual 
segregation may produce the microstructural condition referred to as 
banding, as described in Chapter 9, “Primary Processing Effects on Steel 
Microstructure and Properties.” Also, the volume change when delta fer-
rite crystals transform to austenite crystals may produce cracking during 
continuous casting of low- carbon steels in the carbon range 0.08 to 0.14% 
(Ref 3.8).

Effects of Carbon

The addition of carbon to iron produces several important changes in 
the phases and phase equilibria just described. Differences in the ability of 
ferrite and austenite to accommodate carbon result not only in important 
characteristics of the Fe- C diagram but also in the formation of Fe3C. The 
crystal structures of the bcc ferrite and fcc austenite are modified by intro-
ducing carbon atoms into the interstices or interstitial sites between iron 
atoms. Austenite and ferrite in Fe- C alloys and steels are, therefore, inter-
stitial solid solutions.

Carbon is an element that stabilizes austenite and thereby increases the 
range of austenite formation in steels. Figure 3.1 shows that, with the ad-
dition of carbon, the austenite field greatly expands from 912 to 1394 °C 
(1675 to 2540 °F)—the range in pure iron—to a wide range of tempera-
tures and compositions. The maximum solubility of carbon in austenite 
reaches 2.11% at 1148 °C (2100 °F). Ferrite has a much lower ability to 
dissolve carbon than does austenite: the solubility decreases continuously 
from a maximum of only 0.02% at 727 °C (1340 °F). The limited solubil-
ity of carbon in ferrite is emphasized by the very small ferrite field shown 
in Fig. 3.1. An expanded portion of the low- carbon end of the Fe- C dia-
gram showing the temperature- composition range of ferrite and the de-
creasing solubility of carbon in ferrite with decreasing temperature is 
shown in Fig. 3.4. The room temperature solubility of carbon in ferrite is 
almost negligible.

When the solubility limit for carbon in austenite is exceeded, a new 
phase—iron carbide or cementite—forms in iron- carbon alloys and steels. 
Cementite crystals assume many shapes, arrangements, and sizes that to-
gether with ferrite contribute to the great variety of microstructures found 
in steels. The various forms of cementite depend directly on thermal his-
tory or heat treatment. The crystal structures of cementite and of ferrite 
and austenite solid solutions are discussed in the next section, and the as-
sociation and formation of those phases to produce characteristic micro-
structures are discussed in later chapters.
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Crystal Structures in Fe- C Alloys

The major difference between the structures of ferrite and austenite in 
steel and the corresponding phases in pure iron is the introduction of car-
bon atoms. There are two types of interstitial voids that may become sites 
for carbon atoms in bcc and fcc structures. Figures 3.5 and 3.6 show the 
octahedral and tetrahedral voids in the fcc and bcc structures, respectively. 
The two types of voids derive their names from the number of sides of the 
polyhedron formed by the iron atoms that surround a given site. A carbon 
atom has six nearest- neighbor iron atoms if in an octahedral site and four 
if in a tetrahedral site.

The sizes of the different voids vary considerably. In austenite, assum-
ing spherical iron atoms in contact, an octahedral site could accommodate 
an atom 0.052 nm (0.52 Å) in radius, but a tetrahedral site could accom-
modate an atom only 0.028 nm (0.28 Å) in radius (Ref 3.9). Carbon atoms 
have radii of 0.07 nm (0.7 Å), and are therefore more readily accom-

Fig. 3.4  Fe-rich side of Fe-C diagram, showing extent of ferrite phase field 
and decrease of carbon solubility with decreasing temperature. 
Source: Ref 3.1
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modated in the octahedral voids even though some lattice expansion is 
required.

In ferrite the interstitial sites are much smaller, thus explaining the very 
limited solubility of carbon. A tetrahedral site in ferrite could accommo-
date an interstitial atom 0.035 nm (0.35 Å) in radius and an octahedral 
site, an atom only 0.019 nm (0.19 Å) in radius. The octahedral sites in 
ferrite, however, are not symmetrical (see Fig 3.6), and a carbon atom 
would severely displace only the two atoms at a distance of a/2, not those 

Fig. 3.5  (a) Octahedral and (b) tetrahedral interstitial voids in fcc structure. 
Source: Ref 3.9

Fig. 3.6  (a) Octahedral and (b) tetrahedral interstitial voids in bcc structure. 
Source: Ref 3.9
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at a distance of a√2/2. Carbon atoms appear to prefer the octahedral sites 
in ferrite (Ref 3.9) and do produce a severe distortion of the lattice in the 
<100> directions. In ferrite, because of the limited number of carbon 
atoms that can be accommodated, the lattice remains essentially cubic. If 
large numbers of carbon atoms present in austenite are trapped in bcc oc-
tahedral sites by rapid cooling, the cubic structure may actually become 
tetragonal. The latter structure typifies the martensite phase, and its forma-
tion is the object of the very important hardening heat treatments described 
in later chapters.

Cementite, the phase that forms when the solubility of carbon in ferrite 
and austenite is exceeded, is a significantly different phase from the inter-
stitial solid solutions described previously. Cementite is a compound 
with a specific ratio of one carbon atom to three iron atoms and is fre-
quently referred to as Fe3C. Cementite contains 6.67% C and could exist 
alone only in an alloy at that composition, in contrast to ferrite or austen-
ite, which may exist as single phases over a range of alloy carbon 
content.

Cementite is orthorhombic, with lattice parameters a = 0.452 nm (4.52 Å), 
b = 0.509 nm (5.09 Å), and c = 0.674 nm (6.74 Å). Its unit cell contains 
12 iron atoms and 4 carbon atoms. The positions of iron and carbon atoms 
relative to the unit cell axes of cementite (Ref 3.9) are shown in the model 
of Fig 3.7 and the schematic of the unit cell in Fig. 3.8.

Fig. 3.7  Model of cementite structure that forms in steel. Insert is stereogram 
of iron nearest and next-nearest neighbor atoms around a carbon 
atom. Source: Ref 3.9
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The Eutectoid Equilibrium and Effects of  
Alloying Elements

Up to this point, only the binary Fe- C diagram and the crystal structure 
of the phases that form in Fe- C alloys have been described. Steels, how-
ever, contain alloying elements and impurities that may form new phases 
or be incorporated into the crystal structures of austenite, ferrite, and ce-
mentite. Incorporation is usually by replacement of iron atoms if the alloy 
or impurity atoms are roughly the same size as iron atoms, but sometimes 
the atoms go into interstitial sites if they are significantly smaller than 
iron, as is nitrogen. In some cases, if sufficient quantities of alloying ele-
ments are present, solubility limits are exceeded and phases other than 
those already discussed may form. For example, small additions of chro-
mium to Fe- C alloys at 890 °C (1635 °F) maintain the cementite structure, 
M3C (M standing for a combination of chromium and iron atoms); larger 
additions cause the carbide M7C3 to form; and still larger additions pro-
duce the carbide M23C6 (Ref 3.10).

Some of the elements present in steels are austenite stabilizers (manga-
nese and nickel, for instance), some are ferrite stabilizers (silicon, chro-
mium, and niobium), and some are strong carbide formers (titanium, 
niobium, molybdenum, and chromium, if present in sufficient quantity).

Ferrite and austenite stabilizers expand the respective phase fields. 
One measure of the effect of an alloying element on the Fe- C phase dia-
gram is whether the eutectoid temperature (indicated by the horizontal 
line at 727 °C, or 1340 °F, in Fig. 3.1) is raised or lowered by an alloying 
addition.

Fig. 3.8  Orthorhombic crystal structure of cementite. DO11 is the structure 
(Strukturbericht) symbol. Source: Ref 3.1
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Austenite stabilizers lower the eutectoid temperature and thereby ex-
pand the temperature range over which austenite is stable. Figure 3.9 
shows the change in eutectoid temperature with increasing amounts of 
several common alloying elements (Ref 3.11). Figure 3.10 shows a related 
effect of alloying elements on the Fe- C phase diagram: the decrease in 
carbon content of austenite of eutectoid composition. The type of evi-
dence on which Fig. 3.9 and 3.10 are based is shown in Fig. 3.11 for the 
Fe- Cr- C system and for the Fe- Mn- C system in Fig. 3.12. The strong 
ferrite- stabilizing and carbide- forming characteristics of chromium ac-
count for the shrinking austenite phase field in Fig. 3.11. Manganese is an 

Fig. 3.9  Effect of substitutional alloying elements on eutectoid transforma-
tion temperature in steel. Source: Ref 3.11

Fig. 3.10  Effect of substitutional alloying elements on the eutectoid carbon 
content in steel. Source: Ref 3.11
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austenite- stabilizing element and a moderately strong carbide- forming el-
ement, and as a result, it increases austenite stability to lower temperature 
in low- carbon steels and extends the austenite- cementite field in higher- 
carbon steels to lower- carbon contents, as shown in Fig. 3.12.

Fig. 3.11  Effect of chromium content on size of austenite phase field. 
Source: Ref 3.11

Fig. 3.12  Effect of Mn on the size of the austenite phase field. Source: Ref 
3.11
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The changes in the boundaries of the various phase fields as a function 
of composition are captured in experimentally- determined binary and ter-
nary phase diagrams (Ref 3.12–3.14). Thermodynamic calculations have 
also been used to determine ranges of phase stability in ferrous systems 
(Ref 3.15), and a thermochemical database and calculation system for the 
determination of multicomponent phase diagrams has been developed 
(Ref 3.16) and is commercially available (Ref 3.17).

Critical Temperatures

The boundaries between phase fields of the Fe- C diagram shown in Fig 
3.1 identify temperatures for the various phase transformations that may 
occur in Fe- C alloys. For example, if an Fe- 0.5C alloy were heated from 
room temperature at an extremely low rate, some of the ferrite and all of 
the cementite would transform to austenite at 727 °C (1340 °F), and at 
about 860 °C (1580 °F), the last bit of ferrite would be completely trans-
formed to austenite.

The transformation temperatures are often referred to as critical tem-

peratures and are observed by measuring changes in heat transfer or vol-
ume as specimens are heated or cooled. On heating, heat is absorbed and 
specimen contraction occurs as ferrite and cementite are replaced by the 
close- packed structure, austenite. On cooling, heat is evolved and speci-
men expansion occurs as austenite transforms to ferrite and cementite. 
The absorption or release of heat during phase transformation produces a 
change in slope, or arrest, on a continuous plot of specimen temperature 
versus time. The letter A is the symbol for the thermal arrests that identify 
critical temperatures.

There are three critical temperatures of interest in the heat treatment of 
steel: the A1, which corresponds to the boundary between the ferrite- 
cementite field and the fields containing austenite and ferrite or austenite 
and cementite; the A3, which corresponds to the boundary between the 
ferrite- austenite and austenite fields; and the Acm, which corresponds to 
the boundary between the cementite- austenite and the austenite fields. 
These temperatures assume equilibrium conditions—that is, extended pe-
riods of time at temperature or extremely slow rates of heating or cooling. 
Sometimes A1, A3, and Acm are designated as Ae1, Ae3, and Aecm, respec-
tively, the letter e indicating that equilibrium conditions are assumed.

The transformations that occur at A1, A3, and Acm are diffusion- 
controlled. Therefore, the critical temperatures are sensitive to composi-
tion and to heating and cooling rates. Rapid heating allows less time for 
diffusion and tends to increase the critical temperatures above those as-
sociated with equilibrium. Likewise, rapid cooling tends to lower the criti-
cal temperatures. The effect of heating or cooling rate is defined practically 
by a new set of critical temperatures designated Aĉ or Ar̂ (for the arrests 
on heating or cooling, respectively). The terminology was developed by 
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the French metallurgist Osmond (Ref 3.18). Ac stands for arrêt chauffant 

and Ar for arrêt refroidissant. As a result of heating and cooling effects, 
therefore, there are two other sets of critical temperatures: Ac1, Ac3, and 
Accm, and Ar1, Ar3, and Arcm. These sets of critical temperatures are shown 
schematically in Fig. 3.13.

Generally, the critical temperatures for a given steel are determined ex-
perimentally. However, some empirical formulas that show the effects of 
alloying elements on the critical temperatures have been developed by 
regression analysis of large amounts of experimental data. For example 
(Ref 3.19), the following formulas for Ac3 and Ac1 in degrees Celsius 
have been developed:

Ac3 = 910 – 203√C – 15.2Ni + 44.7Si + 104V + 31.5 Mo + 13.1W (Eq 3.3)

Ac1 = 723 – 10.7Mn – 16.9Ni + 29.1Si + 16.9Cr + 290As + 6.38W (Eq 3.4)

These formulas present another way of describing the effect of alloying 
elements on both the Fe- C diagram and the transformation behavior of 
steels. Elements that stabilize austenite lower the Ac3 and Ac1 as evi-

Fig. 3.13  Cooling (Ar), heating (Ac), and equilibrium (A) temperatures in 
Fe-C alloys. Heating and cooling at 0.125 °C/min (0.225 °F/min). 
Source: Ref 3.11
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denced by their negative contributions to the corresponding equation, 
whereas elements that stabilize ferrite or carbide raise the Ac3 and Ac1 and 
make a positive contribution. The effect of alloying elements on the Ac3 
has also been determined by thermodynamic calculations (Ref 3.20).

The Peritectic Equilibrium and Reaction in Steels

The austenite phase field and the changes in microstructure that occur 
on cooling of the austenite provide the basis for the solid state processing 
and heat treatment of steels. Thus characterizing the eutectoid reaction 
and the effect of cooling and alloying on the reaction, as described earlier 
and throughout this book, is a major consideration of solid- state process-
ing and ferrous physical metallurgy. In contrast, delta ferrite formation 
and the peritectic reaction, which occurs during the solidification of liquid 
low- carbon steel, are of vital importance for steelmaking, yet the peritec-
tic reaction has received less attention than the eutectoid reaction. How-
ever, because of increased production of continuously cast low- carbon 
steels and the susceptibility to cracking of these steels, there is significant 
recent interest in characterizing the peritectic reaction (Ref 3.21–3.25).

Figure 3.14 shows an expanded view of the peritectic solidification re-
gion of the iron- carbon diagram (Ref 3.24). The compositions of the delta 
ferrite, austenite, and liquid participating in the peritectic solidification are 
given respectively by Cδ, Cγ, and Cliq. The effects of alloying elements on 

Fig. 3.14  The peritectic equilibrium  in the Iron-Carbon diagram. Source: 
Ref 3.24
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peritectic- phase compositions have been calculated (Ref 3.24, 3.25). 
Some elements, such as Al, V, and Mo, increase the solubility of carbon in 
the δ- ferrite at the peritectic, others such as Mn, Ti, and Nb decrease the 
solubility.

Crystal Imperfections and Slip

The preceding sections have shown that the phases that make up steel 
are crystalline. A very important characteristic of crystals is that they are 
deformable by a process termed slip: parts of a crystal are displaced or slip 
relative to other parts of the crystal along well- defined crystal planes. Fig-
ure 3.15 shows schematically how slip can cause permanent changes in 
the shape of a crystal. Although the results of the slip process make it ap-
pear that displacements have occurred across intact planes of atoms, the 
process is due to atomic scale crystal defects identified as dislocations. 
Dislocations are line defects that thread their way across crystals or grains 
in steel and migrate when applied macroscopic stresses produce critical 
resolved shear stresses on planes that contain the dislocations (Ref 3.26– 
3.29).

Figure 3.16 shows schematically the movement of an edge dislocation 
in a section of a crystal structure where the atoms are regularly aligned 
except at the dislocation. The dislocation moves in response to an applied 
shear stress (arrows). The atomic displacements associated with an edge 
dislocation are represented as the dislocation line at the bottom edge of an 
incomplete atom plane in a crystal, and the magnitude and direction of the 
resulting discontinuity is designated as the Burgers vector. As the disloca-
tion moves across a slip plane, from (a) to (d), the top part of the crystal is 
displaced relative to the bottom part of the crystal. Only the atomic bonds 
immediately around the dislocation are broken, not those on the balance 
of the slip plane. When the dislocation has moved completely across the 
crystal, the top part is displaced relative to the bottom part by one Burgers 
vector of displacement, and the crystal perfection in the displaced crystal 

Fig. 3.15  Schematic of slip bands and associated slip steps on the surface of 
a single crystal. Source: Ref 3.26



34 / Steels—Processing, Structure, and Performance, Second Edition

is restored. In view of the fact that the motion of one dislocation produces 
only a displacement on the order of atomic dimension, large- scale plastic 
deformation of crystalline materials requires the motion of huge numbers 
of dislocations. For example, in heavily deformed polycrystals, disloca-
tion lengths per unit volume may be as high as 1012 cm per cubic cm.

There are two major geometries of discontinuities associated with dis-
locations. One is that associated with edge dislocations, as shown in Fig. 
3.16. The other is that of a screw dislocation, which may be considered to 
be represented as the displacements associated with a spiral staircase 
around a dislocation line at its center. The Burgers vector of an edge dis-
location is perpendicular to the dislocation line, whereas that of a screw 
dislocation is parallel to the dislocation line. Edge dislocations move per-
pendicular to resolved shear stresses, as shown in Fig. 3.16; screw dislo-
cations move parallel to resolved shear stresses. An edge dislocation is 
constrained to move on a single slip plane; a screw dislocation can cross- 
slip from a slip plane in one orientation to a slip plane in another orienta-
tion. The latter characteristic makes possible the sustained dislocation 
motion and multiplication that produce the significant macroscopic 
changes in shape of ductile crystalline materials. While ductility is impor-
tant in forming operations and fracture resistance, high strength is desir-
able in many applications. Increased strength is produced by designing 
into microstructures resistance to dislocation motion; subsequent chapters 
discuss the various strengthening mechanisms that operate in steels.

Slip systems in crystals are defined by combinations of slip planes and 
slip directions of closest atom packing. In austenite, which has an fcc 
crystal structure, the slip planes are the {111} planes and the slip direc-
tions are the face diagonals of the unit cell or the <110> directions. There 
are four orientations of {111} planes in a crystal of austenite, each with 
three <110> directions, making a total of 12 slip systems in austenite. The 
magnitude of the Burgers vector of perfect dislocations in austentite is  

Fig. 3.16  Schematic of the progressive movement of an edge dislocation on 
a slip plane in a single crystal. Source: Ref 3.26
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a√2/2 where a is the lattice parameter of the fcc unit cell. In bcc ferrite, the 
close- packed directions are the body diagonals of the unit cell or <111> 
directions, and the slip planes have been found to be {110}, {112}, and 
{123} planes, all of which contain <111> directions, for a total of 48 slip 
systems. The Burgers vector of dislocations in ferrite is a√3/2.

Dislocations can be directly resolved by high- resolution transmission 
electron microscopy of thin sections. The dislocation lines appear dark 
when oriented relative to the incident electron beam at angles that produce 
electron diffraction from the displaced atom planes in the strain fields of 
dislocations. Some examples of dislocation arrays are shown in later 
chapters.

The preceding discussion notes the importance of dislocations in steel 
but only briefly describes some of the essential features of dislocations. 
More information on the characteristics and other types of dislocations 
can be found in Ref 3.26–3.29.

Diffusion in Steel

Amazingly, atoms can move through solid steel microstructures, a pro-
cess referred to as diffusion. It is diffusion that makes possible the remark-
able changes in microstructure and properties during hot work, all types of 
heat treatment, and even room- temperature aging and embrittlement. 
Atoms move to relieve variations in concentrations due to solidification- 
induced segregation, across grain boundaries during recrystallization and 
grain growth, to dislocation strain fields to relieve lattice strains, and from 
and to phases during diffusion- controlled phase transformations and 
coarsening or dissolution of particles such as carbides. Thus diffusion is 
essential for the time- dependent approach to equilibrium structures with 
minima in free energy. Microstructural changes are described in detail in 
subsequent chapters for many different alloy steel systems and steel prod-
ucts in which control of diffusion is a critical factor in establishing desir-
able microstructures and properties. The theoretical, experimental, and 
mathematical characterization of diffusion is extensive (Ref 3.30, 3.31, 
3.32), and this section is designed only to provide an introduction and to 
provide background to interpret Figure 3.17, a comprehensive set of data 
comparing the diffusivities of the various types of elements found in 
steels. This figure was first published by Professor William Leslie in The 

Physical Metallurgy of Steels (Ref 3.33) and adapted from unpublished 
work by L. S. Darken. 

In steel microstructures there are gradients in the concentrations of 
atoms as a function of distance within grains or at phase transformation 
interfaces, gradients due to segregation or to redistribution of atoms dur-
ing phase transformations. Typically atoms diffuse from regions of high 
concentration, down the concentration gradient, to regions of low concen-
tration. Following McMahon (Ref 3.34), the rate of atom transfer during 
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diffusion is defined as the flux, J, mass per unit area per unit time, and is 
dependent on the existing concentration gradient, dc/dx, mass per unit vol-
ume per distance over which diffusion occurs. The flux and concentration 
gradient are related by the equation known as Fick’s First Law:

J D dc
dx

= (Eq 3.5)

where D is a constant of proportionality (termed the diffusion coefficient) 
between the flux and concentration gradient. Typically D is in units of cm2/
sec, as in Figure 3.17, for dimensions in cm and time in sec. D, as shown 
in Fig. 3.17, is strongly dependent on temperature and atom type. Further 
mathematical analysis of diffusion equations results in an equation:

x = √Dt (Eq 3.6)

that provides an estimate of distances atoms might travel in a given time. 
It is this equation that has been used to provide the times it might take for 
atoms in different groups of elements to travel the distances noted in the 
right- hand columns of Figure 3.17. Figure 3.17 also shows the strong ex-
ponential temperature dependence of different types of atoms according to 
the equation:

D = D0e
–(Q/RT) (Eq 3.7)

Fig. 3.17  Diffusivity of substitutional, interstitial, and hydrogen atoms in 
steel as a function of temperature.  Source: Ref 3.33
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where Q is the activation energy (cal/mole), R the gas constant (2cal/
mole- K), and T the temperature (in degrees Kelvin). Substitutional atoms 
with sizes close to that of iron, such as manganese, chromium, nickel and 
molybendum, diffuse strongly only at high temperatures by mechanisms 
associated with vacant lattice sites in the parent iron crystals or along re-
gions of disorder as at grain boundaries. The small interstitial atoms car-
bon and nitrogen diffuse much more rapidly between iron atoms and even 
at room temperature can diffuse short distances given enough time. Fi-
nally, hydrogen, the smallest atom found in steels, can diffuse large dis-
tances in short times even at room temperature.
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CHAPTER 4

Pearlite, Ferrite, and 
Cementite

CHAPTER 3, “PHASES AND STRUCTURES,” DESCRIBES the 
crystal structures of the phases that form in steels and the Fe- C phase 
 diagram, which defines the temperature- composition ranges over which 
these phases may exist. This chapter shows how various arrangements of 
phases or microstructures are produced by austenite transformation to fer-
rite and cementite. Alloy composition and the rate at which austenite is 
cooled profoundly affect which microstructure forms. The emphasis in 
this chapter is on the microstructures produced by the diffusion- controlled 
transformations that occur in carbon steels during relatively slow cooling 
from the austenite phase field. Eutectoid and proeutectoid microstructures 
are described. 

Eutectoid Transformation

The Fe- C diagram introduced in Chapter 3, provides the basic frame-
work for understanding the phase transformations and microstructures of 
concern in this chapter. Figure 4.1 is an enlarged section of the Fe- C dia-
gram that includes the areas most pertinent to the transformation of aus-
tenite in slowly cooled steels. Consider first the Fe- 0.77C alloy, which 
would be completely austenitic at all temperatures down to the A1 tem-
perature (727 °C, or 1340 °F). If held for a very long period of time at this 
temperature, or cooled very slowly through A1 (that is, under conditions 
approaching equilibrium), the phase diagram shows that the austenite 
must be replaced by a mixture of ferrite and cementite. As noted in Chap-
ter 3, a phase transformation in which one solid phase is replaced by two 
different solid phases is classified as a eutectoid transformation and in the 
Fe- C system may be written in the form:
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Fig. 4.1  Portion of the Fe-C diagram emphasizing regions of proeutectoid ferrite and cementite formation and the eutectoid transformation 
of austenite. Source: Ref 4.1
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γ α0 77 0 02 6 673. . ( . )% C % C e C % C( ) ( ) +
heating

cooling
F (Eq 4.1)

This equation shows that the phases involved in the eutectoid reaction 
have fixed compositions and that the reaction is reversible depending on 
whether heat is removed or added. Ideally, the eutectoid reaction in Fe- C 
alloys occurs isothermally at 727 °C. Equilibrium conditions, however, 
are rarely obtained in actual practice, and the eutectoid reaction may in 
fact occur over a wide range of temperatures below A1.

Structure of Pearlite

The eutectoid transformation in steels produces a unique microstructure 
termed pearlite. Pearlite is made up of alternate closely spaced platelets or 
lamellae of ferrite and cementite as shown in Fig. 4.2, a light micrograph 
of a furnace- cooled specimen of an Fe- 0.75C alloy. Colonies of lamellae 
of various orientations and spacings characterize the microstructure. The 
spacing variations of the cementite lamellae in different areas may be due 
partly to differences in the angles that the lamellae make with the plane of 
polish, and partly to the fact that the pearlite may have formed over a 
range of temperatures. Assuming all the pearlite was formed at about the 
same temperature, and that, therefore, all the lamellae had almost identical 

Fig. 4.2  Pearlite in a furnace-cooled Fe-0.75C alloy. Picral etch. Original 
magnification at 500×. Courtesy of A.R. Marder and A. Benscoter, 
Bethlehem  Steel Corp., Bethlehem, PA
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spacing, those colonies with lamellae perpendicular to the plane of polish 
would show the true spacing or closest spacing of the ferrite and cementite 
lamellae. Those lamellae at angles less than 90° would show a wider spac-
ing. Determination of the true pearlite spacing from metallographically 
prepared specimens where the lamellae form a range of angles with the 
specimen surface requires special quantitative metallographic analyses 
(Ref 4.2, 4.3).

The origin of the term pearlite is related to the regular array of the la-
mellae in the colonies and the fact that etching attacks the ferrite phase 
more severely than the cementite. The raised and regularly spaced ce-
mentite lamellae of the colonies then act as diffraction gratings, and a 
pearl- like luster is produced by diffraction of light of various wavelengths 
from the different colonies.

The amounts of cementite and ferrite in pearlite formed at 727 °C can 
be determined by a calculation based on the lever rule. The lever rule can 
be applied to any two- phase field of a binary phase diagram to determine 
the amounts of the different phases present at a given temperature in a 
given alloy. A horizontal line, referred to as a tie line, represents the lever, 
and the alloy composition its fulcrum. The intersection of the tie line with 
the boundaries of the two- phase field fixes the compositions of the coex-
isting phases, and the amounts of the phases are proportional to the seg-
ments of the tie line between the alloy and the phase compositions. For 
pearlite, assume a tie line immediately below 727 °C that spans the ferrite- 
cementite phase field (see Fig. 4.1). Application of the lever rule calcula-
tion for the Fe- 0.77C alloy, the alloy that transforms entirely to pearlite, 
shows that:

wt% Fe C in pearlite %3
0 77 0 02
6 67 0 02

100 11= −
−

× =. .
. .

(Eq 4.2)

By difference, the weight percent ferrite in pearlite is 89%. Therefore, 
whenever austenite containing 0.77% carbon transforms to pearlite at  
or close to 727 °C, ferrite and cementite form in the fixed weight percent- 
ages as shown previously. The densities of ferrite and cementite, 7.87 and  
7.70 g/cm3, respectively, are so close that the volume percentages of fer-
rite and cementite in pearlite are essentially the same as the weight per-
centages. Therefore, in Fe- C alloys, the amounts of phases calculated by 
the lever rule with compositions by weight should correlate well with the 
amounts of phases revealed in light micrographs. The amounts of phases 
visible in micrographs are related to area percentages, which in turn are 
directly related to their volume percentages if the phases are uniformly 
distributed.

The development of a pearlite colony has been shown to initiate from 
either ferrite or cementite crystals (Ref 4.4, 4.5). Originally, the lamellar 
structure was thought to develop only by sidewise nucleation of separate 
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lamellae; however, branching of a single cementite crystal into parallel 
lamellae with spacing characteristic of a given transformation temperature 
has also been shown to produce the lamellar structure. According to the 
latter mechanism, all of the cementite in a given colony is interconnected, 
and a colony of pearlite may be regarded as two single crystals of ferrite 
and cementite. The latter structure was strikingly revealed in a serial sec-
tioning experiment in which a pearlite colony was repeatedly photo-
graphed as successive layers were removed by polishing in 1 μm steps 
(Ref 4.4). All of the apparently separate cementite lamellae were shown to 
have a common origin. Once a pearlite colony is established by sidewise 
nucleation and/or branching of the ferrite and cementite, the lamellae are 
considered to grow by extension of their edges into the austenite, a pro-
cess frequently referred to as edgewise growth (Ref 4.6).

Pearlite Transformation Kinetics

The preceding section described the lamellar structure of pearlite and 
its formation by a eutectoid reaction at or close to 727 °C (1340 °F). In 
actual practice, however, the formation of pearlite rarely occurs close to 
the A1. Figure 4.3 shows an isothermal transformation diagram for eutec-
toid 1080 steel. Curves for the beginning and end of pearlite formation, 
obtained by cooling from the austenite phase field and holding at various 
temperatures below A1, are shown. The beginning of the transformation 
curve is asymptotic to the A1, thus indicating that pearlite would not form 
at temperatures close to A1 unless the steel were held at temperature for 
extended periods of time. In commercial heat- treating practice, the slow 
rates of cooling that would permit pearlite formation close to the A1 are 
approached only in very heavy sections or by furnace cooling. With in-
creased undercooling below A1, however, the time periods for the begin-
ning and end of pearlite transformation are reduced substantially. At the 
nose of the transformation curve, 540 °C (1005 °F), the lowest tempera-
ture at which pearlite forms in this steel, only seconds are required for 
complete transformation. Below 540 °C, bainite, a non- lamellar micro-
structure of ferrite and cementite, is formed.

A number of factors influence the rate of pearlite formation. Perhaps 
most important is the fact that substantial carbon atom rearrangement 
must take place to accomplish the transformation of austenite (containing 
nominally 0.77% C) to low- carbon ferrite and high- carbon cementite ac-
cording to Eq 4.1. The diffusion of carbon, as characterized by its diffu-
sion coefficient, is temperature- dependent. One equation that has been 
developed (Ref 4.8) to show the temperature dependence of carbon diffu-
sion in austenite is:

D eC
RTγ = −0 12 32 000. , /

(Eq 4.3)
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where DC
g is the average diffusion coefficient (cm2/s) of carbon in austen-

ite, R is the gas constant (1.98 cal/g- mol/K), and T is the absolute tempera-
ture (°C + 273). Equation 4.3 shows that the diffusion coefficient decreases 
exponentially with decreasing temperature, a powerful effect that signifi-
cantly lowers the diffusion coefficient for small decreases in temperature. 
At first glance, the temperature dependence of diffusion appears to contra-
dict the experimentally established fact (see Fig. 4.3) that pearlite forma-
tion is faster at lower temperatures than it is at higher temperatures. This 
apparent anomaly is explained by the reduction of interlamellar spacing as 
the temperature of pearlite transformation decreases. Thus, the distance 
that carbon has to diffuse to distribute itself between the ferrite and ce-
mentite decreases, and despite the fact that diffusion becomes more slug-
gish at lower temperatures, the growth of pearlite colonies accelerates.

The interrelationships between diffusion and the lamellar structure of 
pearlite help to explain how the eutectoid transformation proceeds, but not 
why the transformation occurs. The stability of all phases and microstruc-

Fig. 4.3  Isothermal transformation diagram for 1080 steel containing 0.79% C and 0.76% Mn. Speci-
mens were austenitized at 900 °C (1650 °F) and had an austenite grain size of ASTM No. 6. 
Source: Ref 4.7
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tures in metals and alloys is based on the principle of minimum free en-
ergy. If the free energy of a given microstructure or system is not a 
minimum, then either a phase transformation (for example, the austenite- 
to- pearlite transformation under consideration here) or microstructural 
rearrangement without a phase change (for example, grain growth or par-
ticle coarsening) would occur in order to lower free energy to the mini-
mum possible value.

The free energy (G ) per unit volume of a phase or combination of 
phases is defined in terms of other thermodynamic parameters, enthalpy 
or heat content (H ), the absolute temperature (T ), and entropy (S ) as 
follows:

G = H – TS (Eq 4.4)

Enthalpy is the total energy of a phase (or microstructure composed of 
several phases) per unit volume of that structure. Entropy is a measure of 
the degree of order associated with a given structure at a given temperature. 
It may be influenced by the amplitude of atom vibration, the mixing of sev-
eral component types of atoms and/or vacant lattice sites in a given phase, 
or the degree of order associated with a given solid or liquid structure. The 
TS term, therefore, is a measure of the energy associated with the order of 
a unit volume of a given structure at a given temperature and is especially 
important in establishing phase stability at high temperatures. Equation 4.4 
shows that the difference between the enthalpy and entropy terms defines 
free energy. A rigorous approach to the development of atomistic and clas-
sical thermodynamics is presented in the text by Swalin (Ref 4.9).

A helpful example of the application of the principle of minimum free 
energy in establishing phase stability is the melting of a solid crystal struc-
ture. With increasing temperature, H increases, but TS increases much more 
if the liquid, with its high degree of atomic disorder, replaces the ordered 
crystal structure. Therefore, above the melting point, because of its higher 
entropy, the liquid has the lower free energy and is the stable phase relative 
to the solid. Similar considerations apply to transformations between solid 
phases such as the transformation of austenite to ferrite and cementite.

At the Ae1 temperature in the Fe- C system, the free energy of austenite 
is exactly equal to the free energy of ferrite and cementite and there is no 
incentive for transformation to occur, especially if interfaces or boundar-
ies between the austenite and pearlite must be created. Interfaces accom-
modate structural and chemical discontinuities between phases, and 
therefore make positive contributions to or raise the energy of a system. 
However, with decreasing temperature below Ae1, the free energy of a 
unit volume of a mixture of ferrite and cementite becomes much less than 
that of austenite. This free energy difference is frequently referred to as 
the driving force for transformation and increases with decreasing tem-
perature or undercooling below the Ae1. A larger driving force makes 



46 / Steels—Processing, Structure, and Performance, Second Edition

 possible not only the development of more colonies of pearlite but also a 
finer lamellar spacing within a pearlite colony, structural changes that re-
sult in increased interfacial area of two types. A higher density of pearlite 
colonies results in increased austenite/pearlite interfacial area, and a re-
duced interlamellar spacing results in increased ferrite- cementite interfa-
cial energy within the colonies. The high driving force at low temperatures 
offsets the positive energy contributions due to the various interfaces pro-
duced during the austenite transformation to pearlite.

Many relationships for the change in interlamellar spacing with under-
cooling have been proposed (Ref 4.10), but the one most closely related to 
the above considerations was developed by Zener and Hillert, as presented 
in the following equation:

S
T

H T
=
4

3
σ α/Fe C E

V∆ ∆
(Eq 4.5)

where S is the interlamellar spacing defined by the combined width of  
the α and Fe3C lamellae; σα/Fe3C is the interfacial energy per unit area of  
α/Fe3C boundary; TE is the equilibrium temperature in degrees Kelvin 
(Ae1 in the case of Fe- C alloys and steels); ΔHV is the change in enthalpy 
per unit volume between austenite and the mixture of ferrite and cement-
ite; and ΔT is the undercooling below Ae1. Figure 4.4 shows a set of mea-

Fig. 4.4  Average true interlamellar spacings of pearlite, So, as a function of un-
dercooling below Ae1 for various steels as indicated. Source: Ref 4.2
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surements illustrating the decrease in pearlite spacing with increasing 
undercooling for a variety of steels.

The isothermal transformation kinetics of the eutectoid transformation, 
i.e., the progress of pearlite formation as a function of time at a constant 
temperature, are based on the nucleation and growth rates of pearlite colo-
nies. Figure 4.5 shows circular cross sections of pearlite colonies in an 
Fe- C alloy of eutectoid composition that has been partially transformed to 
pearlite. A number of colonies of pearlite have been nucleated and are in 
the process of growing into the austenite at the reaction temperature. In 
contrast to the pearlite shown in Fig. 4.2, the individual lamellae are too 
closely spaced to be resolved at the magnification of the micrograph, and 
the pearlite colonies have a dark appearance. The balance of the micro-
structure is white- etching martensite, formed in any untransformed aus-
tenite when it was quenched from the reaction temperature. Martensite 
and its formation are described in Chapter 5, “Martensite.”

Johnson and Mehl (Ref 4.11), assuming that the pearlite colonies are 
spherical and randomly nucleated as a function of time, developed the fol-
lowing equation for isothermal pearlite formation:

f t NG t( ) ]/= − −1 33 4exp[ π (Eq 4.6)

where f (t) is the volume fraction of pearlite formed at any time t at a given 
temperature, N is the nucleation rate of the colonies, and G is the rate at 

Fig. 4.5  Cross sections of spherical colonies of pearlite (dark) in eutectoid 
steel. Remainder of microstructure is martensite formed in austenite

not transformed to pearlite at the reaction temperature. Original magnification at 
250×. Courtesy of A.R. Marder and B. Bramfitt, Bethlehem Steel Corp., Bethle-
hem, PA



48 / Steels—Processing, Structure, and Performance, Second Edition

which the colonies grow into the austenite. The Johnson- Mehl equation 
describes mathematically the rate at which austenite is converted to a 
pearlitic microstructure by the nucleation and growth of pearlite colonies. 
At any given temperature, f (t) versus time fits an S- shaped or sigmoidal 
curve, as shown in Fig. 4.6. The initial transformation rate is quite low and 
is associated with what is referred to as an incubation period, the time 
during which the first stable nuclei develop. As more and more nuclei 
develop and are in various stages of growth, the rate of transformation 
increases. Finally, the colonies impinge and the rate of transformation 
again slows as the microstructure gradually approaches complete transfor-
mation. The elapsed time periods needed to initiate and complete the 
pearlite transformation are directly related to the beginning and end of 
transformation curves in isothermal transformation diagrams shown sche-
matically in Fig. 4.7. The exact beginning and end of pearlite formation at 
any given temperature is of course dependent on the sensitivity of the 
experimental techniques used to follow the transformation, but generally 
the accuracy is on the order of 1%. Therefore, the beginning and end of 
the transformation curves in Fig. 4.7 correspond to 1% and 99% transfor-
mation, respectively.

The shape of the isothermal transformation curve for eutectoid steel 
(Fig. 4.3) is explained by the temperature dependence of the nucleation 
and growth rates of the pearlite colonies. Figure 4.8 shows that both N and 
G in a 0.78% carbon steel increase with decreasing transformation tem-
perature, thus, according to the Johnson- Mehl equation, accelerating the 
eutectoid transformation at lower temperatures. As discussed earlier, the 
greater driving force associated with increased undercooling produces 
more nuclei and smaller interlamellar spacing. The latter in turn increases 

Fig. 4.6  Calculated fraction austenite transformed to pearlite as a function of 
time for the parameters shown. Source: Ref 4.2
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the growth rate of the pearlite colonies by effectively reducing the dis-
tance over which carbon must diffuse at the austenite/pearlite interface.

The preceding discussion shows that the Johnson- Mehl equation offers 
a highly effective approach to characterizing the kinetics of pearlite trans-
formation. The assumption that the pearlite colonies nucleate randomly in 
the austenite throughout the course of the transformation is not always 
valid, however. As shown in Fig. 4.5, the pearlite colonies invariably nu-

Fig. 4.7  Relationship of an isothermal reaction curve for (a) pearlite formation 
to (b) the time-temperature-transformation diagram. Source: Ref 4.7

Fig. 4.8  Variation of nucleation and growth rates for pearlite formation as a 
function of temperature in a eutectoid steel. Source: Ref 4.12
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cleate at austenite grain boundaries. Eventually, the grain boundaries be-
come saturated with nuclei, nucleation terminates, and the balance of the 
transformation is accomplished solely by growth of the grain boundary 
nucleated colonies into the austenite (Ref 4.13).

The mechanism of pearlite formation continues to receive theoretical 
and experimental attention. Perhaps the most active considerations in-
volve the way in which carbon and other alloying elements distribute 
themselves between the ferrite and cementite lamellae. Earlier in this 
chapter it was tacitly assumed that the growth of a pearlite colony is de-
pendent on the diffusion of carbon atoms through the austenite ahead of 
the pearlite interface. Such diffusion through a crystal phase is referred to 
as bulk, or volume, diffusion. Another possibility, however, is that the 
carbon diffuses along the advancing interface between the pearlite and the 
austenite (Ref 4.6). Such interface or grain- boundary diffusion occurs 
more rapidly than volume diffusion because of the more irregular or open 
packing of atoms at grain boundaries in comparison to the regular, close 
atom- packing within a grain.

Alloying Elements and Pearlite Formation

Alloying elements have a strong effect on the rate of formation and 
structure of pearlite. Figure 4.9 shows the distribution of alloying element 

Fig. 4.9  Three dimensional atom maps in the cementite and ferrite of pearlite 
in a eutectoid steel transformed for 20 seconds at 500 °C (930 °F). 
Atom Probe Field Ion Micrograph. Source: Ref 4.14
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atoms in the pearlite of a steel containing 0.85% carbon and microalloyed 
with vanadium (Ref 4.14). Manganese, chromium, and vanadium, carbide- 
forming elements, have partitioned to the cementite lamellae and silicon 
and aluminum have partitioned to the intervening ferrite. 

The diffusional redistribution of alloying elements as austenite trans-
forms to pearlite significantly slows the growth rate of pearlite, as shown 
in Fig. 4.10 and 4.11. Puls and Kirkaldy (Ref 4.10) suggest that manga-
nese and nickel do not partition themselves between the ferrite and ce-
mentite and that, therefore, pearlite formation in Fe- C- Mn and Fe- C- Ni 
alloys is dependent primarily on volume diffusion of carbon in austenite. 
Any reduction in the rate of pearlite growth in these systems is due to the 
effect of manganese and nickel on the diffusion of carbon in austenite. 
However, chromium and molybdenum, which are strong carbide- forming 
elements, are considered to partition to the carbide lamellae by interface 
diffusion. In the Fe- C- Cr and Fe- C- Mo systems, then, pearlite growth is 

Fig. 4.10  Pearlite growth rates as a function of temperature for an Fe-0.81C 
alloy and eutectoid steels containing chromium and molybde-
num. Source: Ref 4.10
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retarded because chromium and molybdenum atoms must diffuse, a pro-
cess that is much more sluggish than the diffusion of carbon because of 
the much larger size of the alloying element atoms compared to carbon 
atoms. A hot stage microscope study of the effects of alloying elements on 
pearlite formation in eutectoid steels ranked molybdenum, followed by Si, 
Ni, Co, and Mn in the order of decreasing effectiveness in suppressing the 
pearlite reaction (Ref 4.15).

In view of the above studies, and many more in the literature, all alloy-
ing elements slow in one way or another the diffusion- controlled growth 
of pearlite, an effect that is extremely valuable when martensitic micro-
structures, instead of those produced by diffusion, are the desired objec-
tives of heat treatment. The practical effects of alloying elements in 
retarding pearlite formation in steels are the basis of the topic of harden-
ability discussed in Chapter 16, “Hardness and Hardenability.”

Interphase Precipitation

In alloy steels containing strong nitride and carbide- forming elements 
such as vanadium, niobium, titanium, molybdenum, and tungsten, a spe-
cial type of austenite decomposition occurs. Honeycombe and his col-
leagues (Ref 4.5) have shown that rows of very fine alloy carbide particles 
form along the interface between decomposing austenite and newly 
formed ferrite. In view of the fact that the carbides nucleate and grow at 
the interface between austenite and ferrite, the reaction is termed inter-
phase precipitation. However, because one solid phase transforms into 
two other solid phases, the interphase reaction may also be classified as a 
eutectoid transformation, producing a special microstructure much differ-
ent from lamellar pearlite.

The alloy carbides that make up the rows left behind by the moving 
austenite- ferrite interface are frequently on the order of 100 Å (10 nm) or 
less and are too fine to be resolved in the light microscope. Figure 4.12(a) 
is a light micrograph that shows the initiation of interphase precipitation 
at austenite grain boundaries in an Fe- 0.75V- 0.15C alloy held for 10 s at 
680 °C (1255 °F). The colonies of the interphase precipitate have curved 
interfaces and outline the austenite grain boundaries, but no structure is 
visible within the colonies. The balance of the microstructure is a low- 
carbon martensite formed on rapid cooling after the 10 s hold at 680 °C . 
The rows of fine precipitates present in the colonies of interphase precipi-
tation are shown in Fig. 4.12(b), a transmission electron micrograph taken 
from the Fe- 0.75V- 0.15C steel held for 5 min at 725 °C (1335 °F).

An interesting aspect of the mechanism of interphase precipitation is the 
growth of the colonies by the extension of ledges in a direction parallel to 
the austenite- ferrite interface. As successively nucleated ledges complete 
their growth, a net extension of the colonies normal to the colony interface 
develops. Figure 4.13 shows examples of growth ledges in an Fe- 12Cr- 
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0.2C steel isothermally transformed for 36 min at 650 °C (1200 °F). Ar-
rows point to the ledges. The planar interfaces left behind by the movement 
of the ledges are the sites for the carbide formation, while the ledges them-
selves are free of particles.

Interphase precipitation is now used in steels to provide extra strength-
ening to ferrite/pearlite microstructures in medium- carbon steels microal-
loyed with vanadium and niobium (Ref 4.16). The mechanical properties 
of microalloyed forging steels are described in detail in Chapter 14, “Non- 
Martensitic Strengthening of Medium- Carbon Steels: Microalloying and 
Bainitic Strengthening.”

Fig. 4.12  (a) Colonies of interphase precipitation (light areas) nucleated at 
austenite grain boundaries of an Fe-0.75V-0.15C alloy held 10 s at

680 °C (1255 °F). Original magnification at 125×. (b) Rows of fine alloy carbides 
within a colony of the same steel held 5 min at 725 °C (1340 °F). Original mag-
nification at 100,000×. Courtesy of R.W.K. Honeycombe, University of Cam-
bridge, U.K.
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Divorced Eutectoid Transformation—  
Dispersed Carbide Particles in Ferrite

A third type of eutectoid microstructure in steels, in addition to lamellar 
pearlite and interphase precipitation, is formed by divorced eutectoid 
transformation (DET). The microstructure consists of cementite particles 
dispersed in a matrix of ferrite, and although it has been long observed, 
recent work of Sherby and Verhoeven and their colleagues have only re-
cently systematically characterized DET (Ref 4.17, 4.18). Figure 4.14 
compares schematically the transformation of austenite to the lamellar 
ferrite/cementite microstructure of pearlite and to the dispersed cementite/ 
ferrite microstructure produced by DET (Ref 4.18). For the latter micro-
structure, small dispersed carbide particles in austenite, sometimes too 
fine to be observable in the light microscope, are enlarged, concentrating 
carbon, as the high concentration of carbon in the parent austenite diffuses 
from the ferrite at the transformation growth front. The dispersed cement-
ite/ferrite microstructure typically forms in high- carbon steels and at 
 temperatures just below A1; at greater amounts of undercooling, the trans-
formation of austenite to the lamellar ferrite/cementite structure of pearl-
ite is favored (Ref 4.17).

Fig. 4.13  Interphase precipitation and ledges in Fe-12Cr-0.2C steel isother-
mally transformed at 650 °C (1200 °F) for 36 min. Transmission

electron micrograph. Original magnification about 70,000×. Courtesy of K. 
Campbell and R.W.K. Honeycombe, University of Cambridge, U.K.
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Figure 4.15 shows the effect of austenitizing temperature and carbon 
content on the morphology of the eutectoid microstructures formed on 
cooling (Ref 4.19). In steels with more than 1.0% carbon the austenite 
transforms to a spherical carbide/ferrite morphology on cooling from a 
relatively wide range of austenitizing temperatures, a result that correlates 
with high densities of residual spherical carbide particles in high- carbon 
steels that require higher austenitizing temperatures and times to dissolve 
completely. These residual carbide particle distributions make up the aus-
tenite/carbide structure that is the parent microstructure for the divorced 
eutectoid transformation. Figure 4.15 also shows that spheroidal eutectoid 
microstructures may also form in lower- carbon steels if austenitized in a nar-
row temperature range just above the A1. The resulting spheroidized or mixed 
lamellar microstructures result from annealing heat treatments that produce 
lower hardness and higher ductility than normalizing treatments typically 
performed at higher austenitizing temperatures and produce more fully la-
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Fig. 4.14  Schematics of interface growth fronts associated with the transfor-
mation of austenite to (a) pearlite and (b) dispersed cementite par-
ticles in ferrite. Source: Ref 4.18
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mellar pearlitic microstructures. Annealing and normalizing heat treatments 
are discussed in more detail in Chapter 13, “Normalizing, Annealing, and 
Spheroidizing Treatments; Ferrite/Pearlite and Spherical Carbides.”

Proeutectoid Phases

In most steels, i.e., those not of eutectoid composition, austenite begins 
to transform well above the A1 temperature. Figure 4.1 shows that ferrite 
forms below the A3 temperature in steels that contain less than the eutec-
toid carbon content (hypoeutectoid steels), and cementite forms below the 
Acm in steels containing more than the eutectoid carbon content (hyper-

eutectoid steels). The ferrite and cementite that form prior to the eutectoid 
transformation are referred to as proeutectoid ferrite and cementite in 
order to indicate that they have formed by a mechanism other than the 
eutectoid transformation.

Proeutectoid ferrite and cementite are identical in crystal structure and 
composition to the ferrite and cementite of pearlite, but the distribution of 
their microstructure is quite different from their lamellar distribution in 
pearlite. Figure 4.16 shows a microstructure of proeutectoid ferrite and 
pearlite that formed in an Fe- 0.4C alloy during slow cooling from the 
austenite phase field. The coarse network of white- etching proeutectoid 
ferrite is in marked contrast to the lamellar pearlite. Figure 4.1 shows that 

Fig. 4.16  Proeutectoid ferrite (white network) and pearlite in an Fe-0.4C 
alloy air cooled from the austenite field. Nital etch. Original mag-

nification at 500×. Courtesy of A.R. Marder and A. Benscoter, Bethlehem Steel 
Corp., Bethlehem, PA
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proeutectoid ferrite in a slowly cooled Fe- 0.4C alloy begins to form just 
above 780 °C (1435 °F) and continues to grow until the A1 temperature is 
reached. Tie lines through the ferrite/austenite field at successively lower 
temperatures and the applications of the lever rule to the Fe- 0.4C alloy 
show that the amount of proeutectoid ferrite and the carbon content of the 
austenite increase continuously with decreasing temperature. The low sol-
ubility of carbon in ferrite requires that the carbon content builds up in the 
austenite. At the A1 temperature the carbon content of the austenite coex-
isting with the ferrite in the Fe- 0.4C alloy, or any other hypoeutectoid steel 
for that matter, is 0.77%, which is just the right composition required for 
the eutectoid reaction, as written in Eq 4.1. Consequently, any austenite 
coexisting with ferrite at the A1 temperature transforms to pearlite on cool-
ing, producing microstructures such as those shown in Fig. 4.16. The lever 
rule applied to the Fe- 0.4C alloy in the ferrite- austenite phase field at 727 °C 
(1340 °F) shows that there should be about 50% by weight proeutectoid 
ferrite in the microstructure according to the following calculation:

wt% proeutectoid ferrite = −
−

×0 77 0 4
0 77 0 02

100. .
. .

(Eq 4.7)

Alloys or steels with less carbon than 0.4% would contain more proeu-
tectoid ferrite; those with more carbon would contain more pearlite. De-
pending on the carbon content of the steel, then, it is possible to have 
microstructures consisting of 100% ferrite (if the carbon content is less 
than or equal to 0.02%) or 100% pearlite (if the carbon content is equal to 
0.77%) or any combination of proeutectoid ferrite and pearlite between 
these extremes. Steels designated for applications that require good form-
ability—for example, automotive panel parts—have microstructures that 
are predominantly ferrite, while steels selected for applications where 
hardness and wear resistance are most important—for example, railroad 
rails—have microstructures that are completely pearlitic. The properties 
of steels heat treated to have microstructures of ferrite and pearlite are 
described in Chapters 12, “Low- Carbon Steel,” 13, “Normalizing, An-
nealing, and Spheroidizing Treatments; Ferrite/Pearlite and Spherical Car-
bides,” and 15, “High- Carbon Steels: Fully Pearlitic Microstructures and 
Wire and Rail Applications.”

Up to this point, only the formation of proeutectoid ferrite has been 
considered. Steels with carbon content greater than the eutectoid composi-
tions form proeutectoid cementite if slowly cooled through or held in the 
cementite/austenite phase field (see Fig. 4.1). As the cementite (containing 
6.67% C) forms, the carbon content of the austenite must decrease.

With decreasing temperature, the austenite composition follows the  
Acm until at the eutectoid temperature the austenite contains 0.77% car-
bon, again just the right composition for the eutectoid reaction. The bal-
ance of the austenite then transforms to pearlite.
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Figure 4.17 shows a network of proeutectoid cementite that has formed 
by holding an Fe- 1.22C alloy at 780 °C (1435 °F) for 30 min. Some colo-
nies of pearlite are also present, the dark circular patches, and the balance 
of the microstructure is martensite formed during quenching from 780 °C. 
The carbon content of steels rarely exceeds 1.2%; therefore, little proeu-
tectoid cementite ever forms. Application of the lever rule in the austenite- 
cementite field to the 1.2% carbon alloy at 727 °C shows that only about 
7% proeutectoid cementite could form. However, even though there can 
never be a large amount of proeutectoid cementite, the presence of a pro-
eutectoid cementite network is considered to be very detrimental to the 
workability and toughness of high- carbon steels. Normalizing and 
spheroidizing heat treatments designed to modify or eliminate the cement-
ite networks are discussed in Chapter 13, “Normalizing, Annealing, and 
Spheroidizing Treatments; Ferrite/Pearlite and Spherical Carbides.”

Proeutectoid Phase Formation

Fig. 4.16 and 4.17 show, respectively, proeutectoid ferrite and cement-
ite that have formed on austenite grain boundaries during cooling to the 
eutectoid transformation temperature. These proeutectoid crystal mor-
phologies, formed by nucleation and growth along austenite grain bound-

Fig. 4.17  Proeutectoid cementite (white network) formed at austenite grain 
boundaries in an Fe-1.22C alloy held at 780 °C (1435 °F) for 

30 min. Dark patches are pearlite colonies and the remainder of the microstruc-
ture is martensite and retained austenite. Nital etch. Original magnification at 
600×. Courtesy of T. Ando, Colorado School of Mines
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aries, are referred to as grain boundary allotriomorphs and typically form 
during slow cooling through either the austenite/ferrite or austenite/ ce-
mentite two- phase fields. More rapid cooling produces other morpholo-
gies of ferrite, and these morphologies, their classification, and other 
characteristics are discussed in detail in Chapter 7, “Ferritic Microstruc-
tures.” The proeutectoid phases grow by a ledge mechanism that operates 
by atom transfer across steps or ledges in the interface between the parent 
austenite and a growing proeutectoid crystal (Ref 4.20, 4.21). Figure 4.18 
shows steps at interfaces of cementite allotriomorphs formed by isother-
mal transformation in austenite/cementite two- phase fields of 52100 steels. 
Figure 4.19 shows fine growth ledges in grain boundary cementite formed 

Fig. 4.18  Stepped cementite interfaces in (a) 52100 steel transformed at  
785 °C (1450 °F) for 30 min and (b) 52100 steel transformed at 

785 °C for 2h. SEM micrographs  taken from fracture surfaces. Courtesy of T. Ando, 
Colorado School of Mines

(a)

(b)

10 µm

5 µm
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in 52100 steel (Ref 4.22, 4.23). A detailed review of proeutectoid cement-
ite formation is given in Ref 4.24.
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CHAPTER 5

Martensite

THIS CHAPTER DESCRIBES the diffusionless, shear- type transfor-
mation of austenite to martensite. Athermal transformation kinetics, crys-
tallographic features, and the development of fine structure are all special 
characteristics of the martensitic transformation. These features are de-
scribed and related to the major morphologies and microstructural ar-
rangements of martensite, lath, and plate, which form in steel. Rapid 
cooling or quenching is required to form martensite, primarily to avoid the 
diffusion- dependent transformations described in Chapter 4, “Pearlite, 
Ferrite, and Cementite,” but the exact cooling conditions that will result in 
martensite in a given steel are strongly dependent on carbon content, al-
loying, and austenitizing, factors that determine hardenability, a subject 
discussed in Chapter 16, “Hardness and Hardenability.”

General Considerations

The term martensite, named after the pioneering German metallurgist, 
Adolf Martens, has long been used to designate the hard microstructure 
found in quenched carbon steel (Ref 5.1). More recently, however, empha-
sis has been placed on the nature of the transformation itself rather than on 
the product. Martensitic transformation also occurs in many nonferrous 
systems (Ref 5.2), the Cu- Al and Au- Cd systems to name just two metal 
systems, and in oxides such as SiO2 (Ref 5.3) and ZrO2 (Ref 5.4). In fact, 
ceramists and geologists have independently identified the characteristics 
of martensitic transformation in nonmetal systems and used the term dis-

placive to describe transformations that would be called martensitic by 
metallurgists (Ref 5.3). Martensite then becomes any phase produced by a 
martensitic or displacive transformation, even though that phase may have 
significantly different composition, crystal structure, and properties than 
does martensite in steels.
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In Fe- C alloys and steels, austenite is the parent phase that transforms 
to martensite on cooling. The martensitic transformation is diffusionless, 
and, therefore, the martensite has exactly the same composition as does its 
parent austenite, up to 2% carbon (see Fig. 3.1 in Chapter 3, “Phases and 
Structures,” and Fig. 4.1 in Chapter 4, “Pearlite, Ferrite, and Cementite”), 
depending on the alloy composition. Because diffusion is suppressed, 
 usually by rapid cooling, the carbon atoms do not partition themselves 
between cementite and ferrite (see Chapter 4, “Pearlite, Ferrite, and Ce-
mentite”) but instead are trapped in the octahedral sites of a body- centered 
cubic (bcc) structure, thus producing a new phase, martensite. The solu-
bility of carbon in a bcc structure is greatly exceeded when martensite 
forms; hence, martensite assumes a body- centered tetragonal (bct) unit 
cell (see Fig. 5.1) in which the c parameter of the unit cell is greater than 
the other two a parameters. With higher carbon concentration of the mar-
tensite, more interstitial sites are filled, and the tetragonality increases, as 
shown in Fig. 5.2.

Martensite is a unique phase that forms in steels. It has its own crystal 
structure and composition and is separated by well- defined interfaces 
from other phases, but it is a metastable phase present only because diffu-
sion has been suppressed. If the martensite is heated to a temperature 
where the carbon atoms have mobility, the carbon atoms diffuse from the 
octahedral sites to form carbides. As a result, the tetragonality is relieved, 
and martensite is ultimately replaced by a mixture of ferrite and cementite 
as required by the Fe- C phase diagram. The decomposition of martensite 

Fig. 5.1  Body-centered tetragonal crystal structure of martensite in Fe-C al-
loys. Carbon atoms are trapped in one set (z) of interstitial octahe-
dral sites. The x and y sites are unoccupied. Source: Ref 5.5
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to other structures on heating is referred to as tempering and is the subject 
of Chapter 17, “Tempering of Steel.”

Martensite forms by a shear mechanism. Many atoms move coopera-
tively and almost simultaneously to effect the transformation, a mecha-
nism very much in contrast to atom- by- atom movement across interfaces 
during diffusion- dependent transformations. Figure 5.3 shows schemati-
cally a number of features of the shear or displacive transformation of 
austenite to martensite. The arrows point in the directions of shear on op-
posite sides of the plane on which the transformation is initiated. The mar-
tensite crystal formed is displaced partly above and partly below the 
surface of the austenite by the shear. Thus (as shown in Fig. 5.3), the origi-
nally horizontal surface of the parent phase is rotated or tilted into a new 
orientation by the shear transformation. Surface tilting is an important 
characteristic of shear- type or martensitic transformation. The atom- by- 
atom transfer across interfaces by which diffusion- controlled transforma-
tions proceed does not produce tilting but tends to produce surfaces of the 
product phase parallel to the surface of the parent phase.

Figure 5.3 also shows that considerable flow or plastic deformation of 
the parent austenite must accompany the formation of a martensite crystal. 
Eventually the constraints of the parent phase limit the width of a martens-
ite crystal, and further transformation can proceed only by the nucleation 
of new martensite crystals. If the parent austenite could not accommodate 

Fig. 5.2  Changes in the c lattice parameter (upper curve) and a lattice param-
eter (lower curve) of Fe-C martensite as a function of carbon con-
tent. Source: Ref 5.6
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the shape change produced by the martensitic shears, separation or crack-
ing at the martensite/parent phase interface would occur. Fortunately, 
 austenite in steels has sufficient ductility to accommodate martensite for-
mation. However, in many ceramic systems, the parent phase cannot ac-
commodate the shape change, and displacive transformations must be 
avoided.

Martensite crystals ideally have planar interfaces with the parent aus-
tenite (see Fig. 5.3). The preferred crystal planes of the austenite on which 
the martensite crystals form are designated as habit planes. The habit 
planes vary according to alloy composition, and some examples are pre-
sented in the section on morphology in this chapter. The midrib shown in 
Fig. 5.3 is generally considered to be the starting plane for the formation 
of a plate of martensite and may in fact have a different fine structure than 
other parts of the plate.

An example of surface relief and its relationship to martensitic micro-
structure is shown in Fig. 5.4. This series of light micrographs was ob-
tained after a prepolished Fe- 0.2C alloy specimen was austenitized and 
quenched in a hot stage microscope with an argon gas atmosphere. Figure 
5.4(a) shows the surface relief associated with the formation of hundreds 
of martensite crystals. The surface tilting is emphasized in some areas by 
the dark shadows present on surfaces tilted away from the light source. In 
Fig. 5.4(b), the surface relief has been almost polished away, and in Fig. 
5.4(c), the surface shown in (b) has been etched. Finally, Fig. 5.4(d) shows 
the microstructure after the surface has been polished to remove all relief 
and etched once again. Comparison of Fig. 5.4(c) and (d) with Fig. 5.4(a) 
shows the direct correspondence of the surface relief with the martensitic 
units in the polished and etched microstructure. In polished and etched 

Fig. 5.3  Schematic of shear and surface tilt associated with formation of a 
martensite plate. Adapted from Ref 5.7. Courtesy of M.D. Geib, 
Colorado School of Mines
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sections, the individual crystals of martensite appear to be long and thin 
and are very often characterized as acicular or needlelike. In three dimen-
sions, however, the crystals have a lath or plate shape with flat interfaces, 
as shown schematically in Fig. 5.3. The needlelike shapes visible on pol-
ished and etched surfaces, therefore, are cross sections through laths or 
plates.

Fig. 5.4  Surface tilting and its relationship to martensitic structure in an Fe-
0.2C alloy. (a) Surface tilting after quenching. (b) Partially polished

surface. (c) Area in (b) after etching. (d) Same area after polishing to remove all 
relief and re-etching. Nital etch. Source: Ref 5.8

40 µm 40 µm(a) (b)

40 µm 40 µm(c) (d)
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Martensitic Transformation Kinetics

The conversion of an austenitic microstructure to a martensitic micro-
structure in many commercial steels takes place continuously with decreas-
ing temperature during uninterrupted cooling. This mode of transformation 
kinetics is referred to as athermal (without thermal activation) in order to 
differentiate it from the isothermal kinetics that characterize thermally ac-
tivated diffusion- controlled transformations. Pearlite formation, for ex-
ample, occurs continuously as a function of time if austenite is held at a 
constant temperature below A1. Martensite formation, however, is accom-
plished virtually as soon as a given temperature is reached; should cooling 
be stopped at that temperature, no further transformation to martensite 
will occur. Additional transformation, usually by means of the nucleation 
and rapid growth of new plates of martensite, is accomplished only by 
cooling to lower temperatures.

Figure 5.5 shows the progress of athermal transformation in an Fe- 
1.86C alloy. The austenite in this high- carbon alloy is quite stable, and 
martensitic transformation was initiated just above room temperature. 
Figure 5.5(a) shows a few very large plates of martensite that formed on 
cooling to room temperature. The balance of the microstructure is austen-
ite. Figures 5.5(b) and (c) show how some of the austenite retained at 
room temperature is transformed to new plates on successive subzero 
cooling to −60 °C (−75 °F) and −100 °C (−150 °F), respectively. The new 
plates have nucleated within the framework of the initially formed plates 
(see Fig. 5.5a), and the parent austenite has been subdivided into smaller 
and smaller units with increasing amounts of martensitic formation. 
Clearly, the martensitic transformation effectively ceases on reaching a 
given temperature, and only additional undercooling drives the transfor-
mation further.

In contrast to the Fe- 1.86C alloy, most hardenable steels transform to 
martensite at temperatures well above room temperature. Figure 5.6 shows 
the transformation of austenite to martensite in an Fe- 1.94Mo alloy, an 
alloy in which austenite transforms to martensite in the same manner as in 
low-  and medium- carbon steels. Hot stage cinephotomicrography was re-
quired to follow the high- temperature formation of the martensite in the 
continuously cooled Fe- 1.94Mo alloy (Ref 5.9). Figure 5.6 shows a se-
quence of frames taken from a film of the transformation sequence. Frame 
1 shows several austenite grains that are largely untransformed, and the 
succeeding frames show the step- by- step formation of the martensitic mi-
crostructure. The martensite plates in Fig. 5.6 are visible only because of 
the surface tilting associated with transformation; it was obviously impos-
sible to polish and etch (as in the case of the Fe- 1.86C alloy) between 
frames during the cooling of the Fe- 1.94Mo alloy. Figure 5.6 also shows 
that an important characteristic of the athermal transformation of the 
FeMo alloy, and low and medium- carbon steels that behave similarly, is 
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the development of parallel groups of plates or laths by nucleation and 
growth of new plates parallel and adjacent to existing plates.

The temperature at which martensite starts to form in a given alloy is 
designated as the martensite start temperature (Ms). The Ms reflects the 
amount of thermodynamic driving force required to initiate the shear 
transformation of austenite to martensite. Figure 5.7 shows that the Ms 
decreases significantly with increasing carbon content in Fe- C alloys and 
carbon steels. Carbon in solid solution increases the strength or shear re-

Fig. 5.5  Progress of athermal martensitic transformation in an Fe-1.8C alloy 
after cooling to: (a) 24 °C (75 °F); (b) –60 °C (–76 °F); and (c) –100 °C 
(–148 °F). Nital etch, original magnification 500×. Source: Ref 5.9
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Fig. 5.6  Progress of athermal martensitic transformation in an Fe-1.94Mo alloy. Successive exposures taken of surface relief on a hot stage microscope, 
original magnification 105×. Source: Ref 5.9
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sistance of the austenite and, therefore, greater undercooling or driving 
force is required to initiate the shear for martensite formation in higher 
carbon alloys. It is possible to form martensite in pure iron, but very high 
rates of quenching, in excess of 35,000 °C/sec (63,000 °F/sec), are re-
quired (Ref 5.11). Also, as described in detail later in this chapter, the 
morphology of martensite formed in low-  and medium- carbon steels is 
lath for typical industrial quenching rates. However, plate morphologies 
of martensite may form in low- carbon steels when quenched at high rates 
(Ref 5.12–5.14).

The martensite finish temperature (Mf), or the temperature at which the 
martensite transformation is complete in a given alloy, is also a function 
of carbon content. The detection of the last small amounts of untrans-
formed austenite is experimentally difficult (Ref 5.15); therefore, the Mf 
curves based on results of early investigations are only approximate. The 
Mf drops below room temperature even in steels with low carbon con-
tents. Therefore, significant amounts of untransformed austenite, espe-
cially in high- carbon steels, may be present with martensite at room 
temperature. Figure 5.8 shows that this is actually the case. Retained aus-
tenite content, measured by X- ray diffraction techniques (Ref 5.10, 5.16) 
at room temperature, is as high as 30 to 40% in Fe- C alloys containing 1.2 
to 1.4% C. Steels containing .3 to 0.4% C retain 2 to 4 vol% retained aus-
tenite, and even in lower carbon steels some small amount of austenite is 
retained between the parallel crystals of lath martensite, as shown in a 

Fig. 5.7  MS temperatures as a function of carbon content in steels. Composi-
tion ranges of lath and plate martensite in Fe-C alloys are also

shown. Source: Ref 5.10; investigations indicated are identified by their numbers 
in this reference
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transmission electron micrograph later in this chapter. Alloying elements 
that stabilize austenite increase the amount of retained austenite at any 
given carbon level and temperature.

Alloying elements also influence the Ms temperatures of steels, and a 
number of equations have been developed to relate Ms to steel composi-
tion. Table 5.1 lists various equations that have been developed over the 
years (Ref 5.17–5.23). All alloying elements, except cobalt, lower Ms 
 temperatures. The equations developed by Andrews (Ref 5.23) are based 
on measurements of Ms temperatures and compositions of a large number 
of steels of British, German, French, and American manufacture with 
maximum carbon content of 0.6%, manganese up to 4.9%, chromium up 
to 5%, nickel up to 5%, and molybdenum up to 5.4%. Andrews showed 
that 92 and 95% of measured Ms temperatures for the steels were within 
±25 °C (±45 °F) of the Ms temperatures calculated from their composi-
tions according to the ±linear and product equations, respectively. A test 
of Andrews’ equations with Ms measurements and steel compositions 
published in the 1970s shows that Andrews’ equations continue to give 
good agreement between measured and calculated Ms values with the  
±25 °C limits (Ref 5.24). A later evaluation of the Ms temperature equa-
tions recommends only slight changes in the Stevens and Haynes and An-
drews linear equations and incorporates the effects of cobalt and silicon 
(Ref 5.25). The thermodynamic driving force for martensitic transforma-
tion in terms of Ms temperatures as a function of composition has also 
been calculated (Ref 5.26).

Once the Ms of a steel is reached during cooling, the extent of the ather-
mal transformation of austenite to martensite is dependent only on the 

Fig. 5.8  Retained austenite as a function of carbon content in Fe-C alloys. 
Source: Ref 5.10



Chapter 5: Martensite / 73

amount of undercooling below the Ms temperature. Two equations have 
been developed to describe the athermal transformation kinetics of mar-
tensite formation:

f = 1 – 6.96 × 10–15(455 – ΔT )5.32 (Eq 5.1)

f = 1 – exp – (1.10 × 10–2ΔT ) (Eq 5.2)

where f is the volume fraction of martensite, and ΔT is the undercooling 
below Ms in degrees centigrade. Note that time does not appear in these 
equations. Equation 5.1 was developed by Harris and Cohen (Ref 5.27) 
for steels containing 1.1% carbon, and Eq 5.2 was developed by Koistinen 
and Marburger (Ref 5.28) from Fe- C alloys containing between 0.37 to 
1.1% C. The data used to develop Eq 5.1 and Eq 5.2 together with mea-
surements of Steven and Haynes (Ref 5.22) from hardenable steels con-
taining 0.32 to 0.44% carbon are shown in Fig. 5.9. All sets of data agree 
closely for small amounts of undercooling, but they diverge significantly 
as undercooling increases. For example, at 100 °C (210 °F) below Ms, the 
Koistinen and Marburger data show only about 65% transformation, while 
the Steven and Haynes data show 90% transformation. The discrepancy is 
probably due to experimental difficulties in determining the amount of 
austenite remaining at any given temperature. Koistinen and Marburger 
used X- ray analysis while the other investigators used light microscopy to 
determine the amount of retained austenite. The detection of small amounts 
of retained austenite by the latter technique is difficult in high- carbon 
steels and virtually impossible in medium- carbon steels. Therefore, the 
Koistinen and Marburger equation, based on the most accurate technique 
for determining small amounts of retained austenite, is considered to give 
the best representation of martensite transformation over the entire range 
of undercooling.

Table 5.1 List of formulas for Ms calculation from alloy composition

Investigators Date Ref Equation

Payson and 
Savage

1944 5.17 Ms (°F) = 930 – 570C – 60Mn – 50Cr – 30Ni – 20Si – 20Mo – 20W

Carapella 1944 5.18 Ms (°F) = 925 × (1 – 0.620C)(1 – 0.092Mn)(1 – 0.033Si)(1 – 0.045Ni)(1 – 
0.070Cr)(1 – 0.029Mo)(1 – 0.018W)(1 + 0.120Co)

Rowland and 
Lyle

1946 5.19 Ms (°F) = 930 – 600C – 60Mn – 50Cr – 30Ni – 20Si – 20Mo – 20W

Grange and 
Stewart

1946 5.20 Ms (°F) = 1000 – 650C – 70Mn – 70Cr – 35Ni – 50Mo

Nehrenberg 1946 5.21 Ms (°F) = 930 – 540C – 60Mn – 40Cr – 30Ni – 20Si – 20Mo
Steven and 

Haynes
1956 5.22 Ms (°C) = 561 – 474C – 33Mn – 17Cr – 17Ni – 21Mo

Andrews 
(linear)

1965 5.23 Ms (°C) = 539 – 423C – 30.4Mn – 12.1Cr – 17.7Ni – 7.5Mo

Andrews 
(product)

1965 5.23 Ms (°C) = 512 – 453C – 16.9Ni + 15Cr – 9.5Mo + 217(C)2 – 71.5(C)(Mn) – 
67.6(C) (Cr)

Source: Ref 5.17–5.23
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During the course of the athermal martensite formation discussed up to 
this point, two types of anomalies may develop: bursting and stabilization. 
The burst phenomenon occurs in Fe- Ni and Fe- Ni- C alloys with subzero 
Ms temperatures. Large numbers of martensite plates, sometimes enough 
to transform 70% of the austenite, form in a “burst” at a temperature des-
ignated the MB (Ref 5.29). This transformation behavior is related to the 
ability of plates of martensite to nucleate other plates of martensite, a pro-
cess called autocatalysis. The stimulus to nucleation is the stress, gener-
ated at the tips of plates, that helps to initiate the shear transformation 
process on other favorably oriented variants of the habit plane (Ref 5.30). 
The habit plane variants that are activated are generally not parallel to that 
of the initiating plate, and frequently zigzag arrays of martensite plates are 
observed in alloys susceptible to autocatalytic nucleation or bursting.

Stabilization, a phenomenon that reduces the ability of austenite to 
transform into martensite, occurs during slow cooling or interruption of 
cooling before complete transformation. For example, an oil- quenched 
steel may contain more retained austenite than the same steel water 
quenched, and if transformation of a steel is interrupted by holding at 
some temperature between Ms and Mf, no martensite transformation may 
occur when cooling is resumed until substantial undercooling below the 
hold temperature is accomplished (Ref 5.31). One explanation of stabili-
zation assumes that carbon segregates to potential embryos, or sites of 
martensitic nucleation, during slow cooling or on holding of a partially 
transformed specimen at a constant temperature. Once segregated, the car-
bon atoms increase the shear resistance of the austenite, thereby effec-
tively stabilizing the austenite.

Although athermal martensite transformation kinetics are the dominant 
mode of transformation in heat treatable carbon steels, isothermal trans-
formation has been observed in Fe- Ni- Mn and Fe- Ni- Cr alloys. The iso-
thermal transformation is time dependent and occurs at subzero temperatures; 
plotting this transformation frequently forms C- curves. Figure 5.10 shows 

Fig. 5.9  Extent of martensite formation as a function of undercooling below MS 
according to three different investigations as shown. Source: Ref 5.24
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a time- temperature- transformation diagram developed for isothermal 
martensite formation in an Fe- 23Ni- 3.6 Mn alloy (Ref 5.32). Mathemati-
cal modeling of isothermal transformation kinetics has made possible a 
separation of the effects of preexisting nucleation sites or embryos and 
those produced by autocatalysis (Ref 5.29, 5.33). Also, the studies of iso-
thermal transformation have shown a relationship between embryo size 
and kinetic mode of transformation. Alloy systems with large embryos or 
lattice sites predisposed to transformation require little or no thermal acti-
vation and therefore transform to martensite athermally. Systems with 
smaller embryos require thermal activation to produce martensite nuclei 
of size sufficient to initiate transformation, a process that leads to the 
time- dependent isothermal kinetics. Also, it has been shown that the acti-
vation energy for isothermal martensitic nucleation in Fe- Ni- Mn alloys is 
inversely proportional to the chemical driving force for the transforma-
tion, i.e., the greater the driving force, the lower the activation energy (Ref 
5.33, 5.34). Isothermal martensite formation has also been identified and 
characterized in 1.80 wt% carbon steel (Ref 5.35). 

Crystallography of Martensitic Transformation

The diffusionless, shear mechanism of martensitic transformation re-
quires good crystallographic coupling between the parent and product 
phases. Two important crystallographic parameters or characteristics em-
phasize this interrelationship between austenite and martensite in ferrous 
alloys. One is the orientation relationship between the crystal structure of 
the parent and the product martensite. The orientation relationship speci-
fies planes and directions of the parent phase and the planes and directions 
in the product martensite to which they are parallel. Two well- known ori-
entation relationships have been determined in ferrous alloy systems by 

Fig. 5.10  Isothermal transformation curves for martensite formation in an 
Fe-23Ni-3.6Mn alloy. Curves are identified by the percentage of 
martensite formed. Source: Ref 5.32
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means of X- ray diffraction techniques (Ref 5.36). The Kurdjumov- Sachs 
orientation relationship:

{111}A || {101}M

〈110〉A || 〈111〉M

is valid for high- carbon steels with {225}A habit planes. The other orienta-
tion relationship, which was determined by Greninger and Troiano and is 
also attributed to Nishiyama, is:

{111}A || {011}M

〈112〉A || 〈011〉M

This relationship is observed in alloys where the martensite plates have 
{259}A habit planes.

The other crystallographic parameter that emphasizes the interrelation 
ship of the parent and product phases is the habit plane, already mentioned 
in the discussion of Fig. 5.3. In steels, the habit plane is the plane in the 
parent austenite on which the martensite forms and grows. When the mar-
tensitic transformation is complete, ideally the habit plane is the planar 
interface between any retained austenite present and the martensite crys-
tals. In actual fact, however, the interfaces between martensite and austen-
ite in steels might be quite irregular, and the habit plane may be truly 
planar only at the midrib or point of origin of a martensite crystal. The 
habit plane is important not only because of its association with the initia-
tion and progress of the transformation but also because it affects the mi-
crostructural arrangements in the parent austenite grains of the many 
martensite plates that make up a hardened microstructure. The habit plane 
is a function of alloy composition, especially carbon content, and the vari-
ous habit planes that characterize martensite in steels are presented in the 
section on morphology in this chapter.

The orientation relationship and habit plane in a given steel are param-
eters that relate the crystallography of austenite to martensite after trans-
formation. Crystallography is also important in describing the martensitic 
transformation itself. A crystallographic theory of martensitic trans-
formation was developed in the 1950s by Wechsler, Lieberman, and 
Read (Ref 5.37) and by Bowles and MacKenzie (Ref 5.38). The signifi-
cance of the crystallographic theory is the understanding it provides for 
the origin of the internal fine structure found within any martensite crys-
tal. The fine structure may consist of dislocations, twins, or a mixture of 
the two, depending on alloy composition. The presence of fine structure 
is a unique result of martensitic transformation but occurs to some extent 
in any transformation where shear and diffusion are required to form  
the new phase. Bainite formation is an example of the latter type of 
transformation.
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The crystallographic theory of martensite formation is based on two 
important microstructural (macroscopic relative to atomic dimensions) 
observations: that the habit plane is unrotated and undistorted, and that the 
shape change that produces the surface tilting in Fig. 5.3 is homogeneous 
and a result of plane strain. The plane strain may be visualized as shear or 
displacement on planes parallel to the habit plane. Greninger and Troiano 
(Ref 5.39) first noted that the shape change could not be produced merely 
by the lattice deformation (i.e., in steels, the change in lattice from fcc 
austenite to bct martensite). Another deformation was necessary to satisfy 
the requirement of plane strain and the undistorted habit plane. This ad-
ditional deformation, the lattice invariant deformation, involves deforma-
tion of the bct martensite crystal by twinning or slip but not a change of 
the lattice or crystal structure itself.

The major elements of the crystallographic theory for martensite for-
mation in steels are shown schematically in Fig. 5.11 and 5.12. Figure 
5.11(a) shows two adjacent fcc unit cells of austenite in which a bct unit 
cell has been identified. This identification of a set of atoms in the parent 
phase that will transform to a set of atoms in the product phase is referred 
to as the lattice correspondence. The atoms identified in Fig. 5.11(a) have 

Fig. 5.11  (a) A body-centered tetragonal cell in austenite is identified by the 
<100>α axes. (b) The bct cell (left) before and (right) after the lat-

tice deformation (Bain strain) from austenite to martensite. Source: Ref 5.40
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been isolated in the unit cell schematic on the left of Fig. 5.11(b). At this 
stage, the dimensions of the bct cell are still those derived from the austen-
itic lattice parameter. The unit cell on the right of Fig. 5.11(b) is that of 
martensite with lattice parameters a and c, corresponding to given carbon 
content (see Fig. 5.2). A lattice deformation was required to produce the 
martensite from austenite. In steels, the lattice correspondence shown in 
Fig. 5.11(a) was first identified by Bain and the lattice deformation from fcc 
to bct is referred to as the Bain strain. Figure 5.11 shows that the Bain strain 
produces a contraction along the c axis and an expansion along the a axes.

In general, the lattice deformation will cause rotation away from the 
habit plane, as shown in Fig. 5.12(a) and (b), where it is assumed that a 
number of cells of a parent crystal (a) are transformed to a new lattice (b). 
The vertical dashed lines represent the unrotated, undistorted habit plane. 
The constraints of the surrounding parent phase, however, cause the mar-
tensite unit to accommodate or deform by a lattice invariant deformation 
to the original boundaries (a) as required by the crystallographic theory. 
Figures 5.12(c) and (d) show, respectively, the martensite deformed by 
slip (dislocation movement) or twinning to satisfy on a macroscopic scale 
the requirement of an unrotated, undistorted habit plane. Figure 5.13 is 
another schematic representation of the slip (a) and twinning (b) modes of 
lattice invariant deformation with martensite plates. These sketches, of 
course, are idealized to demonstrate the concept of the lattice invariant 
shear. In actual crystals, when slip is the mechanism of accommodation, 
not only are dislocations introduced at the austenite- martensite interface, 
but also a high dislocation density remains in the fine structure within the 
plates. Examples of the latter are presented in the next section of this 
chapter.

The crystallographic theory of the martensitic transformation is well 
developed mathematically and has successfully predicted crystallographic 
parameters in a number of alloys. For example, if the lattice and lattice- 
invariant deformations are specified, the habit plane may be predicted. For 
development of the theory and its application, see Bilby and Christian 
(Ref 5.7) and Wayman (Ref 5.2). Successes and limitations of the theory 
are reviewed by Dunne and Wayman (Ref 5.41).

Fig. 5.12  Schematic diagrams to show (a) portion of parent crystal; (b) new 
lattice (martensite) produced by lattice deformation; and lattice

invariant deformation by (c) slip and (d) twinning to make martensite conform to 
original position of parent crystal (a). Source: Ref 5.7
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Morphology of Ferrous Martensites

Two major morphologies of martensite, lath and plate, develop in heat 
treatable carbon steels. Figure 5.14 shows the carbon ranges of formation 
and Ms temperature of the two morphologies. The boundaries of the vari-
ous regions are based on characterization of high- purity Fe- C alloys and 
may shift in alloy steels. The designations of the two morphologies origi-
nate from the shape of the individual units of martensite. The lath designa-
tion is used to describe the stacks of board- shaped crystals of martensite 
that form in low-  and medium- carbon steels, while the plate designation 
accurately describes the shape of the martensite crystals that form in high- 
carbon steels. The terms lath and plate, therefore, refer to the three- 
dimensional shapes of individual martensite crystals. In metallographic 
specimens, sections through the martensite laths or plates are revealed by 
polishing and etching. Generally, these cross- sections will appear to be 
needlelike or acicular, and the latter adjectives are often used to describe 
martensite microstructures. Other terms based on one or another feature of 
the different forms of martensite have been used to describe the two mor-
phologies of martensite, but the terms lath and plate are preferred based 
on a poll of martensite researchers in 1971(Ref 5.9).

Until the advent of the electron microscope, the plate martensites, 
which could be readily resolved by light microscopy, received the most 
emphasis in the literature. The units of plate martensite are well within the 
size range resolvable in the light microscope, and frequently the retained 
austenite that coexists with the martensite in high- carbon alloys helps to 
sharply define the plates in the light microscope. On the other hand, as will 
be demonstrated, many of the individual units of lath martensite are below 
the resolution of the light microscope, and any retained austenite present is 
also too fine to be resolved. Although plate martensites are important in 
some heat treated applications, many hardenable steels have low or me-
dium carbon content and, therefore, microstructures composed of lath mar-

Fig. 5.13  Schematic representations of lattice invariant deformation by (a) 
slip and (b) twinning in martensite plates. Source: Ref 5.7
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tensite, which by virtue of the lower carbon contents tend to resist brittle 
fracture. As a result, lath martensites have broad industrial significance, 
while microstructures with plate martensite for engineering applications 
are somewhat limited, but found in some tool steels and the high- carbon 
case structures of carburized steels as discussed in later chapters. In order 
to follow the historical development of the understanding of martensitic 
microstructures, plate martensite is described first in the following sections. 
The characteristics of individual units and the arrangement of the units to 
produce the microstructures that are put into service as a result of good heat 
treatment practice are described for both lath and plate martensite.

Plate Martensite

Many other ferrous systems show the same transition from lath to plate 
martensite (see Fig. 5.14) with increasing alloying as does the Fe- C sys-
tem (Ref 5.9). Figure 5.15 shows plate martensite that was produced by 
cooling a single crystal of Fe- 33.5Ni austenite in liquid nitrogen (−196 °C, 
or −320 °F). Subzero cooling was required because the high nickel con-
tent had lowered the Ms to −30 °C (−20 °F). The specimen was not pol-
ished or etched after the liquid nitrogen treatment, and therefore all 
features shown in Fig. 5.15 are due to the surface relief generated by the 
martensitic transformation. On the scale shown, the surface tilting is in-
deed quite homogeneous except for small dark bands visible in some of 
the martensite plates. These bands are deformation twins formed in re-
sponse to the constraints of the austenite matrix. The deformation twins, 
however, are micron- sized and irregularly distributed, in contrast to the 
much finer and more regularly distributed fine structure that results from 
the lattice- invariant deformation.

Fig. 5.14  Ranges of lath and plate martensite formation in iron-carbon al-
loys. Source: Ref 5.10
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Figure 5.16 is a transmission electron micrograph of the fine structure 
that formed in a single plate of martensite in the Fe- 33.5Ni alloy. Fine 
transformation twins (small dark bands), dislocations (the fine linear fea-
tures), and a large deformation twin band are present. Figure 5.17 shows 
the dislocation fine structure at a higher magnification. Relatively straight 
dislocation lines in two directions are visible. By selected- area diffraction 
techniques (Ref 5.42), the preferred directions were shown to correspond 
to 〈111〉 directions and, therefore, the dislocations are mostly screw dislo-
cations. This type of dislocation array is characteristic of those formed by 
deformation of bcc iron at low temperatures and/or high strain rates and 
illustrates one type of fine structure formed by the lattice invariant defor-
mation of bcc martensite as a result of the austenitic constraints. Figure 
5.18 shows another type of fine structure, very fine transformation twins, 
about 10 nm (100 Å) in thickness, in Fe- 33.5Ni plate martensite. The 
twins lie on {112}m planes and represent another plastic deformation 
mode that forms in bcc crystals deformed at low temperatures and high 
strain rates. Also shown in Fig. 5.18 is a larger deformation twin across 
which the fine transformation twins have changed their orientation to a 
{112}m orientation in the twin (Ref 5.43). Examples of plate martensite in 
Fe- C alloys are shown in Fig. 5.5 and 5.19. Many different orientations of 
the martensite plates are apparent in the microstructures shown. This char-
acteristic appearance of a plate martensitic microstructure is directly re-
lated to the habit planes of the plate martensite and the tendency of 
adjacent plates to assume different variants of the habit plane. Plate mar-
tensites have irrational habit planes, i.e., the planes are not defined by low 

Fig. 5.15  Plate martensite formed in an austenitic single crystal of an Fe-
33.5Ni alloy by cooling to –196 °C (–321 °F). Plates are visible

only because of surface relief generated by martensitic transformation, light mi-
crograph, original magnification 200×. Source: Ref 5.42
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number indices such as (100) or (111). Early work by Greninger and 
Troiano (Ref 5.44) (see Fig. 5.20) showed that Fe- 1.78C alloys had habit 
planes best characterized as {259}A, and lower carbon alloys, containing 
0.92% and 1.4% C, had {225}A habit planes. The Fe- Ni plate martensites 
have been the subject of extensive crystallographic studies. Figure 5.21 
shows that there is considerable scatter of the habit plane in Fe- Ni alloys 
containing 29.0 to 35.0% nickel. The scatter may be due to compositional 
variations, the habit plane shifting toward {225}A with decreasing nickel 
content, or mixtures of lattice- invariant deformations such as combina-
tions of twinning and dislocations in a given alloy (Ref 5.42).

Fig. 5.17  Dislocation fine structure in martensite plates shown in Fig. 5.15. 
Transmission electron micrograph, original magnification 20,000×. 
Source: Ref 5.42

Fig. 5.16  Fine structure within martensite plates shown in Fig. 5.15. A defor-
mation twin, fine transformation twins, and dislocations are shown.

Transmission electron micrograph, original magnification 20,000×. Source: Ref 
5.42
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Fig. 5.18  Fine transformation twins in plate martensite of an Fe-33.5Ni alloy. 
Note change in orientation of fine twins in large deformation twin.

Transmission electron micrograph, original magnification 15,000×. Source: Ref 5.43

Fig. 5.20  Habit planes of Fe-C plate martensites in unit stereographic trian-
gle. Source: Ref 5.44

Fig. 5.19  Plate martensite and retained austenite (white patches) in (a) Fe-
1.22C and (b) Fe-1.4C alloys. Light micrographs. Source: Ref 5.10
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The many orientations of martensite plates in the microstructures shown 
in Fig. 5.5 and 5.19 are due to the many variants of the irrational habit 
planes. A variant is merely a different orientation of a given {hkl} plane as 
defined by a different arrangement of the same hkl indices. For example, 
(925)A, (592)A, and (952)A are all variants of the {259}A plane. Any plane 
where h, k, l are all different, as is the case for {259}A, has 24 different 
variants, and a plane with two indices equal, such as the {225}A plane, has 
12 variants. Thus, the plate martensite microstructures, because of the 

Fig. 5.21  Habit planes, clustering around (259)A, of plate martensite in Fe-Ni 
alloys containing 29 to 35% nickel. Source: Ref 5.45

Fig. 5.22  Microcracks in plate martensite of an Fe-1.4C alloy. Source: Ref 
5.47

10 µm
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large number of variants possible, and the fact that adjacent plates assume 
different variants, appear quite haphazardly arranged, despite the fact that 
there is only a single habit plane for all the plates in a given alloy.

An important consequence of the nonparallel plate formation in Fe- C 
alloys is the development of microcracks in the martensite plates as a re-
sult of the impingement of plates of different habit plane variants (Ref 
5.46). Figure 5.22 shows an example of the microcracks in the plate mar-
tensite of an Fe- C alloy. The microcracks tend to form in the largest mar-
tensite plates and therefore are not present to any great extent in steels 
where austenite grain size and, accordingly, martensite plate size, are fine 
(Ref 5.48). Also, in lower- carbon steels, the morphology shift to lath mar-
tensite eliminates the impingements and the development of microcracks 
(Ref 5.49). The high- carbon plate martensites are quite brittle and sensi-
tive to microcracking. However, in Fe- Ni alloys where the martensite is 
much more ductile, the impingement of martensite plates is accommo-
dated by deformation twinning rather than cracking.

Lath Martensite

Light micrographs of lath martensite in Fe- C alloys are shown in Fig. 
5.23. The lath martensite units tend to be quite fine, but the characteristic 
acicularity of a martensitic microstructure is apparent. An important mi-
crostructural characteristic of lath martensites is the tendency of many 

Fig. 5.23  Lath martensite microstructures in (a) Fe-0.2C, (b) Fe-0.4C, and (c) 
Fe-0.6C alloys. Light micrographs. Sodium bisulfite etch. Source: 
Ref 5.10

50 µm

50 µm 50 µm

(a)

(b) (c)
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laths to align themselves parallel to one another in large areas of the par-
ent austenite grain. These regions of parallel lath alignment are referred to 
as packets and tend to develop most prominently in lower- carbon alloys, 
as shown in Fig. 5.23(a). The packets can be delineated because of the 
different etching characteristics of the different variants or orientations of 
the laths in the various packets. For example, the packet structure of lath 
martensite is strikingly shown in Figures 5.24 (a) and (b), color light mi-
crographs made possible by the use of polarized light and sodium bisulfite 
etching of martensite formed in an Fe- 0.2C alloy with a coarse austenitic 
grain size (Ref 5.50). Each packet, composed of a high density of largely 
parallel martensitic crystals, is shown in a different color, and although 
most of the crystals are too fine to be resolved in the light microscope, the 
general parallel alignment or acicularity of the martensite in the packets 
and the differences in orientation in adjacent packets are shown. 

Figure 5.25 shows the transition in martensite morphology that develops 
as the carbon content of the Fe- C alloys increases from 0.67 to 1.00% C. 
With increasing carbon content, more plates of martensite, differentiated 
from lath martensite by their larger size and their tendency to microcrack, 
are discernible in the microstructure.

Fig. 5.24  Lath martensite packets in an Fe-0.2 wt% C alloy. Light micro-
graph, polarized light, sodium bisulfite etch. Courtesy of A. Marder 
and A. Benscoter. Source: Ref 5.50
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A transmission electron micrograph of the lath martensite in an Fe- 0.2C 
alloy is shown in Fig. 5.26. All of the laths, even the very thin ones, are re-
solved, in contrast to the light micrograph of the same structure in Fig 5.23(a) 
and 5.24 where many units are not clearly defined. Parts of two packets are 
shown. In each packet there appear to be two major orientations or variants 
of the martensite laths, and there are many very fine laths. Figure 5.27 shows 
the distribution of lath widths obtained by measurements from electron mi-
crographs obtained from thin foils and replicas of polished and etched me-
tallographic specimens (Ref 5.51). The important result shown in Fig. 5.27 
is that most of the laths have widths smaller than 0.5 μm, the resolution limit 

Fig. 5.25  Transition from lath to plate martensite microstructures in Fe-C 
alloys between 0.67 and 1.00% carbon. (a) 0.67% C. (b) 0.75%.

(c) 0.82%. (d) 0.85%. (e) 0.93%. (f) 1.00%. Light micrographs. Sodium bisulfite 
etch. Source: Ref 5.10
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50 µm 50 µm(c) (d)
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of the light microscope, and therefore cannot possibly be revealed by light 
metallography. There are some laths with widths up to almost 2 μm, and 
these larger laths would, of course, be visible in the light microscope, as 
some are in Figures 5.23 and 5.24. It is the very fine size of most of the laths 
in a packet of low-  or medium- carbon martensite that has over the years 
made the light metallographic characterization of lath martensite difficult.

The very small size of the martensitic crystals means that there is a very 
high crystal boundary area in lath martensitic microstructures. Measure-
ments of lath boundary area per unit volume of martensitic microstructure 
on the order of 65,000 cm2/cm3 (cm–1) have been made for the martensite 
of Fe- 0.2C (Ref 5.51, 5.52). Some of the boundary area is associated with 
low- angle boundaries and some is associated with high- angle boundaries, 
depending on the orientation differences between the laths. On high- 
temperature tempering, the low- angle boundary area decreases signifi-
cantly, as discussed in Chapter 17, “Tempering of Steel.” 

The habit plane of lath martensite, {557}A, as measured in 1969 (Ref 
5.8), is irrational, a plane close to {111}A, as shown in Fig. 5.28. There are 
three {557}A variants clustered about each of the four {111}A planes, and 
the angle between these variants is only 16°. Laths of different habit plane 

Fig. 5.26  Lath martensite in an Fe-0.2C alloy. Two packets, each with two 
habit plane variants of laths, are shown. Transmission electron mi-
crograph. Source: Ref 5.51
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orientations within packets (see Fig. 5.26) frequently are observed to 
make angles of about 16° with each other, leading to the conclusion that 
the variants in a given packet all have variants close to the same (111)A 
plane. This coupling of variants, the small angles between variants, and 
the fine size of the laths give the microstructural impression that lath mar-
tensite has a {111}A habit with only four variants. Lath martensitic micro-
structures, therefore, appear much more orderly (see Fig. 5.23) than do the 
plate martensitic microstructures (see Fig. 5.19) with as many as 24 vari-
ants. The [557]A habit plane has also been measured in an extensive study 
of lath martensite in an Fe- 20Ni- 5Mn alloy (Ref 5.53).

Fig. 5.28  Habit planes of lath martensite. The data points shown correspond 
to a (557) habit plane. Source: Ref 5.8

Fig. 5.27  Distribution of lath widens in Fe-0.2C martensite. Vertical line 
shows limit of resolution of the light microscope. Source: Ref 5.51
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Although there may be several crystallographic variants of laths in a 
packet of lath martensite, one variant or group of closely aligned variants 
may be dominant. This characteristic of a packet means that most of the 
laths, separated by low- angle boundaries or perhaps retained austenite, 
have the same crystal orientation and that a packet may be considered as 
a single grain or crystal, albeit a grain divided by many low- angle bound-
aries and containing a fine structure of many dislocations.

In low- carbon steel and iron- nickel alloys, packets or portions of pack-
ets with martensite crystals of the same habit plane and same crystallo-
graphic orientation are referred to as blocks, based on the early work of 
Marder and Marder (Ref 5.54). The symmetry of austenite and martensite 
crystals correlates with 24 variations of the Kurdjumov- Sach relationship, 
meaning that the martensite crystals formed in a given austenite grain may 
have that many different orientations or alignments of atom planes (Ref 
5.55). Thus blocks are defined as regions where all of the parallel crystals 
have the same orientation or crystallographic alignment, and packets may 
consist of several blocks with slightly different orientations and habit 
planes. From the earlier discussion of martensite crystallinity, remember 
that the Kurdjumov- Sachs relationship refers to variants of the lattice re-
lationships between austenite and martensite crystals, and that the habit 
planes and variants are a result of lattice- invariant deformation, also re-
quired by the plane- strain formation of martensite crystals.

Recently the application of SEM/EBSD analysis has made possible the 
identification of blocks of lath martensite crystals with the same or close 
crystallographic orientations of the crystals. Figure 5.29 shows an orienta-
tion map obtained from EBSD analysis (Ref 5.56). Each colored area rep-

Fig. 5.29  Map of blocks, each with internal crystallographic misorientations 
of the martensitic crystals within the blocks of less than 10 de-

grees, in as-quenched low-carbon steel. Inverse pole figure map obtained from 
FE-SEM/EBSD analysis. Courtesy of Professor N. Tsuji, Kyoto University. Source: 
Ref 5.56.
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resents blocks or regions where the misorientations of the martensite 
crystals are less than 10 degrees, according to crystallographic orienta-
tions normal to the observation plane as shown in the stereographic tri-
angle insert. The many fine parallel crystals of martensite in a block are 
not shown. Further analysis showed that the crystals in each block may 
have been formed with two closely spaced variants of the Kurjumov- 
Sachs orientation relationship. The packet/block structure together with 
the very fine crystal size, substructure, and parallel arrangement of lath 
martensite within the packets has no counterpart in plate martensite and is 
important in establishing mechanical properties and fracture behavior of 
the martensite that forms in low-  and medium- carbon steels.

The fine structure of lath martensite consists predominantly of a very high 
density of dislocations, often too high to be resolved even by electron mi-
croscopy of thin foils. However, Speich (Ref 5.57) was able to determine, 
indirectly by electrical resistivity measurements, a dislocation density of al-
most 1012 dislocations per square centimeter in low- carbon lath martensite.

An example of the fine structure of lath martensite in an Fe- 0.2C alloy 
is shown in Fig. 5.30. The dislocations are tangled and arranged in incipi-
ent dislocation cells, a structure much different from the essentially 
straight, uniformly distributed dislocations of the Fe- Ni plate martensite 
shown in Fig. 5.17. The dislocation tangles are a result of a plastic defor-
mation mode consistent with the high Ms and high- temperature range of 
formation of the low- carbon lath martensite (see Fig. 5.14) whereas, as 
already noted, the straight dislocations of the Fe- Ni martensite are consis-
tent with low- temperature deformation of bcc iron alloys. The dislocation 
density of Fe- C lath martensite has been shown to increase with increas-
ing carbon content up to 0.60% C (Ref 5.58).

Fig. 5.30  Dislocation fine structure in lath martensite of an Fe-0.2C alloy. 
Transmission electron micrograph, original magnification 82,500×. 
Source: Ref 5.52
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Another consequence of the high Ms temperatures of lath martensite 
formed in low- carbon steels is autotempering or quench tempering, the 
precipitation of cementite in martensite during quenching. Aborn (Ref 
5.59) presented evidence of autotempering in an early study of struc-
ture and properties of low- carbon martensites, and Fig. 5.31 shows 
small plate- shaped cementite particles formed in as- quenched lath mar-
tensite crystals of plate steels containing 0.19% carbon (Ref 5.60). 
Large section sizes of steel that reduce cooling rates as well as high MS 

temperatures promote the formation of carbides during quenching (Ref 
5.61).

Although dislocations are the major fine structural component in lath 
martensite, fine transformation twins, a low- temperature mode of plastic 
accommodation, are also found to some extent in Fe- C lath martensite. 
The amount of fine twinning increases in accord with the decreasing Ms 
temperatures and lower athermal transformation ranges of lath martensite 
formation as carbon content increases.

The major change in morphology of martensite in Fe- C alloys and 
steels is the change from lath to plate morphologies, which begins in al-
loys containing about 0.6% C. However, there is a gradual change in mor-
phology within the lath range, as indicated in Fig. 5.23 and more clearly 
shown in Fig. 5.32. In the alloys with 0.43% and 0.55% C, although the 
martensite units still appear to be largely parallel and quite fine, the packet 
structure is more difficult to define. Also, on the scale resolvable with the 
electron microscope, more adjoining laths assume nonparallel variants 
(Ref 5.62).

As noted earlier, retained austenite is part of the microstructure of steels 
quenched to martensite, and in low- carbon steel with lath martensite mi-
crostructures, small amounts of austenite are retained between the crystals 
of lath martensite. Fig. 5.33 shows an example of thin interlath retained 

Fig. 5.31  Cementite (small linear dark features) formed in martensite during quenching of plate steels containing 
0.19% carbon (Ref 5.60). Transmission electron micrographs

1 µm 0.25 µm
(a) (b)
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austenite in a steel containing 0.06 wt% carbon. The linear bright features 
were illuminated by a diffracted beam from the austensite; some martens-
ite, the bulky bright features, was also illuminated because of a diffracted 
beam coinciding with the austenite beam.
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CHAPTER 6

Bainite

Bainite—An Intermediate Temperature  
Transformation Product of Austenite

AT TEMPERATURES between those at which the eutectoid transforma-
tion of austenite to pearlite and the transformation of austenite to martensite 
occur, a variety of unique microstructures may form in carbon steels. Daven-
port and Bain (Ref 6.1) showed by careful light microscopy that the micro-
structures formed at such intermediate temperatures were quite different from 
those of pearlite and martensite, and in honor of Edgar C. Bain, in 1934 his 
colleagues termed the unique microstructures bainite. Only later, in 1939 and 
1942, R. F. Mehl was the first to use the term in the literature (Ref 6.2, 6.3).

Figure 6.1 is a schematic time- temperature- transformation diagram, first 
published by Zener (Ref 6.4) and reprinted by Bhadeshia (Ref 6.5), that 

Fig. 6.1  Schematic time-temperature-transformation (TTT) diagram for a steel 
with well-defined pearlite and bainite formation ranges. Source: Ref 
6.4, 6.5
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Fig. 6.2  Schematic time-temperature-transformation (TTT) diagrams for (a) plain carbon steel with overlapping 
pearlite and bainite transformation and (b) alloy steel with separated bainite transformation and incom-
plete bainite transformation. Source: Ref 6.6, 6.7

clearly shows the intermediate temperature range, between those of pearl-
ite and martensite, for bainite formation. Steels with carbon contents other 
than the eutectoid composition would of course have regions of proeutec-
toid phase formation at temperatures above that of pearlite formation.

The schematic diagram of Fig. 6.1 shows a well- defined time- temperature 
transformation range for bainite formation. Such a well- defined range of 
bainite transformation is characteristic of low- alloy steels, especially on 
continuous cooling, and several examples showing alloying effects on 
producing separate proeutectoid ferrite/pearlite and bainite transformation 
regions are presented in Chapter 10, “Isothermal and Continuous Cooling 
Transformation Diagrams.” In plain carbon steels the transformation re-
gions for proeutectoid ferrite/pearlite and bainite are more continuous and 
even overlap with decreasing temperature. In alloy steels, alloying ele-
ments may even cause the arrest of bainite transformation, causing incom-
plete transformation at intermediate temperatures (Ref 6.6). The extreme 
effects of alloying, ranging from those in plain carbon steels to those in 
alloyed steels, on bainitic transformation are shown schematically in the 
time- temperature- transformation diagrams in Fig. 6.2.

Bainite Transformation Start Temperatures

The temperature at which bainite transformation starts is referred to as 
the BS temperature, and several empirical equations that show the effect of 
alloying elements on BS have been determined (Ref 6.5). Steven and 
Hayes (Ref 6.8) established the following equation for BS as a function of 
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composition (in wt%) for hardenable low- alloy steels containing from 0.1 
to 0.55% carbon:

BS(°C) =  830 – 270(%C) – 90(%Mn) – 37(%Ni) – 70(%Cr)  
– 83(%Mo) (Eq 6.1)

For low- carbon bainitic steels, containing between 0.15 and 0.29% C, for 
high- temperature applications in the electric power industry, Bodnar et al. 
(Ref 6.9) established the following equation, with compositions of the al-
loying elements in wt%:

BS(°C) = 844 – 597(%C) – 63(%Mn) – 16(%Ni) – 78(%Cr) (Eq 6.2)

Bainite versus Ferritic Microstructures

Bainitic microstructures take many forms. In medium-  and high- carbon 
steels, bainite, like pearlite, is a mixture of ferrite and cementite, and is 
therefore dependent on the diffusion- controlled partitioning of carbon be-
tween ferrite and cementite. However, unlike pearlite, the ferrite and ce-
mentite are present in non- lamellar arrays. As in martensite, the ferrite of 
bainitic microstructures may appear as acicular crystals, similar to the 
laths and plate- shaped crystals of martensite. Two major morphologies of 
ferrite- cementite bainitic microstructures have been identified, as de-
scribed subsequently, and in view of the two temperature ranges at which 
the morphologies develop, Mehl in 1939 designated the types as upper 

(temperature) bainite and lower (temperature) bainite (Ref 6.2). Figure 
6.3, as determined by Pickering (Ref 6.10), shows the effect of steel car-
bon content on transition temperatures between upper and lower bainite 
formation.

In low- carbon steels, at intermediate transformation temperature ranges, 
austenite may transform only to ferrite, resulting in two- phase micro-
structures of ferrite and retained austenite. The latter microstructures have 
morphologies quite different from the proeutectoid ferrite morphologies de-
scribed in Chapter 4, “Pearlite, Ferrite, and Cementite.” Although some fea-
tures of the intermediate ferritic microstructures are similar to those of the 
classical bainites, the absence of cementite in ferritic microstructures makes 
possible a clear differentiation of intermediate- temperature- transformation 
products of austenite decomposition.

According to a microstructural definition of bainite in steels as a non- 
lamellar ferrite- cementite product of austenite transformation, Aaronson 
et al. recognize six morphologies of bainite (Ref 6.11); Fig. 6.4 shows 
schematically those six morphologies of cementite- ferrite microstruc-
tures considered to be bainites. Upper and lower bainites are the most 
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common forms found in medium- carbon steel and are described in more 
detail in later sections of this chapter. However, in the absence of ce-
mentite, intermediate- temperature- transformation products of austenite 
fall in the category of ferrites, as described in Chapter 7, “Ferritic 
Microstructures.”

Fig. 6.4  Schematic illustrations of various ferrite (white)-cementite (black) 
microstructures defined as bainite according to Aaronson et al. (Ref

6.11). (a) Nodular bainite. (b) Columnar bainite. (c) Upper bainite. (d) Lower 
bainite. (e) Grain boundary allotromorphic bainite. (f) Inverse bainite

Fig. 6.3  Effect of steel carbon content on the transition temperature between 
upper and lower bainite. Source: Ref 6.10
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Upper Bainite

Upper bainite forms in the temperature range just below that at which 
pearlite forms, typically below 500 °C (930 °F). Figure 6.5 shows light 
micrographs of upper bainite formed by holding 4360 steel at 495 °C  
(920 °F) and 410 °C (770 °F). The bainite appears dark, and the individual 
ferritic crystals have an acicular shape. The bainitic transformation was 
not completed during the isothermal holds at the temperatures noted, and 
therefore the light etching areas are martensite that formed in untrans-
formed austenite on quenching after the isothermal holds. The bainite ap-
pears dark (i.e., has low reflectivity) because of roughness produced by 
etching around the cementite particles of the bainitic structure. The 
 cementite particles, however, are too fine to be resolved in the light 
microscope.

The feathery appearance of the clusters of ferrite crystals is clearly 
shown in the light micrographs and is sometimes an important identifying 
feature of upper bainite. Upper bainite microstructures develop by packets 
or sheaves of parallel ferrite crystals growing across austenite grains, pro-
ducing a blocky appearance. Figure 6.6 shows the latter characteristic of 
upper bainite in a 4150 steel transformed at 460 °C (860 °F).

The cementite particles of upper bainite form between ferrite crystals in 
austenite enriched by carbon rejection from the growing ferrite crystals. 
Figure 6.7 is a thin foil transmission electron microscope (TEM) micro-
graph that shows interlath cementite in a 4360 steel transformed to bainite 
at 495 °C. The carbide particles, compared with those that are present in 
lower bainite, are relatively coarse and appear black and elongated. In 
some steels, especially those with high silicon content, cementite forma-
tion is retarded. As a result, the carbon- enriched austenite between the fer-

Fig. 6.5  Upper bainite in 4360 steel isothermally transformed at (a) 495 °C (920 °F) and (b) 410 °C (770 °F). Light 
micrographs, picral etch, original magnification 750×. Source: Ref 6.12

(a) (b)



104 / Steels—Processing, Structure, and Performance, Second Edition

rite laths is quite stable and is retained during transformation and at room 
temperature. Figure 6.8 shows retained austenite in bainite formed at 400 °C 
(752 °F) in a steel containing 0.6% C and 2.0% Si. The austenite in this 
TEM image appears gray, and an example of the austenite is marked “A.”

Fig. 6.6  Upper bainite (dark rectangular areas) in 4150 steel transformed at 
460 °C (860 °F). Light micrograph, nital etch, original magnification 
500×. Courtesy of Florence Jacobs, Colorado School of Mines

Fig. 6.7  Carbide particles (dark) formed between ferrite crystals in upper bainite 
in 4360 steel transformed at 495 °C (920 °F). Transmission electron 
micrograph, original magnification 25,000×. Source: Ref 6.12
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Lower Bainite

An example of lower bainite, obtained from a specimen of 4360 steel 
partially transformed at 300 °C (570 °F), is shown in Fig. 6.9. Again, the 
bainite etches dark and the white- etching matrix is martensite formed on 
cooling in the austenite not transformed to bainite at 300 °C. Lower bainite 
is composed of large ferrite plates that form nonparallel to one another, 
and analogously to plate martensite microstructures, is often characterized 
as acicular. The carbides in the ferrite plates of lower bainite are respon-
sible for its dark etching appearance but are much too fine to be resolved 
in the light microscope.

Figure 6.10, a transmission electron micrograph, shows the very fine 
carbides that have formed in ferrite of lower bainite in 4360 steel trans-
formed at 300 °C. The fine carbides typically make an angle of about 60° 
with respect to the long axis of the matrix ferrite crystal. In contrast to 
upper bainite, fine carbides form within ferrite crystals, rather than be-
tween plates, and are significantly finer than the interlath carbides of upper 
bainite. Recently, improvements in the resolving power of scanning elec-
tron microscopes have made possible the observation of the fine carbides 
in lower bainite on polished and etched sections, as shown in Fig. 6.11.

A variant of lower bainite has been identified by Okamoto and Oka in 
hypereutectoid steels (Ref 6.13). This form of lower bainite is termed 
lower bainite with midrib and forms isothermally at lower temperatures, 
150 to 200 °C (300 to 350 °F) than the temperatures at which conventional 

Fig. 6.8  Retained austenite (gray, marked with A) between ferrite laths of 
upper bainite in 0.6% carbon steel containing 2.0% Si and trans-

formed at 400 °C (750 °F). Transmission electron micrograph, original magnifica-
tion 40,000×. Source: Ref 6.12
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lower bainite forms, 200 to 350 °C (390 to 660 °F). Figure 6.12 shows 
light and TEM micrographs of lower bainite with midrib in a 1.10% car-
bon steel transformed at 190 °C (370 °F). The midrib is an isothermally 
formed thin plate of martensite which provides the interface at which the 
two- phase carbide- ferrite lower bainitic structure forms.

Fig. 6.9  Lower bainite in 4360 steel transformed at 300 °C (570 °F). Light mi-
crograph, picral etch, original magnification 750×. Source: Ref 6.12

Fig. 6.10  Lower bainite with fine carbides within ferrite plates in 4360 steel 
transformed at 300 °C (570 °F). Transmission electron micrograph, 
original magnification 24,000×. Source: Ref 6.12
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Bainite Formation Mechanisms

The fact that the classical bainites consist of ferrite and non- lamellar 
distributions of cementite attests to the need for carbon diffusion during 
some stage of bainite transformation. However, the relatively low tem-
peratures at which bainites form severely restricts iron atom diffusion. 

Fig. 6.11  Lower bainite, showing fine carbides in the plates of the lower 
bainite, on a polished and nital-etched section of a medium car-

bon steel. Original magnification 3,000×, Field Emission SEM micrograph

Fig. 6.12  Lower bainite with midribs in a 1.10% carbon steel transformed at 
190 °C (375 °F) for 5 h. (a) Light micrograph. (b) TEM micrograph. 
Courtesy of H. Okamoto, Tottori University.

20 µm 0.5 µm(a) (b)
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The latter feature of the transformation of austenite to bainite has led to 
two quite different views of ferrite nucleation in bainite (Ref 6.5, 6.11, 
6.14, 6.15). One view states that the first- formed ferrite is formed by a 
diffusionless shear or martensitic transformation. The other view states 
that the first- formed ferrite nucleates and grows by a ledge- type mecha-
nism in which short- range iron atom rearrangement can take place at 
ledges in the ferrite- austenite interface. The references cited provide sci-
entific and experimental support for both sides of the argument about the 
nucleation and growth mechanisms of bainite, and the reader is referred to 
these references for more information and more extensive reference lists.

The empirical BS equations noted earlier reflect the strong effect of al-
loying elements on the start of bainitic transformation. Coupled with this 
characteristic of steels with prominent bainite transformations is the pres-
ence of a pronounced bay, or region of very sluggish transformation, in 
time- temperature- transformation (TTT) diagrams. These regions corre-
spond to the temperature ranges that show the marked separation of the 
transformation curves for pearlite and bainite in Fig. 6.1. An example of 
such a bay is shown in the isothermal TTT diagram for 4340 steel (Fig. 
6.13). Such bays correlate with the presence of substitutional alloying ele-
ments that may partition to or from ferrite and concentrate at austenite- 
ferrite interfaces, creating a solute drag, or significant restraining force, 
on the formation of bainitic ferrite (Ref 6.15, 6.17). As noted relative to 
Fig. 6.2, the isothermal transformation of austenite to bainite may be se-

Fig. 6.13  Isothermal transformation diagram for 4340 steel and isothermal 
heat treatments applied to produce various microstructures for 
fracture evaluation. Source: Ref 6.16
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verely retarded. This phenomenon is referred to as stasis and is also dis-
cussed in terms of atom partitioning and solute drag at austenite- ferrite 
interfaces (Ref 6.17, 6.18).

The distribution of very fine carbides in plates of lower bainite suggests 
that a ferrite crystal has initially formed, perhaps by a martensitic mecha-
nism, and as a consequence of the supersaturation of the ferrite with car-
bon, fine carbides precipitate within the ferrite. Another explanation for 
the formation of lower bainite has been proposed by Spanos et al. They 
conclude, based on extensive transmission electron microscopy of a series 
of Fe- C alloys containing 2.0% Mn, that a unit of lower bainite forms by 
a four- step process: “(1) precipitation of a nearly carbide- free ferrite spine; 
(2) sympathetic nucleation of secondary plates of ferrite, usually on only 
one side of and at an angle of approximately 55 to 60 degrees to the initi-
ating spine; (3) precipitation of carbides in austenite at a:c boundaries, 
forming gaps between adjacent secondary (ferrite) plates; and (4) an an-
nealing process in which the gaps are filled in with further growth of fer-
rite and additional carbide precipitation” (Ref 6.19).

Mechanical Behavior of Ferrite- Carbide Bainites

Steels largely transformed to ferrite- carbide bainitic microstructures 
develop a wide range of strengths and ductilities (Ref 6.10). Ultimate ten-
sile strengths of high- carbon lower bainitic microstructures may reach 
1,400 MPa (200 ksi) and hardness may reach 55 HRC or higher. The 
strengths are derived from relatively fine ferrite crystal structures, high 
dislocation densities within the ferritic crystals, and fine dispersions of 
cementite. The lower the temperature of bainite formation, the finer the 
carbide dispersions, and the higher the hardness and strength. Lower 
bainite microstructures compete well with low- temperature- tempered 
martensites in strength and fracture resistance. Often low- alloy steels are 
subjected to isothermal holds to form bainite, instead of quenching to 
martensite, in order to reduce the stresses that produce quench cracking. 
The latter heat treatment is referred to as austempering and is discussed  
in more detail in Chapter 20, “Residual Stresses, Distortion, and Heat 
Treatment.”

The type of bainite affects fracture characteristics. Hehemann et al. 
(Ref 6.20) showed that specimens with upper bainitic microstructures 
have low toughness and ductility compared with specimens with lower 
bainitic microstructures, and Pickering has shown that upper bainites have 
high ductile- to- brittle transition temperatures (Ref 6.10). These observa-
tions were confirmed in a study of 4340 steel isothermally transformed at 
various temperatures as shown in Fig. 6.13. Specimens quenched in oil 
and tempered at 200 °C (390 °F) had tempered martensite microstructures 
with hardness of 52 HRC, those held at 200 °C (390 °F) also transformed 
to tempered martensite with hardness 52 HRC, those held at 280 and 330 °C 
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(540 and 630 °F) transformed largely to lower bainite with hardness of 50 
and 44 HRC, repectively, and those transformed at 430 °C (810 °F) trans-
formed largely to upper bainite with hardness of 32 HRC.

Figure 6.14 shows the results of room- temperature instrumented Charpy 
V- notch (CVN) testing of the 4340 specimens. Instrumented impact test-
ing measures both initiation and propagation energies. The fracture energy 
of the specimens with the upper bainitic microstructures was significantly 
lower than those with tempered martensite or lower bainite. When frac-
ture was initiated in the upper bainite, the propagation energy dropped to 
zero. Fractography of the upper bainitic specimens showed, except at ini-
tiation at the notch root, that the fracture surface consisted entirely of 
cleavage fracture (Fig. 6.15b), a result attributed to the coarse interlath 
carbides and common cleavage plane of the parallel ferrite crystal in pack-
ets of upper bainite. In contrast, the fracture surfaces of the specimens 
transformed to tempered martensite consisted of ductile microvoid coales-
cence (Fig. 6.15a). Although in general, microstructures with lower 
strength and hardness show better ductility and fracture resistance than 
microstructures with higher hardness, the behavior of upper bainite, with 
its lower hardness compared with other microstructures in 4340 steel, 
contradicts this general rule. A study of the fracture behavior of 4150 steel 
isothermally transformed to lower and upper bainite confirms the strong 
susceptibility of upper bainite to cleavage fracture despite its lower hard-
ness and strength relative to lower bainitic microstructures (Ref 6.21).

Fig. 6.14  Impact energy absorbed as a function of isothermal transformation 
temperature for specimens of 4340 steel. E0 is total energy ab-

sorbed, E1 is fracture initiation energy, and E2 is fracture propagation energy. 
Source: Ref 6.16
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CHAPTER 7

Ferritic Microstructures

THIS CHAPTER DESCRIBES ferritic microstructures that form dur-
ing continuous cooling of carbon steels. Ferritic microstructures identified 
as proeutectoid ferrite have already been discussed in Chapter 4, “Pearlite, 
Ferrite, and Cementite,” in this book. These forms of ferrite nucleate as 
equiaxed grains on austenite grain boundaries or as Widmanstätten side 
plates and grow into austenite grain interiors, rejecting carbon until there 
is sufficient carbon to nucleate pearlite. The latter process produces the 
ferrite- pearlite microstructures of low-  and medium- carbon steels cooled 
in air after hot rolling or after normalizing heat treatments. The proeutec-
toid forms of ferrite, as well as the ferritic microstructures formed at 
lower, intermediate temperatures in the bainite range, are described in 
more detail in this chapter.

Depending on carbon content, alloy content, and cooling rate, several 
morphologies of ferrite other than equiaxed ferrite may form during con-
tinuous cooling of low- carbon steels. As noted in Chapter 6, “Bainite” in 
this book, some of these morphologies have similarities to bainite but 
without cementite formation. Also, similar to bainite, unique morpholo-
gies of ferrite form from austenite at temperatures intermediate to those at 
which proeutectoid ferrite/pearlite and martensite form. The nonequiaxed 
forms of ferrite are of great interest as an approach to produce combina-
tions of strength and ductility better than those obtainable in very- low- 
carbon and low- carbon steels with equiaxed ferrite microstructures. The 
nonequiaxed forms of ferrite received significant attention in the confer-
ence New Aspects of Microstructures in Modern Low Carbon High Strength 

Steels, held in Tokyo in 1994 (Ref 7.1), and an entire issue of ISIJ Inter-

national was devoted to papers from that conference (Ref 7.2). The devel-
opment of low- carbon, high- strength low- alloy (HSLA) steels for U.S. 
Navy ship plate applications has also stimulated evaluation of unique fer-
ritic microstructures in low- carbon steels (Ref 7.3). Also, in view of the 
low- carbon content of weld metal and weldable steels, the formation of 
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various ferritic microstructures in rapidly cooled weld metal and heat- 
affected zones in low- carbon steels is of great interest (Ref 7.4).

The Dubé Classification System for Proeutectoid 
Ferritic Microstructures

A good starting point for the classification of ferritic microstructures is 
the Dubé system, as amplified by Aaronson (Ref 7.5). The Dubé classifi-
cation system applies to all alloy systems but relates well to the high 
 temperature ferrite morphologies that form from austenite in steels. Figure 
7.1 shows schematically various morphologies of crystals described in the 
Dubé system. Figure 7.1(a) represents a crystal that has nucleated on and 
grown along a parent- phase grain boundary. This type of crystal is termed 
a grain- boundary allotriomorph and, in steels, corresponds to the equiaxed 
ferrite that has been described in Chapter 4, “Pearlite, Ferrite, and Ce-
mentite,” of this book as the proeutectoid ferrite morphology that pre-
cedes pearlite formation in hypoeutectoid steels.

Ferrite crystals in steels often have a plate or needlelike shape. This 
morphology is termed Widmanstätten, in honor of the French scientist 
Alois de Widmanstätten. In the Dubé system, such crystals are referred to 
as Widmanstätten side plates. Primary side plates grow directly from grain 

Fig. 7.1  Schematic diagrams of ferrite morphologies according to the Dubé 
classification system. The text describes the terms used for each mor- 
phology. Source: Ref 7.5
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boundaries, as shown in Fig. 7.1(b)(1); secondary side plates grow from 
grain- boundary allotriomorphs as shown in Fig. 7.1(b)(2). Widmanstätten 
saw teeth have a more triangular appearance, as seen in Fig. 7.1(c), and 
also may be nucleated directly on grain boundaries or on grain- boundary 
allotriomorphs, as shown. Idiomorphs are equiaxed crystals that may form 
on grain boundaries or within grains (Fig. 7.1d). Nucleation of ferrite id-
iomorphs within austenite grains is rare because of the interfacial energy 
increase associated with the formation of completely new ferrite/austenite 
interfaces of ferrite crystals nucleating within austenite. In contrast, grain- 
boundary allotriomorphs require lower interfacial energy to nucleate be-
cause they make use of already existing high- energy, disordered austenite 
grain- boundary interfaces. The Dubé system also recognizes Widmanstät-
ten plates that form intragranularly (Fig. 7.1e).

General Considerations—Cooling- Rate- Induced 
Changes in Ferrite

The various ferrite morphologies and other microstructural products of 
austenite decomposition result from increasingly restricted atom motion 
with decreasing temperature of transformation. Iron atom rearrangement 
from austenite to equiaxed ferrite crystals and long- range diffusion of car-
bon atoms require high temperatures. At intermediate temperatures, while 
interstitial carbon atoms still have good mobility, the movement of iron 
atoms is severely retarded, and either very short- range rearrangement at 
ferrite- austenite ledges or shear mechanisms are required to form non-
equiaxed ferrite crystals. At very low temperatures, neither iron atoms nor 
carbon atoms can diffuse, and austenite transforms to martensite com-
pletely by shear, without diffusion, as described in Chapter 5, “Martens-
ite” in this book.

Figure 7.2, as presented by Wilson (Ref 7.6), shows the changes in 
transformation temperature and corresponding microstructures with in-
creasing cooling rates and decreasing temperature during continuous 
cooling of an Fe- 0.01%C alloy. Continuous cooling arrest temperatures 
are clearly tied to various microstructures and independent transformation 
curves. When a critical cooling rate is attained for a given product of aus-
tenite decomposition, the formation of that product is suppressed, and 
transformation shifts to another product requiring transformation mecha-
nisms with reduced dependence on diffusion. Ultimately, at the highest 
rates of cooling martensite forms, and even the lattice invariant compo-
nent of martensitic transformation changes, from dislocation movement to 
twinning.

Temperature- induced changes in microstructure are illustrated in Fig. 7.3, 
a micrograph taken from a water- quenched specimen of a high- purity Fe- 
0.2%C alloy. The low carbon content and absence of alloying elements 
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reduced hardenability, and, as a result, allotriomorphic ferrite in two orien-
tations, marked A and B, nucleated at the start of cooling. As cooling in-
creased, the growth of the allotriomorphs ceased and Widmanstätten side 
plates nucleated and grew into the austenite grains. Eventually, the tips of 
side plates, as shown in the upper cluster, became components of the mar-
tensite structure, supporting the action of shear in Widmanstätten ferrite 
formation. Not only does this example show the progression in micro-
structure formation at high cooling rates, but it also reflects insights into 
the growth of the various crystals as proposed by C.S. Smith (Ref 7.7).

Smith proposed that the crystal structure of one of the two austenite 
grains separated by a boundary may closely match the iron atom arrange-
ment in a nucleated ferrite grain; that is, a definite crystallographic orien-
tation relationship may exist between the two crystals, and the resulting 
interface would have a high degree of coherency. The relatively good 

Fig. 7.2  Transformation start temperatures as a function of (a) cooling rate 
and (b) associated transformation curves for various austenite trans-
formation products in an Fe-0.01%C alloy. Source: Ref 7.6
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packing of atoms at such an interface, however, would make transfer of 
atoms across the interface difficult and result in a boundary with low dif-
fusional mobility. The atom arrangement between the other austenite grain 
and the ferrite crystal may not match nearly as well; thus, an incoherent 
interface with a large degree of atomic misfit would separate the ferrite 
and austenite of the other austenite grain. Atoms in such an interface 
would easily move from face- centered cubic (fcc) packing to the body- 
centered cubic (bcc) structure, producing a boundary with a high degree 
of mobility. At high transformation temperatures and low undercooling, 
the incoherent boundary would migrate and produce the typical grain- 
boundary allotriomorph ferrite morphology. At lower temperatures, with a 
high degree of undercooling, the migration of the incoherent boundary by 
diffusion would be restricted, and the high driving force would cause the 
ferrite with the coherent boundary and good crystallographic coupling 
with the austenite to propagate, resulting in a Widmanstätten side plate.

The frequently observed growth of Widmanstätten side plates into only 
one grain at a boundary is explained by the Smith hypothesis and is dem-
onstrated in Fig. 7.3. For example, allotriomorphs of orientation A have 
good crystallographic coupling with the austenite grain on the right, while 
the reverse is true of the ferrite grain marked B.

Fig. 7.3  Ferrite grain-boundary allotriomorphs, Widmanstätten side plates, 
and martensite in a quenched Fe-0.2%C alloy. Ferrite allotriomorphs

A and B have orientations that favor Widmanstätten growth into different austen-
ite grains, as described in the text. Replica electron micrograph from an extrac-
tion replica. Original magnification: 7500×. Courtesy of R.N. Caron
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Classification Systems for Ferritic Microstructures

The similarities and differences between bainite and ferritic microstruc-
tures have been addressed in several classification systems. The basis for 
a system, based on isothermal decomposition of austenite, proposed by 
Ohmori et al. (Ref 7.8) is shown in Table 7.1. These authors recognize that 
ferrite formed at intermediate transformation temperatures may form 
without cementite and that such ferrite and the ferrite of upper bainite will 
have a lathlike or acicular morphology.

Bramfitt and Speer (Ref 7.9) proposed a more comprehensive system 
for bainite, as shown in Fig. 7.4. This system includes a category for acic-
ular ferrite microstructures without cementite, but combined with other 
phases or microstructures. The other structures may be austenite, martens-
ite, or pearlite. Frequently during the formation of acicular ferrite, austen-
ite is retained, and on cooling to room temperature, that austenite may 
transform partially to martensite, producing what is now commonly re-
ferred to as the martensite- austenite (M/A) constituent of microstructures 
composed mostly of acicular ferrite.

Ferritic microstructures that form in low- carbon steels during continu-
ous cooling or during isothermal holding at intermediate transformation 
temperatures have received considerable recent attention. Identification, 
characterization, and classification of the various ferritic structures are 
based primarily on continuous- cooling- transformation (CCT) diagrams, 
examples of which are shown in Fig. 7.5 and 7.6. Figure 7.5 shows the 
CCT diagram for an ultralow- carbon steel investigated by the ISIJ Bainite 
Committee (Ref 7.10). The composition of the steel is given in the figure, 
and the symbols identifying the various transformation products are given 
in Table 7.2. Figure 7.6 shows the CCT diagram for a low- carbon HSLA 
steel (Ref 7.11). The letters PF, WF, AF, and GF stand for polygonal fer-
rite, Widmanstätten ferrite, acicular ferrite, and granular ferrite, respec-
tively. The International Institute of Welding (IIW) has also established a 
system for the various morphologies of ferrite (Ref 7.12). The following 
sections describe the various ferritic microstructures and terminologies in 
more detail.

Table 7.1 Morphology of bainite in isothermally 
transformed steels

Microconstituent

Criteria

Ferrite morphology Carbide distribution

Ferrite Lathlike Acicular ferrite (carbide free)
Upper bainite BI BII BIII
Lath interface
Lower bainite Platelike Within grain

Source: Ref 7.8
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Polygonal or Equiaxed Ferrite

This ferritic microstructure, already described as proeutectoid ferrite, 
forms at the highest austenite transformation temperatures and slowest 
cooling rates in low- carbon steels. The ferrite crystals or grains are nucle-
ated as grain- boundary allotriomorphs and grow away from austenite 
grain boundaries to form equiaxed grains. In view of the latter geometry, 
this type of ferrite is referred to as equiaxed or polygonal ferrite (PF) and 
is designated αP in the ISIJ Bainite Committee notation. The IIW system 
terms the equiaxed morphology as primary ferrite and distinguishes pri-
mary ferrite nucleated on austenite grain boundaries and in grain interiors 

Fig. 7.4  Proposed classification system for bainitic microstructures accord-
ing to Bramfitt and Speer. Source: Ref 7.9

Fig. 7.5  Continuous-cooling-transformation diagram for an ultra-low-carbon steel as deter-
mined by S. Sayanaji in Ref 7.10. The symbols for the various microstructures are 
defined in Table 7.2.
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as PF(G) and PF(I), respectively. Figure 7.7 shows polygonal ferrite in a 
low- carbon HSLA steel isothermally transformed at 675 °C (1250 °F) for 
500 s (Ref 7.13). The sections through the ferrite grains are smooth, reflect 
light, and therefore appear white, and the equiaxed ferrite grains are sepa-
rated by continuous, linear boundaries. The dark- etching areas of the mi-

Table 7.2 Symbols and nomenclature for ferritic 
microstructures according to the ISIJ Bainite 
Committee

Symbol Nomenclature

IO Major matrix phases

αP Polygonal ferrite
αq Quasi-polygonal α
αW Widmanstätten α
αB (Granular bainitic) α
αB

O Bainitic ferrite
α′m Dislocated cubic martensite

IIO Minor secondary phases

g
r Retained austenite

MA Martensite-austenite constituent
α′M Martensite
ATM Autotempered martensite
B BII, B2: upper bainite

Bu: upper bainite
BL: lower bainite

P′ Degenerated pearlite
P Pearlite
Θ Cementite particle

Source: Ref 7.10

Fig. 7.6  Continuous-cooling-transformation diagram for a high-strength, low-
alloy steel containing 0.06% C, 1.45% Mn, 1.25% Cu, 0.97% Ni,

0.72% Cr, and 0.42% Mo. PF, polygonal ferrite; WF, Widmanstätten ferrite; AF, 
acicular ferrite; GF, granular ferrite. Source: Ref 7.11
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crostructure consist of martensite that formed in untransformed austenite 
during quenching after the 500 s hold.

Growth of polygonal ferrite is controlled by rapid substitutional atom 
transfer across partially coherent or disordered austenite- ferrite interfaces 
and long- range diffusion of carbon atoms rejected from the growing fer-
rite. Partitioning of substitutional alloying elements, such as manganese 
and nickel, may occur at interfaces of polygonal ferrite, a phenomenon 
that may cause significant reductions in growth rates of grain- boundary 
ferrite allotriomorphs (Ref 7.14, 7.15).

Widmanstätten Ferrite

Widmanstätten ferrite (WF), or αW, has a coarse, elongated morphol-
ogy, readily resolved in the light microscope. Figure 7.8 shows WF crys-
tals formed in HSLA steel by isothermal transformation of austenite at 
600 °C (1110 °F) for 100 s (Ref 7.13). The elongated WF crystals appear 
uniformly white, with no evidence of substructure within individual crys-
tals. The dark areas in Fig. 7.8 are martensite formed during quenching 
after the isothermal hold. The dislocation density within Widmanstätten 
ferrite crystals is low.

Fig. 7.7  Polygonal ferrite (light structure) formed in HSLA-80 steel isother-
mally transformed at 675 °C (1250 °F) for 500 s. Martensite (dark

structure) has formed during cooling in austenite untransformed after the isother-
mal hold. Light micrograph, nital etch. Courtesy of M. Kumar. Source: Ref. 7.13

20 µm
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There is general agreement that WF forms at faster cooling rates than 
polygonal ferrite and in temperature ranges just below those at which 
equiaxed ferrite forms. Recently, the effects of substitutional alloying ele-
ments on Widmanstätten start temperatures, WS, has been evaluated (Ref 
7.15). The elongated shape and surface relief associated with Widmanstät-
ten ferrite formation is explained by ledge mechanisms of growth (Ref 
7.16, 7.17). Figure 7.9 shows a schematic model of phase growth by 
ledges. The ledges are identified as risers, and these interfaces between a 
growing ferrite crystal and the parent austenite are assumed to be partially 
coherent or disordered; that is, the atomic packing is assumed to be irregu-
lar and open. The latter situation gives the ledges high mobility: iron and 
other substitutional element atoms can readily transfer from austenite to 
ferrite at the ledge. The broad interfaces, identified as terraces in Fig. 7.9, 
in contrast to the ledges, are coherent or have good atomic matching be-
tween the two phases, making atom transfer across the terraces difficult. 
The ledges migrate along the long axes of Widmanstätten plates, and the 
migration of many ledges causes thickening of the plates in a direction 
normal to the direction of ledge migration.

Ledges are difficult to identify because of their small dimensions and 
because the austenite at the ferrite interface during plate formation trans-

Fig. 7.8  Widmanstätten ferrite (large, elongated white crystals) formed in 
high-strength, low-alloy steel isothermally transformed for 100 s at

600 °C (1110 °F). Dark areas are martensite formed during quenching after the 
isothermal hold. Light micrograph, nital etch. Courtesy of M. Kumar. Source: Ref 
7.13

20 µm
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forms on cooling to martensite or other austenite decomposition products. 
However, thermionic emission electron microscopy, which permits the 
examination of ferrite growth at temperatures where austenite is stable, 
has documented the presence and motion of ledges (Ref 7.16, 7.17). In 
low- carbon, copper- containing steels, the precipitation of copper particles 
at interfaces between Widmanstätten ferrite crystals and austenite, similar 
to interphase eutectoid transformation described in Chapter 4, “Pearlite, 
Ferrite, and Cementite,” has been observed (Ref 7.18). This observation 
provides evidence for substitutional atom diffusion during Widmanstätten 
plate growth. Figure 7.10 shows Widmanstätten ferrite saw teeth in 
copper- containing low- carbon steel. Consistent with observations of side 
plates, the dislocation density in the saw teeth crystals is low.

Quasi- Polygonal or Massive Ferrite

Rapid cooling of very- low- carbon steels, from temperatures where 
single- phase austenitic microstructures are stable to temperatures where 
single- phase ferritic microstructures are stable, makes possible a high- 
temperature transformation of austenite to ferrite without a composition 
change. Cooling must be rapid enough to prevent the partitioning of car-
bon between the austenite and ferrite when the steel passes through the 
two- phase ferrite- austenite phase field. Coarse ferrite grains are produced 
by the rapid cooling; therefore, the ferrite is referred to as massive ferrite 
and the transformation that produces the coarse grains is referred to as the 
massive transformation (Ref 7.6, 7.19). Because there is no composition 
change, that is, only a change in crystal structure from fcc to bcc is re-
quired, the massive transformation can be accomplished by rapid, short- 
range atom transfer across austenite/ferrite interfaces.

Figure 7.11 shows an example of massive ferrite formed in an ultra- 
low- carbon steel. Similar to polygonal ferrite, massive ferrite grains are 
coarse, roughly equiaxed, and their boundaries cross the boundaries of 

Fig. 7.9  Schematic diagram of ledge growth at interface of ferrite and parent 
austenite. GL is the thickening growth rate, VS is the lateral ledge

velocity, h is the ledge height, and λ is the interledge spacing. Adapted from Ref 
7.17
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Fig. 7.11  Quasi-polygonal ferrite formed in ultra-low-carbon steel contain-
ing 0.003% C and 3.00% Mn cooled at 50 °C/s (90 °F/s). Light 
micrograph. Courtesy of C.C. Tseng, Colorado School of Mines

20 µm

Fig. 7.10  Widmanstätten ferrite saw teeth with low dislocation density in a 
copper-containing high-strength, low-alloy steel cooled at 0.1 °C/s

(0.2 °F/s). Transmission electron microscopy micrograph. Source: Ref 7.11

0.5 µm
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prior- austenite grains. However, the grain boundaries of massive ferrite 
are irregular, and the grains often show etching evidence of a substructure. 
As a result, massive ferrite microstructures differ from polygonal ferrite, 
which has straight boundaries and no substructure. In view of the latter 
differences, a new term, quasi- polygonal ferrite, αq, was assigned in the 
ISIJ notation to differentiate massive ferrite from polygonal ferrite. The 
jagged boundaries of quasi- polygonal ferrite may be caused by some in-
terstitial or substitutional atom partitioning at migrating interfaces during 
transformation (Ref 7.20). Transmission electron microscopy (TEM) 
shows that quasi- polygonal ferrite contains high dislocation densities, dis-
location subboundaries, and even M/A constituent (Ref 7.21, 7.22). The 
latter features of massive ferrite correlate with low yield- to- ultimate- 
strength ratios and high strain- hardening rates, features that produce ex-
cellent combinations of strength and ductility in continuously cooled 
low- carbon steels (Ref 7.1).

Bainitic or Acicular Ferrite

At high rates of cooling, austenite of low-  and ultra- low- carbon 
steels transforms to much finer ferrite crystals than those of the ferritic 
morphologies described in the preceding sections. The crystals have an 
elongated or acicular shape and are referred to as α B

O in the ISIJ system 
or as acicular ferrite, AF (Ref 7.11, 7.23–7.25). Although the austenite 
transforms only to ferrite, coexisting with retained austenite or M/A 
constituent, acicular ferrite, in groups of parallel crystals with inter-
vening austenite, is also included in bainite classification systems. 
Acicular ferrite is classified by Ohmori et al (Ref 7.8) as B1 bainite, 
and by Bramfitt and Speer (Ref 7.9) as B2, acicular ferrite with inter-
lath austenite.

Figures 7.5 and 7.6 show the cooling rates at which bainitic ferrite 
forms relative to rates at which the other ferrite morphologies form. The 
range of temperatures in which acicular ferrite forms is clearly in the 
intermediate- temperature range. Detailed study of an HSLA- 80 plate 
steel, containing 0.05% C, 0.50% Mn, 0.88% Ni, 0.71% Cr, and 0.20% 
Mo, yielded the CCT diagram shown in Fig. 7.12 (Ref 7.24). Speich and 
Scoonover (Ref 7.25) have produced a similar diagram for this type of 
steel. Acicular ferrite, and granular ferrite, as described subsequently, 
formed at high cooling rates in the intermediate- temperature transforma-
tion range. The classical bainitic ferrite- cementite microstructures, upper 
bainite, UB, and lower bainite, LB, formed only during slow cooling. 
Large volume fractions of polygonal ferrite first formed at low cooling 
rates. The rejection of carbon from the polygonal ferrite, even in the 
low- carbon steel, eventually concentrated carbon in untransformed aus-
tenite to levels that made the cementite component of classical bainites 
possible.
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Figure 7.13 shows a microstructure of acicular ferrite formed at 500 °C 
(930 °F) in an HSLA- 80 steel. The most prominent features of this light 
microscope image are aligned, elongated, parallel features. Transmission 
electron microscopy shows that the latter features are crystals of austenite 
or M/A constituent that have been retained between crystals of acicular 
ferrite. The matrix structure in Fig. 7.13 is in fact made up of many fine 
crystals of ferrite, but these crystals have effectively the same crystal ori-
entation and therefore are separated only by low- angle boundaries. The 
latter boundaries do not etch and therefore are not visible in metallo-
graphic specimens observed in the light microscope. Another important 
characteristic of acicular ferrite, as determined by TEM, is a high disloca-
tion density within the ferrite crystals.

In low- carbon steel weld metal, another distribution of acicular ferrite 
develops. In contrast to acicular ferrite that forms in wrought steel plate 
and sheet, where the ferrite crystals form parallel to one another in blocks 
in contact with prior- austenite grain boundaries, the acicular ferrite in 
welds forms in nonparallel arrays within austenite grains. The latter distri-
bution of ferrite crystals is termed intragranular acicular ferrite (IAF) and 
has been shown to develop by nucleation on oxide particles within the 
weld metal (Ref 7.12, 7.26–7.28). Figure 7.14 shows a schematic of in-
tragranular acicular ferrite formation, and Fig. 7.15 shows the very fine 
 ferritic microstructure that has developed in a low- carbon steel weld.  
Titanium is a strong oxide former, and titanium additions to weld metal 
produce the oxides TiO, TiO2, and Ti2O3 on which intragranular acicular 
ferrite nucleates.

Fig. 7.12  Continuous-cooling-transformation diagram for HSLA-80 steel. 
Source: Ref 7.24
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A review (Ref 7.29) of the mechanical properties of low- carbon steels 
with largely acicular ferrite M/A microstructures showed that yield 
strengths ranged from 450 to 985 MPa (65 to 145 ksi) and tensile strengths 
ranged from 580 to 1415 MPa (85 to 205 ksi). In view of the high disloca-
tion density of the acicular ferrites and the retained austenite component 
of the microstructures, yield- to- ultimate- tensile- strength ratios were low. 
High strain- hardening rates produced by strain- induced transformation of 

Fig. 7.14  Schematic diagram of intragranular acicular ferrite (IAF) and other 
ferrite morphologies in weld metal. Source: Ref 7.28

Fig. 7.13  Acicular ferrite formed by isothermal transformation of a copper-
containing HSLA-80 steel transformed for 5000 s at 500 °C (930 °F).

Light micrograph, nital etch. Courtesy of M. Kumar, Colorado School of Mines

10 µm
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retained austenite contributed to high ultimate tensile strengths of the con-
tinuously cooled low- carbon steels. Also, the very fine intragranular acic-
ular ferrite microstructure of low- carbon steel welds, as shown in Fig. 7.15, 
has been shown to produce welds of very high toughness.

Granular Ferrite or Granular Bainitic Ferrite

Granular bainitic ferrite, αB, or granular ferrite, GF, forms at intermedi-
ate transformation temperatures in low- carbon steels (Fig. 7.5, 7.6, 7.12) 
and therefore has many similarities to bainitic or acicular ferrite. Earlier, 
this microstructure has been referred to as granular bainite by Habraken 
and Economopoulos (Ref 7.30), but in the absence of cementite in the 
microstructure, a ferrite category of terminology for this microstructure, 
rather than a bainite category, as described in Chapter 6, “Bainite” in this 
book, is preferred. Also, morphological characteristics of granular ferrite 
merit a category of austenite- to- ferrite transformation different from that 
of acicular ferrite.

Figure 7.16 shows a light micrograph of granular ferrite that has formed 
during continuous cooling of a modified A710 steel containing 0.33% C, 
1.44% Mn, 1.20% Cu, 2.19% Ni, 0.67% Cr, and 0.46% Mo. Similar to 
acicular ferrite microstructures, the microstructure of granular ferrite con-
sists of islands of retained austenite or M/A dispersed in a featureless ma-
trix that may reveal prior- austenite grain boundaries as a result of etching. 
However, in contrast to acicular ferrite, the dispersed particles have a 

Fig. 7.15  Acicular ferrite in low-carbon weld metal. Light micrograph, nital 
etch. Original magnification: 500×. Courtesy of S. Liu, Colorado 
School of Mines
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granular or equiaxed morphology. The ferrite crystals of the matrix, as 
shown by TEM (Ref 7.10, 7.11, 7.30), are quite fine, on the order of a few 
micrometers in size; are equiaxed in shape; contain a high density of dis-
locations; and are separated by low- angle boundaries. The latter charac-
teristic makes the boundaries hard to etch in metallographic sections and 
accounts for the featureless appearance of the granular ferritic matrix in 
light micrographs.
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CHAPTER 8

Austenite in Steel

Introduction—The Critical Importance of Austenite

THE IRON- CARBON PHASE DIAGRAM, Fig. 3.1 in Chapter 3, 
“Phases and Structures” in this book, shows that austenite is the crystal 
structure stable at high temperatures in iron and steels. As described in 
Chapter 3, the face- centered cubic structure of austenite has high solubil-
ity for carbon in octahedral interstitial sites of close- packed arrays of iron 
atoms. Multiphase ferrite- cementite microstructures, stable at room tem-
perature, transform on heating to single- phase austenite. The high solubil-
ity of carbon in austenite causes the cementite to dissolve and the carbon 
concentrated in the cementite to go into solution in austenite. Without high 
densities of second phases such as cementite or other carbides, single- 
phase austenite has very high hot ductility and is readily hot worked by 
rolling or forging to smaller sections and complex shapes. Single- phase 
austenite is of course an ideal structure, and steels heated into the austen-
ite phase field may in fact contain other phases such as inclusions, car-
bides (depending on alloying and time available for solution), and 
precipitates of microalloying elements. Nevertheless, the excellent hot 
ductility of austenite is a major contributor to the cost- effective manufac-
ture of steel structures, especially when heavy, as- cast sections must be 
converted to smaller sections and shapes.

Austenite is the parent phase of all the microstructures described to this 
point: pearlite, proeutectoid phases, martensite, bainite, and various fer-
ritic microstructures. Depending on chemical composition and cooling 
rate, the austenite of a given steel could transform to all of the listed mi-
crostructures. Some of the microstructures may serve in- process func-
tions and some may serve for end applications. Thus, steel has great 
versatility made possible by the thermodynamic stability of austenite at 
high temperatures and the thermodynamic forces that drive austenite 



134 / Steels—Processing, Structure, and Performance, Second Edition

transformation to more stable, lower- energy microstructures on cooling. 
The transformations to lower- energy microstructures are dependent on ki-
netic factors, such as processing times and temperatures that enhance or 
restrict diffusion- controlled mechanisms of microstructural change. Con-
trol of these factors permits the production of steels with many different 
microstructures and properties.

Austenite Grain Size and Measurement

Many characteristics of steel, such as hardenability and the microstruc-
tures of austenite transformation products, depend on austenitic grain size. 
For example, refinement of austenitic grain size in low- carbon sheet and 
plate steels is critical in producing fine- grained ferritic microstructures 
with high strength and toughness (see Chapter 11, “Deformation, Strength-
ening, and Fracture of Ferritic Microstructures” in this book), and the 
packet size of lath martensite is directly dependent on austenitic grain size 
(Fig. 8.1) (Ref 8.1). However, at room temperature austenite is no longer 
present in most transformed microstructures, and even if some is retained 

Fig. 8.1  Relationship of the packet size of lath martensite microstructures to 
austenite grain size. References for the various data sets are given in

Ref 8.1. Roberts data are for Fe-Mn alloys and the other data are for a Fe-0.2%C 
alloy.
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as in medium-  and high- carbon martensitic microstructures, that retained 
austenite does not define the grain size of the parent austenite. In view of 
the absence of austenite itself, frequently the austenite grain size of a steel 
is referred to as the prior- austenite grain size.

To measure austenitic grain size, the prior- austenite grain boundaries 
must first be revealed. Table 8.1 shows some of the methods used to reveal 
austenite grain size in steels (Ref 8.2). In the category of delineation by 
ferrite or cementite, thin grain- boundary networks of proeutectoid ferrite 
or proeutectoid cementite within largely pearlitic microstructures, pro-
duced after hot rolling or normalizing, are very effective in revealing 
prior- austenite grain boundaries in medium-  and high- carbon steels. How-
ever, in low- carbon steels where equiaxed ferrite grains grow across aus-
tenite grain boundaries and make up most of the microstructure, delineation 
of austenite boundaries by ferrite is not effective. Quenching from the 
austenite phase field to produce martensite that marks the extent of austen-
ite grains has been effectively used to measure grain size in low- carbon 
steel (Ref 8.3).

Etching techniques, including those based on picric acid solutions, offer 
the best approach to showing prior- austenite grain boundaries in hardened 
steels. Nital etching tends to reveal primarily the details of martensitic 
microstructures. Examples of etching to reveal austenite grain boundaries 
are shown in Fig. 8.2 and 8.3. Figure 8.2 shows the microstructure of a 
quenched Fe- 1.22%C alloy etched to show austenite grain boundaries 
(Fig. 8.2a) and plate martensite (Fig. 8.2b) (Ref 8.4). The austenite grain 
boundaries were revealed by etching untempered specimens in a boiling 

Table 8.1 Methods to reveal austenitic grain size

Method Comments

Picric acid solutions Used for a wide range of steels having martensitic or 
bainitic structures

Room-temperature etch
Unpredictable, does not always work
May give information on unrecrystallized grain shape

McQuaid-Ehn carburization Used for a limited range of steels (mainly hypoeutectoid)
Lengthy 8 h treatment at 925 °C (1690 °F)
May not reflect true grain size of as-received steels

Oxidation Used for a limited range of steels (mainly hypoeutectoid)
Heat treatment for 1 h at 855 °C (1575 °F)
May not reflect true grain size of as-received steels

Vacuum grooving Used for a wide range of steels
Heat treatment for 1 h or less at 900 °C (1652 °F) 
Full potential not known
May not reflect true grain size of as-received steels

Delineation by ferrite or cementite Used for a range of hypoeutectoid and hypereutectoid 
steels

Heating above Ac3, followed by controlled cooling
Used for some as-received steels (carbon composition 

range limited)

Source: Ref 8.2
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solution of 25 g NaOH, 2 g picric acid, and 100 mL H2O for 15 min, fol-
lowed by etching lightly in nital. Nital etching alone did not reveal the 
austenite grain boundaries, as shown in Fig. 8.2(b). Figure 8.3 shows a 
similar set of micrographs for a martensitic Fe- 0.2%C alloy (Ref 8.1). In 
this case, the prior- austenite grain boundaries were revealed after temper-
ing by etching in a solution of 80 mL H2O, 28 mL oxalic acid (10%), and 

Fig. 8.2  Microstructure of an Fe-1.22%C alloy austenitized at 890 °C (1635 °F) for 2 min and water quenched.  
(a) Etched to show austenite grain boundaries. (b) Etched to show martensite. Etchants are given in the 
text. Courtesy of R. Brobst

30 µm(a) (b)

Fig. 8.3  Microstructure of an Fe-0.2%C alloy quenched to form martensite. (a) Etched to show austenite grain 
boundaries. (b) Etched to show microstructure of lath martensite. Etchants are given in the text. Courtesy 
of T. Swarr (Ref 8.1)

10 µm(a) (b)
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4 mL H2O2. The lath martensite microstructure was best revealed by nital 
etching.

One of the most effective techniques to reveal prior- austenite grain 
boundaries in hardened steels is to etch with an aqueous solution saturated 
with picric acid and containing sodium tridecylbenzene sulfonate (Ref 8.5) 
with small additions of HCl (Ref 8.6). Etching with this solution attacks 
the prior- austenite grain boundaries. To  remove intragranular microstruc-
tural features, the etched structure should be lightly repolished, leaving 
only the etched grain boundaries. The latter step is especially important 
when grain sizes are measured by electronic image analysis: intragranular 
features would provide signals interpreted by the system as grain boundar-
ies. The effectiveness of the etch- polish technique in revealing prior- 
austenite grain boundaries in the martensitic core of a carburized steel is 
shown in Fig. 8.4.

Grain sizes can be measured by comparison to standards or by lineal 
intercept analysis (Ref 8.7–8.9). The ASTM International grain size num-
ber, n, is obtained from the expression 2(n–1), which gives the number of 
grains per square inch in a microstructure examined at a magnification of 
100×. Intercept methods, such as the Heyn intercept method, measure the 
number of grain- boundary intersections along a straight line in a properly 
prepared metallographic specimen, allowing for magnification and requir-
ing intersections with at least 50 grains. Table 8.2 relates ASTM grain size 
numbers to intercept distances and other measures of grain size (Ref 8.7). 
Note that the finer the grain size, that is, the greater the number of grains 
per unit area or the smaller the intercept distance, the higher is the ASTM 
grain size number.

Fig. 8.4  Prior-austenite grain boundaries in the core of a carburized steel. (a) Etched and partially repolished, leav-
ing remnants of intragranular structure. (b) Etched and repolished to remove all intragranular structure. 
Light micrographs; details of etching are given in the text. Source: Ref 8.5

20 µm 20 µm(a) (b)
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Table 8.2 Micrograin size relationships

ASTM 

micrograin 

size No.

Calculated 

“diameter” of 

average grain

Average intercept 

distance(a)

Calculated area of 

average grain section

Average 

number  

of grains  

per mm3

Nominal 

grains  

per mm2  

at i×

Nominal 

grains  

per in2  

at 100×mm in. × 10–3 mm in. × 10–3 mm × 10–3 in. × 10–3

000(b) 0.508 20.0 0.451 17.8 258 400 7.63 3.88 0.250
00 0.359 14.1 0.319 12.6 129 200 21.6 7.75 0.500
00.5 0.302 11.9 0.268 10.6 091.2 141 36.3 11.00 0.707
01.0 0.254 10.0 0.226 08.88 064.5 100 61.0 15.50 1.000

0.250 09.84 0.222 08.74 062.5 096.9 64.0 16.00 1.030
01.5 0.214 08.41 0.190 07.47 045.6 070.7 103 21.90 1.410

0.200 07.87 0.178 06.99 040.0 062.0 125 25.00 1.610
0.180 07.09 0.160 06.29 032.4 050.2 171 30.90 1.990

02.0 0.180 07.07 0.160 06.28 032.3 050.0 172.3 31.00 2.000
02.5 0.151 05.95 0.134 05.30 022.8 035.4 290 43.80 2.830

0.150 05.91 0.133 05.24 022.5 034.9 296 44.40 2.870
03.0 0.127 05.00 0.113 04.44 016.1 025.0 488 62.00 4.000

0.120 04.72 0.107 04.20 014.4 022.3 578.9 69.40 4.480
03.5 0.107 04.20 0.0948 03.73 011.4 017.7 821 87.70 5.660

0.090 03.54 0.0799 03.15 008.10 012.6 1,370 1230.0 7.970
04.0 0.0898 03.54 0.0797 03.14 008.06 012.5 1,380 1240.0 8.000
04.5 0.076 02.97 0.0671 02.64 005.70 008.84 2,320 1750.0 11.300

0.070 02.76 0.0622 02.45 004.90 007.59 2,920 2040.0 13.200
05.0 0.064 02.50 0.0564 02.22 004.03 006.25 3,910 2480.0 16.000

0.060 02.36 0.0533 02.10 003.60 005.58 4,630 2780.0 17.900
05.5 0.0534 02.10 0.0474 01.87 002.85 004.42 6,570 3510.0 22.600

0.050 01.97 0.0444 01.75 002.50 003.88 8,000 4000.0 25.800
06.0 0.045 01.77 0.0399 01.57 002.02 003.13 11,000 4960.0 32.000

0.040 01.58 0.0355 01.40 001.60 002.48 15,600 6250.0 40.300
06.5 0.038 01.49 0.0335 01.32 001.43 002.21 18,600 7010.0 45.300

0.035 01.38 0.0311 01.22 001.23 001.90 23,000 8160.0 52.700
07.0 0.032 01.25 0.0282 01.11 001.01 001.56 31,000 9920.0 64.000

0.030 01.18 0.0267 01.05 000.90 001.40 37,000 1,1100.0 71.700
07.5 0.027 01.05 0.0237 00.933 000.713 001.10 52,500 1,4000.0 90.500

0.025 00.984 0.0222 00.874 000.625 000.969 64,000 1,6000.0 1030.00
08.0 0.0224 00.884 0.0199 00.785 000.504 000.781 88,400 1,9800.0 1280.00

0.0200 00.787 0.0178 00.699 000.40 000.620 125,000 2,5000.0 1610.00
08.5 0.0189 00.743 0.0168 00.660 000.356 000.552 149,000 2,8100.0 1810.00
09.0 0.0159 00.625 0.0141 00.555 000.252 000.391 250,000 3,9700.0 2560.00

0.0150 00.591 0.0133 00.524 000.225 000.349 296,000 4,4400.0 2870.00
09.5 0.0134 00.526 0.0119 00.467 000.178 000.276 420,000 5,6100.0 3620.00
10.0 0.0112 00.442 0.00997 00.392 000.126 000.195 707,000 7,9400.0 5120.00

0.0100 00.394 0.00888 00.350 000.10 000.155 01.00 × 106 10,0000.0 6450.00
10.5 0.00944 00.372 0.00838 00.330 000.089 000.138 01.19 × 106 11,2000.0 7240.00

0.00900 00.354 0.00799 00.315 000.081 000.126 01.37 × 106 12,3000.0 7970.00
0.00800 00.315 0.00710 00.280 000.064 000.0992 01.95 × 106 15,6000.0 1,0100.00

11.0 0.00794 00.313 0.00705 00.278 000.063 000.0977 02.00 × 106 15,9000.0 1,0200.00
0.00700 00.276 0.00622 00.245 000.049 000.0760 02.92 × 106 20,4000.0 1,3200.00

11.5 0.00667 00.263 0.00593 00.233 000.045 000.0691 03.36 × 106 22,4000.0 1,4500.00
0.00600 00.236 0.00533 00.210 000.036 000.0558 04.63 × 106 27,8000.0 1,7900.00

12.0 0.00561 00.221 0.00498 00.196 000.031 000.0488 05.66 × 106 31,7000.0 2,0500.00
0.00500 00.197 0.00444 00.175 000.025 000.0388 08.00 × 106 40,0000.0 2,5800.00

12.5 0.00472 00.186 0.00419 00.165 000.022 000.0345 09.51 × 106 44,9000.0 2,9000.00
0.00400 00.158 0.00355 00.140 000.0160 000.0248 15.62 × 106 62,5000.0 4,0300.00

13.0 0.00397 00.156 0.00352 00.139 000.0158 000.0244 016.0 × 106 63,5000.0 4,1000.00
13.5 0.00334 00.131 0.00296 00.117 000.011 000.0173 026.9 × 106 89,8000.0 5,8000.00

0.00300 00.118 0.00266 00.105 000.009 000.0140 037.0 × 106 111,0000.0 7,1700.00
14.0 0.00281 00.111 0.00249 00.0981 000.0079 000.0122 045.2 × 106 127,0000.0 8,2000.00

0.00250 00.098 0.00222 00.0874 000.00625 000.00969 064.0 × 106 160,0000.0 10,3000.00

(a) Value of Heyn intercept for equiaxed grains. (b) The use of 00 is recommended instead of “–1” or “minus 1” to avoid confusion. Source: 
Ref 8.7
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Austenite Formation

Austenite formation is very much a function of starting microstructure. 
In pearlitic structures, austenite formation is effectively the reverse of the 
eutectoid reaction:

α(0% C) + Fe3C(6.67% C) = γ(0.77% C) (Eq 8.1)

This equation shows that considerable diffusion of carbon is necessary for 
austenite formation to balance the carbon in the various phases of the re-
action. Cementite is the source of carbon for the austenite, and therefore, 
the reaction begins at carbon- rich ferrite/cementite interfaces. In ferrite/ 
pearlite or in spheroidized microstructures, austenite nucleates in pearlite 
or at cementite particles, but further growth is dependent on carbon diffu-
sion from carbides, through the surrounding austenite, to austenite/ferrite 
interfaces. Figure 8.5 shows schematically various types of nucleation 
sites for austenite formation (Ref 8.10). Even in carbon steels with starting 
martensitic microstructures, austenite formation is associated with car-
bides and carbon diffusion because of very rapid tempering of martensite 
on heating to austenite formation temperatures (Ref 8.11–8.13). Neverthe-
less, austenite formation from martensitic or tempered martensitic micro-
structures is very rapid because of fine carbide distributions and short 
diffusion distances. Shear transformation of martensite to austenite has 
been documented only in iron- nickel alloys with nickel contents on the 
order of 30% (Ref 8.14, 8.15).

Bain and Grossman have published, based on the work of the metal-
lographer Villela, now- classic studies of austenite formation in pearlitic 
and spheroidized microstructures (Ref 8.16). Figure 8.6 shows the devel-
opment of austenite in the pearlitic structure of a eutectoid steel. A series 
of specimens were heated into the austenite field, held for the times shown, 
and quenched. Areas of austenite formation are visible as white patches 
within the lamellar pearlitic structure. The austenite, of course, trans-
formed to martensite on quenching, but the etching differences between 
the newly formed martensite and the preexisting pearlite allow clear delin-

Fig. 8.5  Nucleation sites for austenite formation in microstructures of (a) fer-
rite, (b) spheroidite, and (c) pearlite. Source: Ref 8.10
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eation of the extent of austenite formation. In addition to the development 
of austenite, Fig. 8.6 shows that not all of the cementite is dissolved as the 
austenite grows into the pearlite. The cementite persists in the form of 
spheroidized particles (the small dark spots in the white areas) and dis-
solves only with longer holding times at temperature. Other work con-
firms the persistence of cementite in austenite after initial austenite 
formation (Ref 8.10).

When the amount of austenite formed in Fig. 8.6 is plotted as a function 
of time, the curve shown in Fig. 8.7 results. Austenite formation requires 
some incubation or time for the first nuclei to form and then proceeds at a 
more rapid rate as more nuclei develop and grow. At higher temperatures, 
the diffusion rate of carbon increases, and austenite forms more rapidly. 
Figure 8.8 shows the acceleration of austenite formation in a pearlitic 
0.80% C steel when austenitizing temperature is raised from 730 to 751 °C 
(1346 to 1385 °F) (Ref 8.17).

In microstructures consisting initially of ferrite and spheroidized ce-
mentite particles, austenite forms first at the interface between the car-
bides and the ferrite, as noted in Eq 8.1. Figure 8.9 shows this process as 
a function of time. The cementite particles are soon enveloped by austen-
ite, and later austenite formation depends on carbon diffusion through the 
austenite as the carbides dissolve. Figure 8.10 shows that the latter process 

Fig. 8.6  Formation of austenite (light patches) in pearlite as a function of 
time. Light micrographs. Source: Ref 8.16
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leads to a slower rate of austenite formation compared with that in a pearl-
itic steel (Fig. 8.7), where the closely spaced ferrite and cementite lamel-
lae reduce the diffusion distances for austenite formation. Judd and Paxton 
(Ref 8.18) and Speich and Szirmae (Ref 8.10) show similar effects associ-
ated with austenite formation in microstructures of ferrite and spheroidized 
cementite particles. Another view of austenite formation, in a 52100 steel, 
is shown in Fig. 8.11. Specimens, with pearlitic microstructures, were rap-
idly heated in salt to the temperatures shown, held for the times shown, 
and quenched to martensite (Ref 8.19). The progress of austenite forma-
tion was followed by hardness measurements, and when martensite hard-
ness reached a constant level, austenite transformation was considered to 

Fig. 8.7  Volume percent austenite formed from pearlite in a eutectoid steel 
as a function of time at a constant austenitizing temperature. Source: 
Ref 8.16

Fig. 8.8  Effect of austenitizing temperature on the rate of austenite formation 
from pearlite in eutectoid steel. Source: Ref 8.17
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Fig. 8.10  Austenite formation from a coarse spheroidized microstructure as 
a function of time. Source: Ref 8.16

be complete. Austenite formation was rapid, taking less than 10 s at tem-
perature for completion at 800 and 850 °C (1470 and 1560 °F). The slight 
decreases in hardness of the martensite formed after complete austenitiza-
tion at the lower temperatures are a result of lower carbon content of aus-

Fig. 8.9  Formation of austenite around cementite particles in spheroidized 
steel. Light micrographs. Source: Ref 8.16
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tenite coexisting with higher volume fractions of carbides stable at the 
lower temperatures.

Time- Temperature- Austenitizing Diagrams

Impressive collections of time- temperature- austenitizing (zeit- temperature- 
austenitisierung) diagrams for many alloy steels have been determined by 
A. Rose and his colleagues at the Max- Planck- Institut für Eisenforschung 
(Ref 8.20, 8.21). Hollow cylindrical specimens (8 mm, or 0.31 in., diameter; 
0.5 mm, or 0.02 in., wall thickness; and 9 mm, or 0.35 in., long) were induc-
tion heated at rates from 0.05 to 2400 °C/s (0.09 to 4300 °F/s). Temperatures 
were measured by thermocouples welded to the specimens, and dimensional 
changes on heating and cooling were measured by dilatometer.

Two examples of time- temperature- austenitizing (TTA) diagrams are 
shown here. Figure 8.12 shows a TTA diagram produced by continuous 
heating of a medium- carbon alloy steel: 42CrMo4, containing 0.37% C, 
0.64% Mn, 1.00% Cr, and 0.21% Mo. This steel corresponds to SAE 
4140. Three zones associated with austenitizing are shown. The zone be-
tween Ac1 and Ac3 defines the temperature range in which the ferrite/car-
bide microstructure coexists while austenite forms. Critical temperatures 
increase with increasing heating rate. Above the Ac3, there is a zone where 
carbides continue to dissolve and carbon content homogenizes. For condi-
tions above the dashed line, homogeneous, single- phase austenite of uni-
form composition is established.

Figure 8.13 shows the TTA diagram produced by continuous heating  
of the high- carbon steel 100Cr6 containing 1.00% C, 0.34% Mn, and 

Fig. 8.11  Hardness vs. log time at three intercritical austenitizing tempera-
tures for 52100 steel with a starting microstructure of pearlite. 
Courtesy of K. Hayes, Ref 8.19
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1.52% Cr. This steel corresponds to SAE 52100. In view of the chromium 
content of this steel, there is a three- phase field, ferrite- carbide- austenite, 
marked by two lower critical temperatures, Ac1b and Ac1e, instead of the 
single Ac1 temperature characteristic of iron- carbon alloys or steels with 
low- alloy content. Austenite and carbide coexist between Ac1e and the 
Acm, as required in a hypereutectoid steel, and therefore, even with very 
low rates of heating, austenite and carbide coexist at temperatures up to 
the Acm. The Acm line increases rapidly with increasing heating rate, an ef-
fect of the sluggish dissolution of chromium- containing cementite in this 
steel.
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Fig. 8.12  Time-temperature-austenitizing diagram for 42CrMo4 (SAE 4140) 
steel. Source: Ref 8.20
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Austenite Grain Growth in the Absence of  
Second Phases

Once austenite has formed and completely replaced the low- temperature 
starting microstructure, grain growth begins immediately. Grain boundar-
ies, with their disordered atomic arrays where grains meet, increase the 
energy of a microstructure. Therefore, grain- boundary energy provides a 
thermodynamic driving force that is lowered by the elimination of grain- 
boundary area and associated grain growth. Austenite grain growth is 
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most rapid just after a low- temperature ferrite/cementite microstructure 
has been fully converted to austenite. At this point, the grains are the fin-
est, and the grain- boundary area is a maximum, providing a high driving 
force for growth. Also as a result of the impingement of grains during the 
formation of the austenitic microstructure, many grain boundaries are 
curved. The grain boundaries therefore grow toward their centers of cur-
vature and assume planar shapes to reduce grain- boundary area. Small 
grains are consumed by larger grains, another process that occurs early in 
the growth process.

The kinetics of grain growth are represented by an equation of the form 
(Ref 8.22):

D2 – D2
0 = Kt (Eq 8.2)

where D is the grain size at a time t after grain growth has started at a 
given temperature, D0 is the grain size at the start of grain growth, and K 

is a temperature- dependent constant that is related to thermally activated 
diffusion associated with grain growth. If it is assumed that the grain size 
at the beginning of grain growth is very fine and can be neglected, by rear-
ranging Eq 8.2, the following equation results:

D = Kt1/2 (Eq 8.3)

This equation mathematically represents the rapid first stages of grain 
growth and the reduced rate of grain growth with increasing time at tem-
perature, provided that no arrays of second- phase particles are present in 
the austenite.

Figure 8.14 shows grain growth in a plain carbon steel containing 
0.22% C and 1.04% Mn, 0.33% Si, and 0.016% Al (Ref 8.23). At high 
austenitizing temperatures, parabolic growth curves, and the strong effect 
of temperature and increased atom mobility, are apparent. Very little grain 
growth occurred at the lower austenitizing temperatures because of the 
fact that the steel was aluminum killed, and that, as described subse-
quently, aluminum nitride particles suppressed grain growth. At high tem-
peratures, aluminum nitride particles are dissolved, and there is no restraint 
to grain- boundary motion.

The Effect of Second- Phase Particles on Austenitic  
Grain Growth

Particles very effectively restrict austenitic grain growth. When a grain 
boundary incorporates a second- phase particle, for that boundary to ad-
vance beyond the particle, grain- boundary area, equivalent to that occu-
pied by the particle, must be created. Figure 8.15 shows this process 
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schematically (Ref 8.24). The energy increase associated with increased 
grain- boundary area creates an effective pinning force on boundary mo-
tion by the particle. Zener (8.25) has derived an equation that relates grain 
size to parameters that characterize particle distributions:

R r
f

= 4
3

(Eq 8.4)

where R is the radius of a matrix grain (assumed spherical), r is the radius 
of the pinning particles, and f is the volume fraction of pinning particles. 
Assuming a more realistic grain geometry, that of a tetrakaidecahedron (a 
14- sided grain shape), Gladman (Ref 8.24, 8.26) has derived the following 
equation for the effect of particles on effective grain radius, R0:

R Z r
f0 1 4

3
= − 

















(Eq 8.5)

where Z = R/R0, a factor that represents the size advantage of a growing 
grain over that of its neighbors. The Gladman equation reduces the pro-
portionality constant between grain radius and the ratio r/f. Nevertheless, 

Fig. 8.14  Austenite grain size as a function of time in a plain carbon steel 
containing 0.22% C and 0.016% Al at several austenitizing tem-
peratures. Source: Ref 8.23
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both the Zener and Gladman equations show the strong effects of particle 
distributions on grain size. Very fine pinning particles, even when present 
in low volume fractions, effectively maintain fine grain sizes. This condi-
tion is true of aluminum- killed and microalloyed low-  and medium-  car-
bon steels, as described subsequently. Coarse pinning particles can also 
effectively maintain fine grain sizes, provided they are present in high 
volume fractions. The latter type of grain size control is characteristic of 
intercritically austenitized high- carbon steels and tool steels.

Second- phase particle distributions in austenite can be so effective that 
no grain growth occurs within reasonable heating times at relatively low 
austenitizing temperatures. Therefore, the parabolic growth kinetics as-
sociated with early rapid grain growth, as discussed previously, no longer 
apply. However, with increasing temperature, second- phase particles coarsen 
and dissolve, and rapid, discontinuous grain growth develops. This type of 
grain growth is sometimes referred to as secondary recrystallization be-
cause the kinetics of discontinuous grain growth are similar to that of re-
crystallization (Ref 8.27). Recrystallization is characterized by a period of 
incubation, followed by a rapid increase in the rate of recrystallization 
following the incubation period. The particle- pinning period that sup-
presses grain growth is considered to be analogous to the incubation pe-
riod in recrystallization.

Fig. 8.15  Schematic diagram of grain-boundary pinning by a second-phase 
particle. Source: Ref 8.24



Chapter 8: Austenite in Steel / 149

Austenite Grain Size in Aluminum- Killed Steels

Steels deoxidized with aluminum are described as killed steels because 
the strong affinity of aluminum for oxygen limits gas evolution and cre-
ates a quiet or killed bath of liquid steel. Aluminum oxides formed by the 
deoxidation process mostly float out of liquid steel, but some oxides may 
be retained as oxide inclusions in solidified steel. Some aluminum also 
remains in solution in the solid steel, and this characteristic of aluminum- 
killed steels produces excellent austenite grain- size control. The latter as-
pect of aluminum additions to steel and many other effects of aluminum, 
especially its combination with nitrogen, are described in a comprehen-
sive review article by Wilson and Gladman (Ref 8.28)

Aluminum and nitrogen have high solid solubility in austenite at high 
temperatures but decreased solubility with decreasing temperature, caus-
ing aluminum nitride (AlN) crystal formation in austenite according to the 
following equation (Ref 8.28, 8.29):

Al + N = AlN (Eq 8.6)

where Al and N represent aluminum and nitrogen dissolved in austenite. 
The amount of aluminum and nitrogen dissolved is given by the solubility 
product [%Al][%N], which is temperature dependent according to the 
equation (Ref 8.30):

log[% ][% ] .A N1 7400 1 95= − +
T

(Eq 8.7)

Other equations have also been developed and are reviewed by Wilson 
and Gladman. If the amounts of aluminum and nitrogen cause the value of 
the solubility product to be exceeded at a given temperature, precipitation 
of AlN will occur. Equation 8.7 shows that the solubility product decreases 
with decreasing temperature, reflecting the increased tendency for AlN 
precipitation at low austenitizing temperatures.

The strong effect of AlN on grain growth has made aluminum- killed 
steels synonymous with fine- grained heat treated steels. Coarse- grained 
steels are generally deoxidized with silicon, a practice that does not pro-
duce particle dispersions effective in inhibiting austenite grain growth. 
Figure 8.16 compares austenite grain size, measured by ASTM number, in 
fine- grained and coarse- grained steels as a function of temperature (Ref 
8.31). The aluminum- killed fine- grained steel exhibits almost no grain 
growth at low austenitizing temperatures, but a discontinuous increase in 
grain size occurs at a temperature marked the grain- coarsening tempera-
ture. This behavior is consistent with secondary recrystallization as dis-
cussed previously, in this case caused by the precipitation of fine AlN 
particles and their eventual dissolution at the grain- coarsening tempera-



150 / Steels—Processing, Structure, and Performance, Second Edition

ture. In contrast, austenite grain size increases continuously with increas-
ing temperature in the coarse- grained steel, even at low temperatures.

Austenitizing temperatures for hardening steels generally never exceed 
980 °C (1800 °F), and therefore, aluminum- killed steels retain a fine aus-
tenite grain size. The austenite grain size of coarse- grained steels would 
grow significantly at low austenitizing temperatures, especially during 
carburizing treatments that are frequently performed over many hours at 
930 to 955 °C (1700 to 1750 °F). Figure 8.17 demonstrates the great dif-
ference in austenite grain size that develops when steels of different coars-
ening behavior are carburized (Ref 8.16).

Figure 8.18 shows the effect of aluminum content on the grain- 
coarsening temperatures in mild steel (Ref 8.32). Aluminum contents up 
to 0.08% Al increase the coarsening temperature, but higher additions 
cause a slight lowering. The latter effect is also shown in Fig. 8.19, where 
the amount of AlN is plotted as a function of temperature for steels with 
three different aluminum contents. Despite the higher volume fraction of 
AlN in the steel containing 0.15% Al, its grain- coarsening temperature is 
lower than that of the steels with a lower aluminum content. This result is 
attributed to coarse AlN particles produced during solidification and hot 
working rather than coarsening and/or solution of aluminum nitride par-
ticles during final austenitizing treatments.

A remarkable example of discontinuous grain growth or secondary 
 recrystallization has been documented in aluminum- killed steels cold 

Fig. 8.16  Austenite grain size as a function of austenitizing temperature for 
coarse-grained and fine-grained steels. Rapid discontinuous grain

growth occurs at the grain-coarsening temperature in fine-grained steels. Source: 
Ref 8.31
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worked prior to carburizing heat treatment. A relatively recent approach to 
the manufacture of complex shapes such as gears has been to cold forge 
rather than hot forge (Ref 8.33). When such parts are carburized, very 
coarse grains may form within a generally very fine- grain- sized matrix. 
Figure 8.20 shows an example of discontinuous grain growth in an SAE 
8620 steel containing 0.22% C, 0.85% Mn, 0.58% Cr, 0.42% Ni, 0.25% Mo, 
0.039% Al, and 0.018% N cold worked 75% prior to austenitizing for 4 h 
at 930 °C (1700 °F) to simulate a carburizing heat treatment (Ref 8.34). 

Fig. 8.18  Effect of aluminum content in steel on the grain-coarsening tem-
perature of austenite. Source: Ref 8.32

Fig. 8.17  Comparison of austenitic grain size in (a) coarse-grained SAE 1015 
steel and (b) fine-grained SAE 4615 steel after carburizing. Light 
micrographs. Original magnification: 1000×. Source: Ref 8.16

(a) (b)
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Very coarse grains, greater than 100 μm in size, have grown within a ma-
trix of very fine grains, on the order of 5 μm (ASTM No. 12) in size.

Several factors appear to contribute to the formation of the abnormally 
coarse austenite grains (Ref 8.34, 8.35). Processing prior to carburizing 
produces strained ferritic starting structure and extremely fine AlN parti-
cles that produce very fine austenite grains on heating to the carburizing 

Fig. 8.20  Prior-austenite grain structure showing large difference in grain 
size in an SAE 8620 steel subjected to a simulated carburizing

treatment after specimen has been cold worked 75%. Light micrograph; special 
picral etch. Source: Ref 8.34

100 µm

Fig. 8.19  Change in volume percent AlN as a function of temperature in 
mild steel containing 0.01% N and Al as shown. Grain-coarsening 
temperatures are marked by arrows. Source: Ref 8.32
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temperature. The very fine as- austenitized grain size with its very high 
grain- boundary area, together with very fine AlN particles, results in a 
very unstable austenitic grain structure that, with time at austenitizing 
temperature, may be very susceptible to discontinuous grain growth. Sub-
critical annealing treatments prior to cold working were found to greatly 
reduce sensitivity to abnormal austenite grain growth.

Austenite Grain- Size Control in Microalloyed Steels

The addition of small amounts, on the order of 0.1%, of alloying ele-
ments such as niobium, vanadium, and titanium to steel offer an important 
cost- effective approach to grain- size control and strengthening. The term 
microalloying is applied to such steels to contrast with the more substan-
tial additions of alloying elements, up to several percent or more, in alloy 
steels such as those specified in the AISI/SAE system described in Chap-
ter 1, “Introduction: Purpose of Text, Microstructure and Analysis, Steel 
Definitions and Specifications” in this book. Austenitic grain- size control 
by the microalloying elements niobium, vanadium, and titanium is based 
on the same principles described relative to aluminum additions for aus-
tenitic grain- size control. However, despite the fact that aluminum ad-
ditions, on the order of 0.02 to 0.04%, for grain- size control qualify 
aluminum as a microalloying element, aluminum- containing steels are 
never referred to as microalloyed steel (Ref 8.24). This usage is in part 
due to the fact that aluminum is usually added to low- alloy steels contain-
ing significant amounts of the alloying elements chromium, nickel, and 
molybdenum, while steels microalloyed with niobium, vanadium, and ti-
tanium provide benefits without such additions.

The general approach to evaluate precipitation of and grain- size control 
by microalloying is based on reactions between substitutional elements, 
X, including niobium, vanadium, titanium, aluminum, and boron, and in-
terstitial elements, Y, carbon and/or nitrogen, in austenite to form a com-
pound XYn (Ref 8.36), as:

X + nY = XYn (Eq 8.8)

The underlining indicates that the elements are in solution in austenite. 
Frequently, the factor n is unity, as is the case for AlN formation (Eq 8.6). 
The equilibrium constant, K, or the solubility product, for a given reaction 
is given as:

K = [X][Y]n (Eq 8.9)

where X and Y are the wt% of elements X and Y dissolved in austenite.
The temperature dependence of the solubility product is given as:
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log[ ][ ]X Y n = − +A
T

B (Eq 8.10)

where A and B are constants that may be estimated from free- energy data 
or determined experimentally, and T is temperature in Kelvin.

Figure 8.21 shows solubility products as a function of temperature for 
various reactions in austenite (Ref 8.36). The curves are identified by 
compounds, carbides, nitrides, and carbonitrides, formed from various 
combinations of elements. The higher the solubility product, the higher is 
the solubility of the reacting elements. All curves decrease with decreas-
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Fig. 8.21  Solubility products vs. temperature for various compounds in aus-
tenite. Source: Ref 8.36
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ing temperature, indicating that eventually the austenite will become su-
persaturated with the elements and precipitation will occur. Vanadium 
and niobium compounds have relatively high solubility, while aluminum, 
boron, and titanium have relatively low solubility and readily form ni-
tride precipitates at low concentrations in austenite, even at high tempera-
tures. Table 8.3 lists the temperature dependence of a number of solubility 
products.

Fine particle dispersions of the microalloying elements retard austenitic 
grain growth, as discussed previously. The more stable the particles, the 
more effectively grain growth is retarded to higher temperatures. Figure 
8.22 shows the relative effects of various elements on the suppression of 
austenitic grain growth (Ref 8.37). The curve marked C- Mn, representing 
a plain carbon steel with no particle dispersions, shows continuous in-
crease in grain size with increasing temperature. The other elements, ac-
cording to their temperature- dependent solubility, all show suppression of 
grain growth at low austenitizing temperatures. Vanadium has the highest 
solubility, and therefore, vanadium carbonitride precipitates dissolve at 
the lowest temperatures, causing discontinuous grain coarsening at lower 
temperature compared with steels alloyed with the other elements. Tita-
nium nitride is remarkably stable, and therefore, there is minimal or no 
grain coarsening even at high temperatures typical of hot work and forg-
ing (Ref 8.38).

The amounts of the microalloying elements determine when the solu-
bility for a given element is exceeded. Figure 8.23 shows a set of curves 
for a series of niobium- containing steels (Ref 8.39). The higher the con-

Table 8.3 Temperature dependence of solubility products (K g) for 
various carbides, nitrides, and carbonitrides in austenite

Solubility product log K g

[%Al][%N] − +
6770 1 03

T
.

[%B][%N] − +
13 970 5 24, .

T

[%Nb][%N] − +
10 150 3 79, .

T

[%Nb][%C]0.87 − +
7020 2 81

T
.

[%Nb][%C]0.7[%N]0.2 − +
9450 4 12

T
.

[%Ti][%N] − +
15 790 5 40, .

T

[%Ti][%C] − +
7000 2 75

T
.

[%V][%N] − +
7700 2 86

T
.

[%V][%C]0.75 − +
6560 4 45

T
.

Source: Ref 8.36
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Fig. 8.22  Relative austenite grain-coarsening characteristics of various mi-
croalloyed steels. Source: Ref 8.37

Fig. 8.23  Austenite grain-coarsening characteristics in steels alloyed with 
various amounts of niobium. Source: Ref 8.39
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tent of niobium, the higher are the temperatures at which solubility is ex-
ceded; that is, there is more niobium than can be dissolved in the austenite. 
As a result, the higher the niobium content, the more effectively grain 
growth is suppressed at higher temperatures compared with steels with 
lower concentrations of niobium.

Hot Deformation of Austenite

As noted in the introduction of this chapter, one of the major benefits of 
austenite is the workability it provides to steels. Primary processing of 
wrought steels involves casting and subsequent hot rolling to finished 
shapes that may be further shaped by forging or cold work. Figure 8.24 
shows a schematic diagram of the temperature- time steps associated with 
hot working (Ref 8.40). Cast steel shapes are reheated and subjected to 
roughing and finishing hot reduction roll passes at successively lower 
temperatures. The austenitic microstructure responds to the hot deforma-
tion by various mechanisms of deformation, recovery, recrystallization, 
and grain growth, and austenite grain size decreases with decreasing tem-
perature of hot work. At the lowest deformation temperatures, recrystal-
lization may be suppressed, especially in microalloyed steels, and elongated 
deformed austenite grains may characterize the finished microstructure, as 
shown schematically in Fig. 8.24.

A schematic diagram of microstructural changes produced by rolling is 
shown in Fig. 8.25 (Ref 8.40). A steel section, with a microstructure of 
equiaxed grains, produced either by reheating or after a previous rolling 
pass, enters a set of rolls. The grains are deformed and elongated by mech-
anisms of dislocation motion and multiplication, and the resulting strain 
energy associated with the dislocation defect structure drives recrystalli-
zation. The sketch shows that recrystallization may occur after passing 

Fig. 8.24  Schematic diagram of stages in hot rolling and associated changes 
in austenitic grain structure. Source: Ref 8.40
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through the rolls, a process referred to as static recrystallization. However, 
under certain conditions, recrystallization may actually occur as deforma-
tion proceeds in the rolls, a process referred to as dynamic recrystalliza-
tion (Ref 8.41, 8.42). The net effect of recrystallization at successively 
lower temperatures is to produce equiaxed austenitic microstructures with 
finer and finer grain sizes.

As noted previously, in microalloyed steels, microalloying element pre-
cipitates may completely suppress recrystallization after low- temperature 
hot rolling. Elongation of the deformed grains brings the original large- 
angle grain boundaries closer to one another, and when ferrite crystals 
nucleate on these closely spaced grain boundaries, a very fine ferrite grain 
structure results. The production of fine- grained ferritic microstructures 
from unrecrystallized austenite in low- carbon microalloyed steels, an ap-
proach referred to as controlled rolling, is well established and has re-
ceived considerable literature attention (Ref 8.40). A good review from 
the standpoint of precipitation in austenite and the suppression of static 
recrystallization has been written by Sellars (Ref 8.43).

The resistance of austenite to the plastic deformation required to 
 produce major changes in section size during hot rolling or to produce 
complex changes in shape during forging decreases significantly with in-
creasing temperature. Figure 8.26 shows flow curves as a function of tem-
perature for two strain rates for a microalloyed steel containing 0.30% C, 
1.46% Mn, 0.13% Cr, and 0.098% V (Ref 8.44). The curves were pro-
duced by hot compression testing. The dramatic drop in flow stresses at 
high deformation temperatures is shown, and at low strains, especially at 
the lower deformation temperatures, there is a peak in flow stress, fol-
lowed by a drop in stress. The stress drop is due to dynamic recrystalliza-
tion, where the deformed substructure of the austenite is replaced by 
dislocation- free grains during deformation. The recrystallized grains con-
tinue to deform, but at lower stresses. The two sets of flow curves also 
show that deformation at higher strain rates substantially increases flow 
stresses, a result of reduced time for dynamic recovery of the dislocation 
substructures introduced in response to deformation.

Fig. 8.25  Schematic diagram of changes in austenitic microstructure pro-
duced by hot rolling. Source: Ref 8.40
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CHAPTER 9

Primary Processing 
Effects on Steel 

Microstructure and 
Properties

THE PREVIOUS CHAPTERS describing austenite and the solid- state 
phase transformations that produce microstructures consisting of ferrite, 
cementite, pearlite, bainite, and martensite have tacitly assumed that the 
steel sections in which these microstructures form are uniform in compo-
sition, containing only the chemical elements incorporated into a steel 
grade by design. This assumption does not include two very important 
structural features introduced into all finished steel products by primary 
processing: inclusions and chemical segregation. Inclusions are nonmetallic 
compounds introduced during steelmaking and casting, and segregation is 
a result of chemistry variations produced during dendritic solidification of 
steels. Such segregation may cause the microstructural condition referred 
to as banding. The origins of inclusions and banding and their effects on 
mechanical properties are discussed in this chapter.

Figure 9.1 shows primary temperature- time processing steps used to 
produce finished steel product shapes or shapes that might be further pro-
cessed, for example, by forging of bars or cold rolling and annealing of 
hot- rolled strip. Superimposed on the diagram are the changes in casting 
that have developed over the last half century. The large size of ingots 
requires considerable breakdown hot work to produce intermediate prod-
ucts such as slabs, blooms, and billets that in turn require further hot work, 
as has also been illustrated in Fig. 2.2 in Chapter 2, “History and Primary 
Steel Processing.”
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The advent of continuous casting eliminated time- consuming ingot re-
heating or soaking heat treatments and considerable breakdown hot work, 
resulting in improved surface quality and uniformity of structure with 
greatly reduced handling and energy costs. Irving has recorded the history 
of continuous steel casting of steel, from the early development of pilot 
and production plant facilities in the period 1945 to 1956 through subse-
quent intensive development, noting that by 1985 over 50% of the world 
steel production was made by continuous casting (Ref 9.1). Thin slab 
casting, first successfully applied in 1989 at a Nucor plant in Crawfords-
ville, IN, produces slabs 50 to 80 mm (2 to 3 in.) thick, instead of the 200 
to 300 mm (8 to 12 in.) thick slabs now conventionally continuously cast, 
and eliminates roughing hot work with corresponding increases in ef-
ficiency (Fig. 2.3 in Chapter 2 and Fig. 9.1). Further efficiencies in pro-
cessing are promised by thin strip casting (Ref 9.2, 9.3). While great 
improvements in steelmaking have accompanied the changes in casting, 
inclusions and variations in steel chemistry, although much reduced in 
scale, are a part of all as- cast and wrought steel products, and therefore 
merit attention in the processing- structure- property relationships that are 
part of the physical metallurgy of steels.

Inclusions—Types and Origins

The production of clean steel, i.e., steel with low inclusion content, is a 
demanding task that, in view of its importance to producing steel of high 

Fig. 9.1  Schematic diagram of temperature-time schedules for primary processing of steel cast by 
various technologies
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mechanical performance, has received considerable attention in the steel-
making literature. This section indicates the complexity of inclusion con-
trol based on only a few selected references. These references in turn 
document in much greater detail accumulated steelmaking knowledge re-
garding the manufacture of clean steels. The now- classic volume by Ro-
land Kiessling, parts of which were first published between 1964 and 
1968, presents an authoritative discussion of inclusions and their origin 
(Ref 9.4), and the state of the art in inclusion control in 2003 is thoroughly 
reviewed by Zhang and Thomas (Ref 9.5). Intensive study of the many 
facets of inclusion formation, control, chemistry, and morphology in many 
steel types and products continues (Ref 9.6, 9.7). 

Inclusions are nonmetallic phases, generally oxides and sulfides, intro-
duced during the making and refining of liquid steel, transfer between 
vessels containing liquid steel, casting, and precipitation within solid 
steel. The inclusions produced by reactions taking place in liquid or so-
lidifying steel are termed indigenous inclusions and those introduced by 
incorporation of particles of slag, refractories, or other materials that come 
into contact with liquid steel are termed exogenous inclusions (Ref 9.4). 
Indigenous inclusions occur, often as very fine particles, in huge numbers 
in steel, while exogenous inclusions may occur sporadically as coarse, ir-
regularly shaped particles.

Figure 9.2 shows a schematic diagram of a continuous slab casting ma-
chine (Ref 9.8). Machines that cast other shapes have similar components. 
A key feature of modern steelmaking is the use of basic oxygen steelmak-
ing (BOS) furnaces or electric arc furnaces (EAF) to perform the func-
tions of melting (in the case of EAF steelmaking) and primary refinement 

Fig. 9.2  Schematic diagram of the various components of a continuous slab 
casting machine. Source: Ref 9.8
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of liquid steel. Final refining and composition control is performed more 
efficiently in ladles. Following ladle metallurgical adjustments, liquid 
steel is transferred to a tundish from which it is poured into the mold of a 
continuous casting machine (Ref 9.8–9.10). With good control, each ves-
sel for liquid steel offers the opportunity to remove inclusions, but as Fig. 
9.3 and 9.4 show, the transfer of liquid steel, flow, and turbulence in the 
liquid steels, slags, and mold powders that protect liquid steel make up the 
complex liquid steel- containment- transfer systems for the production of 
continuously cast steels (Ref 9.5, 9.11). Associated with the transfer of 
steel between the various vessels may be clogging of tundish nozzles or 
submerged entry nozzles (SEN) due to buildup of aluminum-  or calcium-  
containing inclusions. Such deposits not only impede the flow of liquid 
steel but also may break off and become imbedded as detrimental exoge-
nous inclusions in solidifying steel ( Ref 9.12). These inclusions are most 
frequently identified as MgO- Al2O3 or MgO- Al2O3- CaO crystals, and are 
referred to as spinels, a type of crystal that contains ions with different 
charges, for example Mg and Al, which distribute themselves in ratios 
between layers of oxygen to balance the charge of the compound.

Many inclusions are complex oxides of manganese, silicon, and alumi-
num used to deoxidize steel, and Kiessling documents in detail the many 

Fig. 9.3  Schematic diagram of a continuous casting tundish and various tun-
dish phenomena that relate to inclusion formation. Source: Ref 9.5
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oxides that may form in the MnO- SiO2- Al2O3 ternary oxide system (Ref 
9.4). Zhang and Thomas present the following instructive list of sources 
of inclusions in low- carbon- aluminum- killed (LCAK) steels (Ref 9.5): 

1.  Deoxidation products, such as alumina, constitute the majority of in-
digenous inclusions in LCAK steel. They are generated by the reaction 
between the dissolved oxygen and the added deoxidant, such as alumi-
num. Aluminum inclusions are dendritic when formed in a high  
oxygen environment—or may result from the collision of smaller 
particles.

2.  Reoxidation products, such as alumina, are generated i) when the Al 
remaining in the liquid steel is oxidized by FeO, MnO, SiO2 and other 
oxides in the slag and refractory linings, or ii) by exposure to the 
atmosphere.

Fig. 9.4  Schematic diagram of a continuous slab casting mold and early-
stage mold solidification phenomena. Source: Ref 9.11.
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3.  Slag entrapment, when metallurgical fluxes are entrained in the steel, 
occurs especially during transfer between steelmaking vessels. This 
forms liquid inclusions that are usually spherical.

4.  Exogenous inclusions from other sources include loose dirt, broken 
refractory brickwork, and ceramic lining particles. They are generally 
large and irregularly- shaped. They may act as sites for heterogeneous 
nucleation of alumina.

5.  Chemical reactions, for example, produce oxides from inclusion mod-
ification when Ca treatment is improperly performed. Identifying the 
source is not always easy, as for example inclusions containing CaO 
may also originate from entrained slag.

The Zhang and Thomas text provides references for these inclusion 
sources and micrographs to illustrate various inclusion morphologies and 
distributions.

Oxide inclusions may be liquid at steelmaking temperatures and may 
therefore be present as spherical particles or, if formed as dendrites, may 
spheroidize to lower their surface areas and energies (Ref 9.8). The oxides 
may be quite hard relative to the steel matrix and during hot work may 
break up into elongated clusters of particles. Also, hard oxide particles 
might not deform during hot work, and as a result, cracks, in the form of 
conical gaps at inclusion- matrix interfaces, might form as the austenite 
flows around the particles (Ref 9.4). Figure 9.5 shows schematically some 
of the different morphologies and the effects of hot work on the various 
types of inclusions that may form in aluminum- killed steels (Ref 9.9). 
Other morphologies may develop depending on alloy composition. For 
example, dendritic, cuboid, and cruciform nitride precipitates have been 

Fig. 9.5  Schematic diagram of the inclusions that form in as-cast aluminum-
killed steels and the changes produced in inclusion morphology by

hot rolling. “A” represents Al2O3  and “C” represents CaO. Source: Ref 9.9
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found during processing of low- carbon thin slab steels microalloyed with 
V and Ti and those microalloyed with V, Nb, and Ti (Ref 9.13). 

Manganese sulfide (MnS) particles are a ubiquitous component of 
steels, and forming them is one of the reasons manganese is added to 
steels. Without sufficient manganese, sulfur forms FeS, which, because of 
its low melting point, severely reduces the hot workability of steel. Three 
morphologies of sulfides have been identified (Ref 9.4, 9.8, 9.14–9.16). 
Type I is characterized by globular particles randomly distributed in the 
matrix of steels with high oxygen contents. The spherical shape is attrib-
uted to their precipitation as liquid globules rich in sulfur and oxygen in 
solidifying steel. Type I sulfides formed early in solidification may form 
as duplex inclusions with MnO. Type II MnS inclusions form as clusters 
of very fine rods in an interdendritic distribution. Figure 9.6 shows sets of 
the MnS rods in a deep- etched as- cast steel specimen (Ref 9.16). Metal-
lographic two- dimensional sections through such colonies of rods would 
show these inclusions as having circular or elliptical shapes. Type II MnS 
inclusions form in the liquid between solidifying dendrites and are usually 
found in highly deoxidized aluminum- killed steels. Increased cooling rate 
may favor the formation of Type II manganese sulfides even when the 
equilibrium type is I or III (Ref 9.15). Type III MnS inclusions have angu-
lar geometric shapes with a range of sizes and random distribution and are 
found in killed steels with high contents of aluminum, carbon, silicon, and 
phosphorus contents.

Titanium is sometimes added in small amounts to steel to tie up nitro-
gen, as for example in boron containing steels, or to restrain austenite 
grain growth. Kiessling notes that the transition metals Ti, Zr, and Hf, are 
comparatively strong sulfide formers and that the free energy of formation 
of titanium sulfide is of the same order as that of MnS (Ref 9.4). Thus ti-

Fig. 9.6  Three-dimensional view of Type II interdendritic MnS colonies  
produced by deep etching. (a) Original magnification at 1000×.

b) Original magnification at 2000×. SEM micrographs. Source: Ref 9.16

(a) (b)
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tanium can dissolve in MnS and even replace MnS with TiS if added in 
large amounts. Titanium decreases the plasticity of MnS, and may result 
in reduced elongation of MnS during hot work (Ref 9.17). 

MnS particles are highly plastic and elongate and flatten during hot 
work. Figure 9.7 shows a cluster of elongated MnS particles in a longitu-
dinal section of a low- carbon steel. Such elongation produces the anisot-
ropy in mechanical properties described subsequently. In view of the strong 
effect that elongated manganese sulfides have on the directionality of prop-
erties, steelmaking approaches, referred to as sulfide shape control, with 
additions of calcium or rare earth metals have been developed to produce 
hard sulfides that maintain spherical shapes during hot work (Ref 9.8). An 
optimal mechanism of inclusion shape control by calcium treatment is 
shown to result in CaS- MnS formation around C12A7 particles as shown in 
Fig. 9.5. The processing to achieve this type of inclusion dispersion during 
steelmaking is described in detail by S. Abraham et al. (Ref 9.18). 

Manganese sulfide particles may also dissolve at high temperatures and 
reprecipitate during cooling to produce the low- toughness condition re-
ferred to as overheating, as described in Chapter 19, “Low Toughness and 
Embrittlement Phenomena in Steels.” Spheroidization of elongated MnS 
particles exposed to high austenitizing temperatures has also been ob-
served (Ref 9.19).

Inclusion Identification and Characterization

The chemical composition of inclusions one micron in size and larger 
can now be readily determined with the use of electron microprobe ana-

Fig. 9.7  Elongated MnS inclusions in a low-carbon steel. As-polished sur-
face, longitudinal section, light micrograph, original magnification 
at 500×. Courtesy of Mark Richards, Colorado School of Mines
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lyzers with wavelength dispersive spectroscopy (WDS) and scanning 
electron microscopes capable of energy dispersive spectroscopy (EDS). 
These instruments excite characteristic X- rays from the various compo-
nent elements in inclusions to establish chemical composition (Ref 9.20) 
and are used to identify inclusions on prepared metallographic surfaces 
and on fracture surfaces. The minimum electron beam size used to excite 
the X- rays is typically around 1 μm. As a result, the electron beam over-
laps or passes through smaller particles, and X- rays are generated from 
the steel matrix as well as from the inclusion.

Light microscopy is effective in establishing the distributions, shapes, 
and sizes of inclusions, subject to the resolving power of the light micro-
scope, but cannot determine chemistry. Inclusions are best observed in 
as- polished sections, as shown in Fig. 9.7. Etching would bring out other 
features of the microstructures that would make it difficult to view inclu-
sions. A widely used ASTM system based on light microscopy compares 
at 100× inclusion distributions to standardized charts that rank densities, 
shapes, and sizes (thin and heavy) of inclusions (Ref 9.21). Four catego-
ries of indigenous inclusions typically produced by steelmaking and de-
oxidation, as modified by hot work, are characterized: Type A, sulfides; 
Type B, alumina; Type C, silicate; and Type D, globular oxides. The charts 
for comparison are derived from the early Swedish Jernkontoret (JK) sys-
tem for inclusion characterization. 

There are now many other approaches and instruments to evaluate in-
clusions, and new techniques are continually under development (Ref 
9.22). Kaushik et al. have reviewed a number of direct and indirect meth-
ods of inclusion characterization and applied them to a a variety of low- 
carbon sheet steels (Ref 9.23). Automated scanning electron microcopy 
(SEM) coupled with energy dispersive spectroscopy (EDS) makes possi-
ble rapid measurements of numbers, sizes and chemistries of inclusion 
distributions. S. Abraham, Raines, and Bodnar have used such instrumen-
tation to develop an approach to determine a parameter referred to as the 
total inclusion interparticle spacing (TIS) that can be determined for a 
specific inclusion chemistry or for all types of inclusion in a volume of 
steel (Ref 9.24). This parameter then can be used to relate to steelmaking 
sources of inclusions or to mechanical properties such as fracture- related 
parameters that may be dependent on inclusion densities. 

Fatigue fractures are often nucleated at the largest inclusion particle in 
a part, depending on location and stress distribution. As a result a method, 
Extreme Value Statistics (EVS), has been developed to estimate the larg-
est inclusion in a given critical area or volume of steel (Ref 9.25–9.27). 
Sufficient sample areas must be examined to provide statistically valid 
numbers, and the square roots of inclusion areas are calculated and plot-
ted. EVS analysis was recently applied in a fatigue study of induction 
hardened 1045 and 4150 steels in which fatigue cracks were initiated at 
inclusion particles at the case/core interfaces of the induction- hardened 
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samples (Ref 9.28). All of the inclusions at which cracks initiated were 
larger than those estimated by the EVS analysis, indicating the wide dis-
tribution, outside of the sampling areas, of the actual largest inclusions. 

Metallographic methods for inclusion characterization by light and 
scanning electron microscopy require sectioning or destructive testing of 
samples. Inclusions and other discontinuities in steel, such as porosity, can 
also be evaluated in three- dimensional sections by ultrasonic scanning 
and other analytical techniques (Ref 9.5, 9.29).

Effect of Inclusions on Mechanical Properties

The strong effect of inclusions on fracture and mechanical properties 
has been comprehensively reviewed by Leslie (Ref 9.30) and has been the 
subject of many symposia (Ref 9.31, 9.32). Inclusions play a major role in 
the three- stage ductile fracture process of initiation, growth, and coales-
cence of microvoids, serving as the hard particles for void initiation, and 
therefore significantly affect upper shelf energies during CVN testing, as 
described in Chapter 11, “Deformation, Strengthening, and Fracture of 
Ferritic Microstructures.” Coarse inclusion particles also serve as fatigue 
initiation sites and may initiate cleavage fracture. The latter effect of in-
clusions has been documented in microalloyed forging steels containing 
titanium nitride particles that crack and initiate cleavage cracks in sur-
rounding ferrite grains (Ref 9.33).

A beneficial effect of sulfide inclusions, related to their ability to reduce 
fracture resistance, is improved machinability produced by the breaking 
up of chips formed by shear mechanisms of fracture at tool interfaces. 
Hard oxide and silicate inclusions are detrimental to machinability. Ma-
chining and the required cutting tools, including the tool steels discussed 
in Chapter 24, “Tool Steels,” are a major cost of production for some steel 
parts and have received considerable attention in the literature (Ref 
9.34–9.36).

The same section of steel, depending on the orientation of notches, 
crack planes, and crack propagation directions, may show wide ranges of 
resistance to fracture. This anisotropy in fracture behavior is primarily 
related to the orientation of elongated inclusions or inclusion clusters pro-
duced by hot work. In order to characterize anisotropy, several systems for 
notch and crack plane orientation have been developed. Figure 9.8 shows 
the system established for hot rolled plate (Ref 9.37). The longitudinal or 
rolling direction, the transverse direction, and the through- thickness or 
short transverse direction are designated respectively L, T, and S, as 
shown. For the designation of the crack planes, the first letter indicates the 
normal to the crack plane, and the second letter indicates the direction of 
crack propagation. Upper shelf energies of plate specimens decrease in 
the order LS- LT, TS- TL, and ST- SL (Ref 9.30). The highest energy ab-
sorbed occurs in specimens where the crack plane is normal to elongated 



Chapter 9: Primary Processing Effects on Steel Microstructure and Properties / 173

or flattened inclusions, and the crack may be deflected along the interfaces 
of the inclusions. Lower energies are absorbed when the crack travels 
along the interfaces of the elongated and flattened inclusions.

Figure 9.9 shows the effect of sulfur content, which translates to MnS 
inclusions, and specimen orientation, on upper shelf energy of as- hot rolled 
low- carbon steel (Ref 9.38). Lowering sulfur content greatly increases re-
sistance to ductile fracture, and at all sulfur contents, shelf energy is 
strongly dependent on specimen orientation. The strong effect of elongated 
manganese sulfide inclusions on ductile fracture has led to the production 
of very- low- sulfur- content steels used for critical structural applications. 
Another approach to reducing anisotropy associated with ductile fracture 
has been the use of sulfide shape control, as described previously, to re-
duce deformation and elongation of inclusions during hot work.

Fig. 9.9  Effect of sulfur content and specimen orientation on the upper shelf 
impact energy of rolled carbon steel plate. Source: Ref 9.38

Fig. 9.8  Crack plane orientation code for specimens in rectangular rolled 
sections. ASTM E 399 Source: Ref 9.37
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Figure 9.10 shows effects of strength, sulfur, and specimen orientation 
on energy absorbed during CVN impact testing of 4340 plate specimens 
quenched to martensite and tempered to produce ultimate tensile strengths 
of 980 MPa (135 ksi) and 1960 MPa (285 ksi) (Ref 9.39). The lower- 
strength specimens show high sensitivity to sulfide content and orienta-
tion, in view of the fact that microvoid initiation at sulfides lowers stresses 
for otherwise substantial resistance to ductile fracture during post uniform 
straining. The higher- strength specimens have little capacity for defor-
mation beyond their very high ultimate strengths and, therefore, with or 
without inclusions, have very low ductile fracture resistance at all test 
temperatures. The latter characteristics of the deformation and fracture of 
martensitic microstructures are discussed in more detail in Chapter 18, 
“Deformation, Mechanical Properties, and Fracture of Quenched and 
Tempered Carbon Steels.”

Solidification: Chemical Changes

As liquid steel, with all of the desired and undesired chemical elements 
uniformly dissolved in the liquid, solidifies, two interrelated phenomena 
occur: solid crystal growth and chemical partitioning between the solid 

Fig. 9.10  Effect of sulfur content and specimen orientation on impact tough-
ness as a function of test temperature for 4340 plate steels hard-
ened and tempered to two strength levels. Source: Ref 9.39
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and the liquid. Figure 9.11 shows schematically a portion of a phase dia-
gram where liquid solidifies to a solid phase α and a diagram through a 
solid/liquid interface with associated changes in composition (Ref 9.40). 
The alloy composition is c0, and the vertical line marked c0 traces the 
phase changes that develop with decreasing temperature. The solid slop-
ing lines are the solidus and liquidus lines for this hypothetical alloy sys-
tem and mark the changes in chemical composition that develop with 
decreasing temperature in the solid and liquid phases.

Solidification of alloy c0 starts at TL, and the intersection of the horizon-
tal dashed line with the solidus line marks the composition of the first 
solid to form. The first solid has much lower alloy content than does the 
liquid, and this observation is the basis for the fact that the first solid to 
form always has the leanest alloy or impurity element content. With de-
creasing temperature, the compositions of the solid and liquid follow the 
solidus and liquidus lines and increase in alloy content. At T*, the compo-
sitions of the solid and liquid, respectively, are given by cS* and cL*, and 
the discontinuity in compositions at the liquid solid interface is shown in 
the sketch of Fig. 9.11(b). The differences in composition intensify with 
decreasing temperature, and, if there is no homogenizing diffusion in the 
solid phase, the last liquid solidifies into solid with significantly higher 
concentrations of alloying and residual elements than the solid crystals 
formed at higher temperatures.

Solute atom redistribution, or chemical partitioning, during solidifica-
tion is characterized by the solute concentrations in the solid, cS, and liq-
uid, cL, phases at a given temperature in the two- phase liquid solid phase 
field by the equilibrium partition ratio, k, as follows (Ref 9.40):

k = cS/cL (Eq 9.1)

Fig. 9.11  Schematic diagram of binary alloy solidification with equilibrium 
at the liquid- solid interface. (a) Phase diagram. (b) Composition 
profile across the solid-liquid interface. Source: Ref 9.40
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With the use of k, solute redistribution in the solid as a function of the 
weight fraction of solid, fS, in a given volume element is given by the 
Scheil equation as:

cS = kc0(1 – fS)k–1 (Eq 9.2)

where c0 is the initial solute concentration within the volume element (Ref 
9.40). The Scheil equation is based on a number of simplifying assump-
tions, including negligible undercooling, complete diffusion in the liquid, 
negligible diffusion in the solid, and a constant k throughout solidification. 
Other more complicated equations of solute distribution have been devel-
oped, including the effects of diffusion in the solid and convection in the 
liquid (Ref 9.40, 9.41). Nevertheless, Eq 9.2 accurately demonstrates sol-
ute enrichment as solidification proceeds.

The schematic portion of a phase diagram shown in Fig. 9.11(a) is typi-
cal of many alloy systems, including the Fe- C system, as shown in Fig. 
3.1 in Chapter 3, “Phases and Structures.” All of the other elements found 
in steel have similar effects on the liquidus and solidus lines. Table 9.1 
lists k values, assumed to be independent of temperature, for some ele-
ments commonly found in steels (Ref 9.42). Solute elements with the low-
est k values have the highest tendency to segregate. Therefore, phosphorus 
has a very high tendency to segregate during solidification. However, the 
amount of element is also a factor. Therefore, manganese, generally pres-
ent in much higher concentrations than phosphorus, plays a more impor-
tant role in segregation and banding in wrought steels than does phosphorus, 
despite its higher value of k.

Solidification—Dendrites and Interdendritic 
Segregation

Figure 9.12 is a sketch of the three zones of crystal morphology that 
typically develop in a transverse section of an as- cast steel shape (Ref 
9.43). The surface zone is referred to as the chill zone and is produced by 
a high rate of nucleation of fine randomly oriented, equiaxed crystals in 
the highly supercooled liquid adjacent to a mold wall. Convection in the 

Table 9.1 Equilibrium partition ratios for various 
elements in steel

Element k

Phosphorus 0.14
Niobium 0.23
Chromium 0.33
Manganese 0.71
Nickel 0.83

Source: Ref 9.42
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liquid adjacent to the chill zone, produced by pouring and temperature 
differences, may also contribute to the high density of crystals in the chill 
zone (Ref 9.43). The second zone develops by the growth of columnar- 
shaped crystals. The columnar crystals grow in preferred crystallographic 
directions, <100> in the case of body- centered cubic (bcc) ferrite and 
face- centered cubic (fcc) austenite, promoted by constitutional supercool-
ing at the tips of growing crystals (Ref 9.40, 9.44). The center zone con-
sists of equiaxed crystals produced by nucleation in the highly supercooled 
interior liquid and by the breaking off of parts of the crystals in the colum-
nar zone by convection in the liquid (Ref 9.40, 9.43, 9.44).

The equiaxed and columnar crystals in the three solidification zones are 
in fact dendrites, i.e., branched, tree- shaped crystals, produced by consti-
tutional supercooling and preferred crystallographic growth. Columnar 
crystals have a major <100> axis and also secondary and tertiary branches 
at orthogonal <100> orientations. Figures 9.13 and 9.14 show schematic 
diagrams that illustrate dendritic crystal solidification and some of the 
phenomena that accompany solidification. Figures 9.15 and 9.16 show 
actual rounded tips of dendrite branches that were revealed adjacent to 
shrinkage porosity in specimens taken from the equiaxed zone of an as- 
cast stirred billet of 4140 steel (Ref 9.47).

The darker shading between dendrites shown in Fig. 9.13 represents 
increases in liquid solute atom content or interdendritic segregation that 
develops during solidification as described in the preceding section. Fig-
ure 9.14 notes the liquid flow necessary to compensate for shrinkage due 
to the volume contraction that accompanies solid formation from liquid. 
Also shown are deformation that might cause hot tearing and small vol-

Fig. 9.12  Schematic diagram of zones of crystal morphologies in an as- 
solidified section of steel. Shown are the outer chill zone, the co-
lumnar zone, and the interior equiaxed zone. Source: Ref 9.43
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Fig. 9.13  Schematic of dendritic solidification. The dark shading in liquid 
adjacent to dendrites represents concentrations of solute atoms 
rejected from the solid dendrites. Source: Ref 9.45

Fig. 9.14  Another schematic view of dendritic solidification. Shown are liq-
uid convection, effects of deformation, and regions (small white

circular areas) where dendrite branches have grown together and interdendritic 
shrinkage will occur. Source: Ref 9.46
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umes of interdendritic shrinkage formed when isolated pockets of liquid 
solidify after dendrites have grown together. Hot tears that lead to crack-
ing in continuously cast steel billets have been shown to be directly re-
lated to dendritic structure, with smooth surfaces conforming to the tips of 
dendrites (Ref 9.48). The hot tears form at temperatures close to the soli-
dus where the ductility and fracture strength of steel are near zero. In low- 
carbon steels, with carbon contents between 0.08 and 0.14%, solidification 
occurs by the formation of delta- ferrite and the peritectic reaction between 
liquid and delta- ferrite to form austenite. The shrinkage associated with 

Fig. 9.15  Rounded tips of dendritic crystal branches exposed at shrinkage 
porosity in the equiaxed solidification zone of an as-cast billet of

4140 steel. SEM micrograph. Courtesy of E.J. Schultz. Source: Ref 9.47

100 µm

Fig. 9.16  Another view of dendrite branch tips at shrinkage porosity in 
equiaxed solidification zone of an as-cast 4140 steel billet. SEM 
micrograph. Source: Ref 9.47

100 µm
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the change in crystal structure from bcc ferrite to the close- packed fcc 
structure of austenite may cause distortion and cracking in the shell of 
continuously cast slabs (Ref 9.48). Other features associated with solidifi-
cation, not illustrated in the schematics of Fig. 9.13 and 9.14, are the 
breaking off of dendrite arms, remelting of dendrite tips, dendritic coars-
ening with increasing distance into the melt, and possible formation of 
spherical solid particles by separation from dendrite arms at points of re-
duced radii of curvature (Ref 9.49).

The extent of interdendritic segregation is frequently related to sec-

ondary dendrite arm spacing, the spacing of dendrite branches normal to 
the major dendrite axis. Figure 9.17 shows that secondary dendrite arm 
spacing increases with increasing distance from the chill surface, corre-
sponding to decreasing cooling rates (Ref 9.50), and Fig. 9.18 shows 
changes in secondary dendrite arm spacing across an as- cast thin slab 
(Ref 9.51). Smaller section sizes as produced by continuous casting re-
duce dendrite spacing and thereby reduce the scale of segregation. The 
size of the columnar solidification zone can be greatly reduced by in- 
strand or in- mold electromagnetic stirring during continuous casting (Ref 
9.47, 9.52). Such stirring of the solidifying liquid increases the size of the 
equiaxed solidification zone and greatly reduces the amount of centerline 
shrinkage. Figure 9.19 shows that the relative sizes of the columnar and 
equiaxed zones are also dependent on superheating of liquid steel (Ref 
9.52). High superheat retards the nucleation of equiaxed grains in center- 
solidifying zones.

Fig. 9.17  Secondary dendrite arm spacing as a function of distance from the 
chill surface of steel from various low-carbon and stainless steel 
casters. Source: Adapted from Ref 9.50
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Hot Work and Its Effect on Solidification Structure

The starting microstructure for hot work consists of microstructures de-
rived from dendritic solidification, inclusions residual from steelmaking 
and casting, chemical variations produced by interdendritic segregation, 
and porosity caused by the shrinkage associated with the liquid- to- solid 
volume decrease, as described previously. The soaking or heating of as- 

Fig. 9.18  Secondary dendrite arm spacing as a function of distance across 
an as-cast slab of 1020 steel. Source: Ref 9.51

Fig. 9.19  Amount of as-cast columnar and equiaxed zones as a function of 
liquid steel superheat. Source: Adapted from Ref 9.53
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cast structures in preparation for hot work, and the subsequent hot work, 
significantly ameliorate negative features of as- cast structures. With a rea-
sonable amount of hot work reduction, shrinkage porosity is healed and 
eliminated, and coarse dendritic microstructures are refined by ferrite- 
austenite phase transformations on heating and cooling and by deforma-
tion and recrystallization during hot work. Inclusions cannot be removed, 
but as already described, may be changed in size, shape, and distribution 
by hot work.

The smaller sizes of billets produced by continuous casting has raised 
questions about the amount of hot work reduction required to produce 
good uniformity and properties in forgings made from continuously cast 
and hot- rolled bars. While the smaller sizes of continuously cast billets 
reduce the scale of dendritic solidification, the reduced amount of hot 
work of smaller sections reduces the opportunity of homogenization of 
as- cast microstructures. A review of this subject shows that only relatively 
small hot work reductions in area, from 3:1 to 7:1, depending on mill 
practice, are necessary to establish wrought steel performance (Ref 9.54). 
Hot work produced by forging is also beneficial for some parts (Ref 9.55). 
Thus, the only area of concern is the conversion of small as- cast billets to 
large bars and forgings that receive limited hot deformation. Steel cleanli-
ness is important, and inclusions that may affect fatigue and fracture re-
main throughout hot work. Also, residual variations in chemistry after hot 
work may contribute to distortion of heat treated parts (Ref 9.56, 9.57).

Interdendritic chemical segregation is modified, but not eliminated, 
even by extensive hot work processing. Figure 9.20 shows micrographs of 
transverse sections of bars of 10V45 steel hot rolled from a continuously 
cast billet 178 by 178 mm (7 × 7 in.) in size. The micrographs show den-
dritic structures observed in bars with diameters of 76, 64, 38 and 29 mm 
(3, 2.5, 1.5, and 1 in.), corresponding to reduction ratios of 7:1, 10:1, 27:1, 
and 49:1 (Ref 9.58). The structures have been revealed by etching with 
hot picric acid containing sodium tridecylbenzene sulfonate, an etch that 
responds to chemical variations but not to microstructural features. What 
is shown in Fig. 9.20 is an etching response to the remnants of interden-
dritic segregation that, although reduced in size, persists even after exten-
sive hot- rolling reduction. The actual bar microstructures superimposed 
on these chemical variations consist of ferrite and pearlite, formed on 
cooling after hot rolling.

Hot rolling aligns the interdendritic variations in chemistry into bands 
parallel to the rolling direction, producing alternating regions of high and 
low concentration of various solute elements. Figure 9.21 shows manga-
nese and carbon concentrations as a function of distance across a longitu-
dinal section of a quench- and- tempered 4140 steel bar, containing by heat 
analysis 1.00% Mn (Ref 9.59). There are large variations in manganese 
content, from less than 0.6% to more than 1.2%, across the bar, consistent 
with manganese interdendritic segregation and its sluggish substitutional- 
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Fig. 9.21  Variations in Mn and C concentrations  across a quench-and- 
tempered 4140 steel bar, 95.25 mm (3.75 in.) in diam, and con-

taining nominally 0.40% C and 1.0% Mn. Electron microprobe analysis. Courtesy 
of J. Black. Source: Ref 9.59

Fig. 9.20  Remnants of interdendritic segregation in 10V45 steel hot rolled to reduction ratios 
of (a) 7:1, (b) 10:1, (c) 27:1, and (d) 49:1. Transverse sections, picric acid-sodium 
tridecylbenzene etch, light micrographs. Courtesy of J. Dyck. Source: Ref 9.58

50 µm 50 µm(a) (b)

50 µm 50 µm(c) (d)
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atom diffusivity. The gradients in carbon content are small, consistent 
with its rapid interstitial- atom diffusivity, and may be related to the effect 
of manganese on the activity of carbon, as proposed by Kirkaldy et al. 
(Ref 9.60). Manganese lowers the activity of carbon, therefore effectively 
lowering its concentration, and therefore manganese- rich regions would 
tend to attract carbon. Chromium, similarly, lowers carbon activity, while 
phosphorus, silicon, and nickel raise carbon activity causing rejection of 
carbon from regions rich in these elements. Steels are multicomponent 
alloys, and all elements segregate to some degree. Figure 9.22 shows vari-
ations in manganese, chromium, and nickel across an 8617H steel bar, 
containing by heat analysis 0.18% C, 0.82% Mn, 0.52% Cr, and 0.44% Ni 
(Ref 9.59).

The residual variations in chemistry due to interdendritic segregation 
depend on steel composition, the initial as- solidified dendritic structure, 
and time and temperature of soaking and hot rolling. The latter conditions 
reduce the intensity of segregation but because of the sluggish diffusivity 
of substitutional alloying elements, long- time homogenizing treatments at 
high temperatures are required to eliminate chemical variations. Gener-
ally, commercial processing of steels is not sufficient to completely elimi-
nate the chemical gradients that produce banding.

Banded Microstructures

Banded microstructure, or banding, is the microstructural condition 
manifested by alternating bands of quite different microstructures aligned 

Fig. 9.22  Variations in Mn, Cr, and Ni concentrations across a hot-rolled bar 
of 8617H steel, 26.2 mm (1 in.) in diameter, and containing by

heat analysis 0.82% Mn, 0.52% Cr, and 0.44% Ni. Wavelength dispersive analy-
sis in SEM. Courtesy of J. Black. Source: Ref 9.59
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parallel to the rolling direction of steel products. The root cause of band-
ing is remnant interdendritic segregation, as discussed previously, and al-
though that segregation is invariably present, banding may not develop, 
depending on austenite grain size and cooling conditions that control 
composition- dependent austenite transformation to other phases. For ex-
ample, if cooling is rapid enough to form martensite in regions with high 
and low segregated compositions, the microstructure will be completely 
martensitic and banding will not result. The only evidence of composition 
variations might be small etching differences of the martensite formed in 
the different layers.

Figures 9.23 and 9.24 show, respectively, banding in air- cooled bars of 
1020 steel (Ref 9.61) and 10V45 steel (Ref 9.58). The 1020 steel contains 
0.22% C, 1.4% Mn and 0.004% S, and the 10V45 steel contains 0.46% C, 
0.84% Mn, 0.16% V, and 0.029% S. Alternating bands of ferrite and pearl-
ite are shown in both steels, and the 10V45 steel microstructure has formed 
in the same specimen in which residual dendritic chemical segregation has 
been shown in Fig. 9.20(b). The pearlitic areas appear solidly black be-
cause the light microscope cannot resolve the fine lamellar ferrite- cementite 
spacing of the pearlite. Many other good examples of ferrite- pearlite band-
ing are shown in the literature, especially those included in the text by 
Samuels (Ref 9.62). Banding in hypoeutectoid steels is explained by the 
effect of alloying elements on the Ar3 temperature. For example, manga-
nese, because it is often present in high concentrations in steels, is fre-
quently associated with banding. Manganese stabilizes austenite and lowers 
Ar3 temperatures. As a result, in steel with high-  and low- manganese re-

Fig. 9.23  Ferrite (light) and pearlite (dark) bands in 1020 steel hot-rolled 
plate. Light micrograph, longitudinal section, nital etch. Courtesy 
of S.W. Thompson. Source: Ref 9.61
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gions, ferrite forms first in the low- manganese bands. Carbon is rejected 
from the growing ferrite crystals and concentrates in the austenite with 
high manganese concentrations where pearlite eventually forms. This pro-
cess has been described in an article by Thompson and Howell that shows 
the importance of austenitic grain size to the development of banding (Ref 
9.63). When austenite grain size is fine, ferrite nucleates on austenite grain 
boundaries and triple points in low- manganese regions with high Ar3 tem-
peratures. These first- formed ferrite grains may impinge as they grow 
along the rolling direction, creating a “bamboo” ferritic grain structure, 
but continue to grow normal to the rolling direction, rejecting carbon into 
high- manganese regions, eventually causing pearlite bands to form. In 
coarse- grain austenitic microstructures, where the grain size is coarser 
than the wavelength of segregation, banding may not develop because 
there are insufficient ferrite nucleation sites in low-  manganese regions.

In steels with high concentrations of elongated manganese sulfide inclu-
sions, Kirkaldy et al. have proposed a different mechanism to explain 
ferrite- pearlite banding (Ref 9.64). The banding shown in Fig. 9.24, where 
the ferrite has formed around MnS inclusions, is an example of banding 
produced by this mechanism. Both manganese and sulfur segregate to and 
are formed in interdendritic regions, and ferrite after hot work would not be 
expected to nucleate in the high- manganese regions. However, manganese 
concentrates in MnS with decreasing hot work temperatures, depleting ini-
tially high manganese around the inclusions, and stimulating ferrite growth 
around the inclusions. With the rejection of carbon from the ferrite around 
the inclusions, pearlite eventually forms in the low- manganese regions.

Fig. 9.24  Ferrite bands with MnS inclusions and pearlite bands in 10V45 
steel bar hot rolled to a reduction ratio of 27:1. Light micrograph, 
longitudinal section, nital etch. Courtesy of J. Dyck. Source: Ref 9.58
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Most studies of banding have concentrated on hypoeutectoid steels as 
discussed previously (Ref 9.65), but Verhoeven has examined banding in 
hypereutectoid steels relative to the beauty of textures produced on the 
blades of Damascus swords (Ref 9.66). He shows that the textures are due 
to etching differences of alternate bands of dispersed carbide particles and 
pearlite, and that small amounts of carbide- forming elements such as va-
nadium or molybdenum are necessary elements for the banding. The latter 
elements segregate in interdendritic regions, and after working stabilize 
banded arrays of spheroidized carbide particles in austenite. These carbide 
arrays nucleate divorced eutectoid transformation to ferrite and spheroidized 
cementite particles instead of transformation to the lamellar ferrite- 
cementite structure of classical pearlite.

The Effect of Banding on Mechanical Properties

Banding may or may not have a significant influence on mechanical 
properties, and because rolling produces an aligned banded microstruc-
ture, is often difficult to separate from the effect of aligned inclusion par-
ticles. An early study (Ref 9.67) compared the behavior of a low- carbon 
steel with banded and homogenized microstructures and found no differ-
ence in impact properties below the ductile to brittle transition tempera-
ture. However, in impact testing above the transition temperature, both 
longitudinal and transverse energy absorption were higher in homoge-
nized specimens. Grange (Ref 9.68) studied a split heat of 0.25% C steel, 
with one part of high purity and the other with sulfur and silicon additions 
that produced high densities of inclusions. Specimens with and without 
banding were subjected to tensile and impact testing. Homogenization 
markedly improved ductile fracture and anisotropy in the clean steel but 
had little effect on the specimens with high elongated inclusion content. 
Bands of martensite were sometimes observed in banded specimens and 
were judged to be deleterious to machining and cold forming operations. 
Another study (Ref 9.69) of banding and inclusion content in a series of 
0.20% C, 1.00% Mn steel with either 0.004 or 0.013% S again showed 
that inclusions dominated anisotropy and degradation of mechanical prop-
erties and that banding had little effect on reduction of area or upper shelf 
energies. Improvements in properties produced by a high- temperature ho-
mogenizing treatment (1315 °C, or 2400 °F, for 10 min) was shown to be 
a result of coarsening or reduction in aspect ratios of inclusions rather than 
elimination of banding.

Banding may vary considerably within a given steel section depending 
on solidification and hot- working conditions, in part because of variations 
in chemical gradients related to mill- dependent processing. Chemical dif-
ferences are not sharp and alternate continuously between high and low 
values because of varying degrees of homogenizing hot work. A recent 
study has evaluated banding and its effect on tensile properties by produc-
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ing laminated specimens that simulate banding with sharp differences in 
chemistry and systematic variations in band spacings (Ref 9.70–9.72).

Thin sheets of 5140 containing 0.82% Mn and modified 5140 containing 
1.83% Mn were alternately stacked and hot-  and cold- rolled to produce 
specimens with spacings between the high-  and low- manganese regions of 
320, 160, 80, 40, and 20 μm. The difference in manganese was the only 
difference in composition across the laminated specimens. Tensile speci-
mens were then removed from the various laminated specimens, austen-
itized at 850 °C (1560 °F) for 20 minutes and cooled at rates of 83 °C/s 
(149 °F/s), 5.1 °C/s (9.2 °F/s), 2.6 °C/s (4.7 °F/s), 0.6 °C/s (1.1 °F/s),  
1 °C/ min (1.8 °F/min), and 0.5 °C/min (0.9 °F/min). The cooling rates were 
calculated from the rates between 704 and 538 °C (1268 and 970 °F). Spec-
imens were not tempered after cooling. Figure 9.25 shows calculated con-
tinuous cooling transformation diagrams for the low-  and high- manganese 
steels (Ref 9.73) and shows dramatic differences in cooling transforma-

γ → α

γ → P

γ → B

γ → M

γ → α

γ → P

γ → B

γ → M

Fig. 9.25  Continuous cooling transformation diagrams for 5140 steel con-
taining (a) 1.83% Mn and (b) 0.82% Mn. Courtesy of T. Majka. 
Source: Ref 9.70
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tions and hardenability related to differences in manganese content. For 
example, at the relatively low rate of cooling of 0.6 °C/s (1 °F/s) the high- 
manganese steel would be transformed completely to bainite and the low- 
manganese steel would be transformed completely to ferrite and pearlite.

Figure 9.26 shows variations in banded microstructures in the lami-
nated high-  and low- manganese specimens with various band spacings 
and all cooled at the same rate of 0.6 °C/s (1 °F/s). Bainitic areas appear 
grey, ferrite and pearlite regions appear as a mix of white (ferrite) and 
black (pearlite) features, and fully pearlitic areas appear black. The vari-
ous microstructures are consistent with changes in transformations shown 
in Fig. 9.25, but a striking feature of the banded structures is the fully 
pearlitic zone that appears to separate the high-  and low- manganese bands. 

Fig. 9.26  Microstructures of laminated high- and low-Mn 5140 steel bands with band spacings of 
(a) 320, (b) 160, (c) 89, (d) 40, and (e) 20 µm after cooling at 0.6 °C/s. (1 °F/s) (f) The

interface of 320 µm bands at higher magnifications. Light micrographs, nital etch. Courtesy of T. Majka. 
Source: Ref 9.70

50 µm 15 µm(c) (f)

50 µm 50 µm(a) (d)

50 µm 50 µm(b) (e)
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The pearlitic band has been shown to result from carbon rejection into the 
high- manganese layer from the first ferrite formed in the low- manganese 
bands (Ref 9.72). A continuous layer of pearlite forms, and grows in the 
high- manganese layer. In view of the constant cooling conditions, the 
growth of the pearlite is limited by carbon diffusion to a thickness of 20 to 
30 μm in all specimens. Thus, in the specimens with the largest band-
width, the pearlite band is only a small fraction of the microstructure, 
while in the specimen with the finest band spacing of 20 μm the pearlite 
has grown to the full width of the high- manganese band and occupies one- 
half of the microstructure.

Fig. 9.27  Engineering stress-strain curves for artificially banded 5140 steel with various band spacing after cooling 
at (a) 83 °C/s (150 °F/s), (b) 5.1 °C/s (9.2 °F/s), (c) 0.6 °C/s (1 °F/s), and (d) 1.0 °C/min (1.8 °F/min). Cour-
tesy of T. Majka. Source: Ref 9.70
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Figure 9.27 shows engineering stress- strain curves for the laminated 
high-  and low- manganese specimens with various band widths cooled at 
various rates. All of the specimens quenched at 83 °C/s (150 °F/s), pro-
duced by oil quenching, were completely transformed to martensite, as 
indicated in Fig. 9.25, and showed no evidence of banding except for 
slight etching differences. The stress- strain curves for these specimens 
show brittle behavior (Fig. 9.27a), as a result of quench embrittlement and 
intergranular fracture of the high- manganese bands, as described in Chap-
ter 19, “Low Toughness and Embrittlement Phenomena in Steels.” Tem-
pering alleviates the effects of quench embrittlement. The specimens 
cooled at intermediate rates showed the greatest variation in deformation 
behavior (Fig. 9.27b, c) as a result of various layered mixtures of bainite, 
ferrite, and pearlite formed in response to manganese variations. Speci-
mens cooled at the lowest rates (Fig. 9.27d) show high uniformity in ten-
sile behavior because of complete transformation to ferrite and pearlite in 
both the high-  and low- manganese bands.

In summary, the extent of banding, derived from residual interdendritic 
segregation present to some degree in all commercial cast and wrought 
steels, is very much dependent on alloy composition, section size, mill 
processing, and heat treatment conditions. Banding may or may not have 
a detrimental effect on intermediate stages of processing or on finished 
mechanical properties. If questions arise, banding and its effects merit ap-
propriate evaluation on a case- by- case basis.
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CHAPTER 10

Isothermal and 
Continuous Cooling 

Transformation Diagrams

THIS CHAPTER DESCRIBES the transformation diagrams that have 
been developed to define the progress of diffusion- controlled phase trans-
formations of austenite to various mixtures of ferrite and cementite. Both 
isothermal and continuous cooling transformation diagrams are described, 
and references to atlases containing collections of these diagrams for a 
variety of steels are given. The availability of these diagrams makes pos-
sible the selection of steels and the design of heat treatments that will ei-
ther produce desirable microstructures of ferrite and cementite or avoid 
diffusion- controlled transformations, and thereby produce martensitic mi-
crostructures of maximum hardness.

Isothermal Transformation Diagrams

Diagrams that define the transformation of austenite as a function of 
time at constant temperatures are referred to as isothermal transformation 
(IT) diagrams or time- temperature- transformation diagrams. An IT dia-
gram for 1080 steel has already been presented in Fig. 4.3 of Chapter 4, 
“Pearlite, Ferrite, and Cementite,” in connection with the description of 
the nucleation and growth kinetics of pearlite formation. The IT diagram 
for eutectoid steel with negligible alloy content is quite straightforward. 
Only pearlite forms above the nose of the IT diagram, and only bainite 
forms below the nose. The curves defining the beginning and end of pearl-
ite or bainite formation are the major features of the diagram.

Steels with carbon content above or below the eutectoid composition 
and alloy steels have more complex transformation diagrams. Figure 10.1 
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shows schematic IT diagrams for eutectoid steel and a hypoeutectoid plain 
carbon steel containing nominally 0.5% C. Also shown is their relation-
ship to the iron- carbon diagram. The beginning and ending curves for 
pearlite formation approach the Ae1 temperature at very long transfor-
mation times and move to shorter times with decreasing transformation 
temperature for reasons discussed in Chapter 4, “Pearlite, Ferrite, and  
Cementite,” in this book. The IT diagram for the hypoeutectoid steel has 
an extra curve to mark the beginning of proeutectoid ferrite formation. As 
indicated in Fig. 10.1, the latter curve approaches the Ae3 temperature for 
the 0.5% C steel with increasing transformation time. Hypoeutectoid 
steels with lower carbon contents would have higher Ac3 temperatures and 
therefore expanded regions of proeutectoid ferrite coexistence with aus-
tenite. Similarly, hypereutectoid steels would have IT diagrams with curves 
for the beginning of proeutectoid cementite formation.

Figure 10.1 shows other differences between the IT diagrams for eutec-
toid and hypoeutectoid steels. One difference is in Ms temperatures: the 
lower the carbon content, the higher the Ms temperature. Another differ-
ence is the acceleration of austenite transformation to proeutectoid ferrite 
with decreasing carbon content, as shown by the position of the nose of 
the hypoeutectoid steel at shorter times relative to that of the eutectoid 
steel. The dotted lines in Fig. 10.1(b) and (c) reflect experimental uncer-
tainty in the exact positions of the beginning of transformation curves.

The IT diagrams have been produced by metallographic examination of 
series of specimens held for various times at various temperatures be-
tween Ae3 or Acm and Ms. More than a hundred specimens are often re-

Fig. 10.1  Relationship to (a) iron-carbon diagram of isothermal transformation diagrams of  
(b) eutectoid steel and (c) steel containing 0.5% C. The regions in (a) identified as N,

FA, and S are temperature ranges for normalizing, full annealing, and spheroidizing heat treatments, 
respectively, as discussed in Chapter 13, “Normalizing, Annealing, and Spheroidizing Treatments; 
Ferrite/Pearlite and Spherical Carbides,” in this book. Source: Ref 10.1
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quired to determine a complete IT diagram for a given steel (Ref 10.2). 
The procedure used is to heat the metallographic specimens in the single- 
phase austenite field for a sufficient time, usually 1 h, to produce a homo-
geneous austenite. The austenitizing treatment sets the austenite grain size 
and the extent of carbide solution. Both of the latter microstructural fac-
tors may influence the course of isothermal transformation of austenite, 
and therefore, it is necessary to record the austenitizing temperature used 
to determine the IT. Once austenitizing is complete, a series of specimens 
is cooled rapidly, usually by immersion in a molten salt bath, to a given IT 
temperature. The specimens are held for various times and then quenched 
to room temperature. The specimens held for the shortest times will trans-
form completely to martensite on cooling because there is insufficient 
time at the hold temperature for any diffusion- controlled transformation. 
The austenite in specimens held for longer periods of time would trans-
form to ferrite, cementite, pearlite, and/or bainite, depending on tempera-
ture and the composition of the steel. The detection of the first small 
amounts of these phases in specimens largely transformed to martensite 
establishes the time for the beginning of transformation at a given tem-
perature. With longer holding times at the transformation temperature, 
more and more of the austenite transforms to ferrite, cementite, or mix-
tures of ferrite and cementite, and less of the specimen is martensitic after 
quenching to room temperature. Finally, after holding for a sufficiently 
long period of time at temperature, transformation of the austenite is com-
plete prior to quenching, and the time for the end of transformation is es-
tablished. When the process is repeated for a number of temperatures, the 
complete IT diagram is established.

Although metallographic examination of specimens isothermally held 
for various times is the most accurate method of determining IT diagrams 
(particularly with respect to differentiating regions of proeutectoid ferrite, 
cementite formation, and pearlite or bainite formation), other experimen-
tal techniques are also useful. Hardness measurements, for example, re-
flect the phases present in transformed specimens. A list of the phases in 
the order of increasing hardness would include ferrite, pearlite, bainite, 
and martensite. Hardness would therefore be a maximum for microstruc-
tures produced by quenching after short isothermal holding times to a 
minimum for specimens held long enough for complete isothermal aus-
tenite transformation. Beginning and end of transformation could there-
fore be established by following hardness changes as a function of 
isothermal holding time. Dilatometry, an experimental technique that 
measures changes in length of specimens, has also been used to determine 
IT diagrams. The application of this technique is possible because of the 
expansion that accompanies the transformation of austenite to ferrite or 
ferrite- carbide mixtures, as discussed in Chapter 3, “Phases and Struc-
tures,” in this book. Dilatometry has been used by German investigators 
(Ref 10.3) for IT diagram determination. By cross checking with metal-
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lographic examination, dilatometry has been found to indicate the begin-
ning of transformation after approximately 3% of the austenite has been 
transformed, as compared with the ability of microstructural examination 
to reveal the first 1% of austenite transformation. Figure 10.2 compares IT 
diagrams determined by dilatometry and metallography and shows the 
greater sensitivity of the latter technique for IT diagram determination.

Continuous Cooling Transformation Diagrams

Many of the heat treatments performed on steel are carried out by con-
tinuous cooling rather than by isothermal holding, and as a result, dia-
grams that represent the transformation of austenite on cooling at various 
rates have been developed. The latter type of diagram for a given steel is 
referred to as a continuous cooling (CC) diagram or cooling transforma-
tion (CT) diagram (Ref 10.4). Generally, continuous cooling shifts the 
beginning of austenite transformation to lower temperatures and longer 
times. Figure 10.3 shows a derived (i.e., not experimentally determined) 
CT diagram for eutectoid steel and its relationship to the IT diagram (Ref 
10.2, 10.5). Also shown in the top part of Fig. 10.3 is a Jominy specimen. 
The latter specimen is water quenched only at one end, and therefore, the 

Fig. 10.2  Comparison of isothermal transformation diagram for steel with German designation 
42CrMo4 (0.38% C, 0.99% Cr, and 0.16% Mo) determined by dilatometry (dashed 
lines) and metallography (continuous lines). Source: Ref 10.3
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cooling rate is a maximum at that end and drops with increasing distance 
into the specimen. The cooling rates at various locations of a Jominy spec-
imen have been measured by attachment of thermocouples, and four of 
these cooling rates have been superimposed on the lower part of Fig. 10.3. 
With decreasing cooling rate or increasing distance from the quenched 
end of the Jominy specimen, the austenite transforms to microstructures 
containing increasingly greater quantities of pearlite. The decreased hard-
ness associated with the replacement of martensite by pearlite with de-
creasing cooling rate is also shown in the top part of Fig. 10.3.

In general, especially for hardenable alloy steels, attempts to derive CT 
diagrams from IT diagrams without experimental verification have proved 
unsatisfactory (Ref 10.4). For example, the bainite transformation range is 

Fig. 10.3  Relationship of cooling transformation (CT) (heavy lines) and iso-
thermal transformation (light lines) diagrams of eutectoid steel.

Also shown are Jominy end-quench specimen and four cooling rates from differ-
ent positions on the specimen superimposed on the CT diagram. Source: Ref 10.5
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dominated by pearlite formation in eutectoid steel and has not been in-
cluded in the derived curve of Fig. 10.3. The following list of CT charac-
teristics with no IT counterparts has been published (Ref 10.5):

• The depression of the Ms temperature at slow cooling rates
• The tempering of martensite that takes place on cooling from the Ms 

temperature to approximately 204 °C (400 °F)
• The prevalence of bainite as a transformation product
• The extraordinary variety of microstructures encountered
• The unexpected occurrence of ferrite in a high- carbon steel such as 

AISI 52100

The following comments expand on the observations in the preceding 
list. The depression of the Ms temperature with decreasing cooling rate in 
a given steel is due to the rejection of carbon into austenite as ferritic or 
bainitic structures form on cooling. The untransformed austenite therefore 
has higher carbon concentration and a lower Ms temperature, as discussed 
in Chapter 5, “Martensite,” in this book. The tempering of martensite on 
cooling is referred to as autotempering and is most common in low- carbon 
steels with high Ms temperatures. The latter situation results in the pres-
ence of martensite over a large temperature range on cooling. During this 
period of the quench, carbon has sufficient mobility to form the carbides 
characteristic of tempered martensite. Bainite formation (see third bullet 
point) is promoted by certain alloying elements, in particular molybde-
num, and by the more rapid cooling rates that favor shear transformation 
over diffusion- controlled transformation. The complexity of microstruc-
tures is due to the increasing fineness and intermixing of the austenite 
transformation products as transformation proceeds at successively lower 
temperatures on cooling. Finally, proeutectoid ferrite is sometimes ob-
served in high- carbon steels where normally proeutectoid cementite would 
be expected, because not all of the carbides may be dissolved during aus-
tenitizing. As a result, some of the carbon is tied up in carbide particles, 
and the austenite has a lower- than- expected carbon content approaching 
that of a hypoeutectoid steel.

In addition to the previously mentioned differences between IT and CT 
diagrams, frequently there is a gap noted in CT diagrams. This gap repre-
sents a temperature range where apparently no transformation occurs on 
cooling and may be due to carbon enrichment of austenite on cooling as 
high- temperature ferrite forms and/or changes in incubation times for 
pearlite and bainite nucleation on cooling (Ref 10.4).

As a result of the differences between isothermal and continuous cool-
ing transformation, CT diagrams are determined primarily by experiment, 
although there is still some interest in calculating CT diagrams from IT 
diagrams (Ref 10.4). The use of quenching dilatometers, in which changes 
in length and temperature with time of a standard specimen are simultane-
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ously recorded, is now well established as the major approach to experi-
mental determination of CT diagrams. The changes in specimen length 
due to the expansion associated with austenite transformation can there-
fore be related to points on a series of cooling curves. Metallographic ex-
amination of the transformed specimens then establishes the microstructure 
produced by a given cooling sequence. Experimental and instrumental 
details of the dilatometric approach are given in published atlases of CT 
diagrams (Ref 10.3, 10.6), and Eldis (Ref 10.7) has critically reviewed the 
relationship of dilatometry to the construction of CT diagrams.

The CT diagrams for alloy steels are more complicated than that shown 
in Fig. 10.3 for eutectoid steel. Figures 10.4 and 10.5 show IT and CT dia-
grams for SAE 4140 steel and 42CrMo4 steel determined by U.S. Steel 
and Max- Planck Institut für Eisenforschung investigators, respectively. 
The steels are quite comparable in composition and contain nominally 
0.4% C, 1% Cr, and 0.2% Mo as the major alloy additions. The CT dia-
gram in Fig. 10.4 was derived from the IT diagram, and that in Fig. 10.5 

Fig. 10.4  Cooling transformation diagram (heavy lines) for 4140 steel. Also 
shown are Jominy end-quench data and isothermal transformation 
diagram (light lines). Source: Ref 10.5
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was experimentally determined. In the case of the 4140- type steel, there is 
relatively good agreement between the two methods of CT diagram deter-
mination, and the diagrams show the dominance of ferrite and bainite for-
mation at intermediate rates of cooling.

Figures 10.6 and 10.7 are CT diagrams that show a number of effects  
of alloying on cooling transformation. Two steels, containing 1.4% Ni, 
0.36% Si, and 0.85% Mn and differing only in molybdenum content, are 
compared. The diagrams have been selected from an atlas that systemati-
cally characterizes the effects of molybdenum, chromium, nickel, and sili-
con on CT diagrams of 0.4% C steels (Ref 10.6). The microstructures 

Fig. 10.5  Experimentally determined cooling transformation (CT) diagram 
(continuous lines) for steel with German designation 42CrMo4

(0.38% C, 0.99% Cr, and 0.16% Mo) for comparison with that derived for a simi-
lar steel, 4140, as shown in Fig. 10.4. Isothermal transformation (IT) diagram is 
also shown (dashed lines). Source: Ref 10.3

.
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Fig. 10.6  Cooling transformation diagram for a steel containing 0.37% C, 
0.36% Si, 0.85% Mn, 1.44% Ni, and 0.02% Mo. The steel was

austenitized at 800 °C (1470 °F) for 20 min. The circled numbers correspond to 
the diamond pyramid hardness of microstructures produced by cooling at the 
rates shown. Source: Ref 10.6

°C °F

Fig. 10.7  Cooling transformation diagram for a steel containing 0.37% C, 
0.36% Si, 0.84% Mn, 1.40% Ni, and 0.47% Mo. The steel was

austenitized at 795 °C (1465 °F) for 70 min. The circled numbers correspond to 
the diamond pyramid hardness of microstructures produced by cooling at the 
rates shown. Source: Ref 10.6

°C °F
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resulting from selected cooling curves from Fig. 10.6 and 10.7 are shown 
in Fig. 10.8 and 10.9, respectively. Each cooling curve and microstructure 
is identified by the diamond pyramid hardness (DPH) of the microstruc-
ture produced by that cooling sequence.

Figures 10.6 and 10.7 show that nickel depresses the Ac3 and Ac1 tem-
peratures in accord with its role as an austenite stabilizer in steels and in-
creases hardenability (i.e., the ability to form martensite on cooling) 
primarily by shifting the proeutectoid and pearlite transformation to lon-
ger time periods. Although the austenite- ferrite and austenite- pearlite re-
gions are not differentiated in Fig. 10.6, the microstructures in Fig. 10.8 
show that equiaxed proeutectoid ferrite and pearlite are the transformation 
products for continuous cooling that produces DPHs of 219, 210, and 185 
(see Fig. 10.8b, c, and d, respectively). Kirkaldy (Ref 10.8) has attributed 
the improvement in hardenability due to elements such as nickel, copper, 
and manganese to the lowering of the transformation temperatures and the 
attendant lower rates of diffusion.

Fig. 10.8  Microstructures produced by cooling steel shown in Fig. 10.6 at four rates as identified by the diamond pyra-
mid hardnesses (DPH) in Fig. 10.6. Etch: 2% nital. Original magnification: 1000×; shown here at 75%. Source: 
Ref 10.6

(a) 585 DPH (b) 219 DPH

(d) 185 DPH(c) 210 DPH
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Figures 10.7 and 10.9 show that the addition of approximately 0.5% Mo 
to the 1.4% Ni steel produces significant changes in cooling transforma-
tion characteristics and microstructure. Hardenability is greatly improved, 
pearlite and equiaxed proeutectoid ferrite formation is severely retarded, 
and the bainite transformation becomes quite prominent. The gap that 
sometimes forms between two mechanisms of transformation is also ap-
parent. The strong effect of molybdenum and similar ferrite stabilizers 
such as chromium and silicon has been attributed (Ref 10.8) to the fact 
that molybdenum must diffuse or partition during pearlite formation. 
Since molybdenum diffuses very sluggishly below Ae1, the pearlite trans-
formation is significantly retarded. Ferrite formation by a shear mecha-
nism, on the other hand, requires no such partitioning of substitutional 
elements, and as a result, the lower noses for Widmanstätten ferrite and 
bainite (which is nucleated by ferrite) are prominent features of the CT 
diagram for the steel containing molybdenum. Of course, the excellent 
hardenability shown in Fig. 10.7 is due to the combination of both the 
nickel and molybdenum alloying effects.

Fig. 10.9  Microstructures produced by cooling steel shown in Fig. 10.7 at four rates as identified by the diamond pyra-
mid hardnesses (DPH) in Fig. 10.7. Etch: 2% nital. Original magnification: 1000×; shown here at 75%. 
Source: Ref 10.6

(a) 642 DPH (b) 322 DPH

(d) 219 DPH(c) 270 DPH
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Figures 10.6 through 10.9 show other examples of the characteristics 
of continuous cooling transformation discussed earlier. The Ms tempera-
tures are slightly lowered once some bainite has formed, and the micro-
structures, especially those produced in the nickel- molybdenum steel 
(see Fig. 10.9), are quite complex. Figures 10.6 and 10.7 also show the 
effects of the evolution of the heat of formation of the austenite transfor-
mation products on the cooling curves. This phenomenon is referred to as 
recalescence and causes changes in slopes of the cooling curves and 
sometimes even temperature increases on transformation. Figures 10.6 
and 10.7 show that recalescence is most prominent at high and intermedi-
ate cooling rates; at slow cooling rates, the specimen has sufficient time 
to dissipate to its surroundings the heat generated by transformation. 
Also, measurable recalescent effects lag the dilatometric detection of 
transformation and therefore are not suitable for accurate CT diagram 
determination.

Continuous Cooling Transformation and  
Bar Diameter

An atlas that presents continuous cooling transformation as a function 
of bar diameter rather than time has been prepared by the British Steel 
Corporation (Ref 10.9). This atlas is especially valuable to the heat 
treater because it permits an estimate of the microstructure that will form 
in the center of a bar of a given diameter for a large number of engineer-
ing steels in air- cooled, oil- quenched, and water- quenched conditions. 
Accompanying each of the CT diagrams is a plot of hardness as related 
to the bar diameters in the as- cooled condition and sometimes the hard-
ness after tempering. The bar diameter characterization is essentially  
a representation of hardenability, a subject that is developed more fully 
in Chapter 16, “Hardness and Hardenability,” in this book but is in- 
cluded here because of its direct relationship to continuous cooling 
transformations.

Figure 10.10 shows the CT diagram for a plain carbon steel containing 
0.38% C, 0.20% Si, and 0.70% Mn. The abscissa is plotted as bar diame-
ter associated with air cooling, oil quenching, and water quenching. Verti-
cal lines associated with a given diameter show the microstructures to be 
expected in the center of a bar of that diameter. For example, the vertical 
dashed line identified as “Air cool” shows that a microstructure of ferrite, 
pearlite, and a small amount of bainite is expected in a 10 mm (0.4 in.) 
diameter bar that has been air cooled. Likewise, the vertical dashed lines 
marked “Water quench” and “Oil quench” indicate that martensite and 
bainite plus martensite, respectively, would be expected for 10 mm (0.4 in.) 
diameter bars quenched in the two different media. Figure 10.11 shows 
the CT diagram for a more highly alloyed 0.40% C steel. The diagram 
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shows that a 10 mm (0.4 in.) bar of this steel, even if air cooled, would be 
entirely martensitic and that oil- quenched bars up to 100 mm (4 in.) in 
diameter would be fully hardened.

The CT diagrams relating microstructure to bar diameter therefore per-
mit a direct assessment not only of the possibility of producing maximum 
hardness in a bar of given diameter but also of the ability to produce air- 
cooled or normalized structures with ferrite- pearlite microstructures of 
low hardness. It should be remembered that the microstructures are those 
that would be present at the center of the bars, and that microstructure and 
hardness gradients may exist between the center and surface of the bars 
because of cooling rate variations between those points. Some variation in 
microstructures from those represented in the CT diagrams must also be 
expected because of chemistry variations within specification limits of a 

Fig. 10.10  Cooling transformation diagram for plain carbon steel containing 0.38% C and 0.70% Mn. Transfor-
mation and microstructures are plotted as a function of bar diameter. Source: Ref 10.9
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given grade of steel, variations in austenitizing, and/or different degrees of 
agitation during water or oil quenching.

Summary

A wealth of information characterizing the isothermal (Ref 10.2, 10.5, 
10.10, 10.11) and continuous cooling (Ref 10.3, 10.5, 10.6, 10.9, 10.11–
10.14) transformation behavior of a large number of steels is available in 
the form of atlases, and many transformation diagrams have been col-
lected in a single volume (Ref. 10.15). There is a strong trend to the use of 
CT diagrams because they better represent the large number of heat treat-
ments that are based directly on continuous cooling. The latter trend is in 
turn related to the ready availability of CT diagrams, a situation that has 

Fig. 10.11  Cooling transformation diagram for an alloy steel with 0.40% C, 1.50% Ni, 1.20% Cr, and 0.30% Mo, 
plotted as a function of bar diameter. Steel was austenitized at 850 °C (1562 °F); previous treatment: 
rolling, then softening at 650 °C (1202 °F). Source: Ref 10.9
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been significantly aided by the development of experimentally convenient 
and accurate dilatometric techniques for CT diagram determination.
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CHAPTER 11

Deformation, 
Strengthening, and 
Fracture of Ferritic 

Microstructures

AT SOME STAGE OF PROCESSING, the matrix microstructure of all 
carbon steels consists of ferrite; therefore, an understanding of the re-
sponse of ferritic microstructures to stress is essential to understanding the 
performance of carbon steels. The body- centered cubic (bcc) crystal struc-
ture of ferrite has 48 slip systems, as described in Chapter 3, “Phases and 
Structures.” Therefore, at room temperature, microstructures of equiaxed 
grains of ferrite have high ductility: dislocations can readily move and 
multiply to produce large permanent changes in the shape of steel struc-
tures. However, below room temperature, dislocation movement is restricted 
and ferritic microstructures become brittle. These aspects of deformation 
behavior and various micromechanisms that increase strength, especially 
in low- carbon steels with microstructures consisting primarily of ferrite, 
are discussed in the following sections.

Tensile Deformation, Strain Hardening, and  
Ductile Fracture

Figure 11.1 shows a schematic diagram of an engineering stress- strain 
curve produced by tensile testing of a typical metal specimen (Ref. 11.1). 
Engineering stress is defined as the applied load divided by the cross- 
sectional area of the gage length of a tensile specimen. The cross- sectional 
area is not considered to change during the test. Engineering strain or 
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elongation is obtained by dividing elongation of a specimen gage length 
by its original length. Deformation under load is at first elastic. This por-
tion of the stress- strain curve is characterized by a straight line, and strain 
is reversible when load is decreased. A yield strength is established on 
reaching a stress level sufficient to produce dislocation motion and mea-
surable permanent change in dimension. Often, yield strength is deter-
mined at an offset to the linear portion of the curve at a small permanent 
strain, as shown in Fig. 11.1. A typical value of strain used is 0.002 or 
0.2% elongation.

At yielding, plastic or permanent deformation begins. This stage of de-
formation, referred to as work hardening or strain hardening, develops to 
produce the uniform strain or elongation measured in a tensile test. Dislo-
cations multiply and higher stresses are necessary to move finer and finer 
dislocation segments produced by dislocation interactions. The shear 
stresses required to move dislocation line segments are inversely propor-
tional to the free lengths of dislocation lines, that is, the shorter the free 
lengths, the higher the stresses required. Kuhlmann- Wilsdorf has theoreti-
cally evaluated strain hardening and the formation of associated low- 
energy- dislocation structures in detail (Ref 11.2) and has presented the 
following equation to characterize strain hardening (Ref 11.3):

τ = τ0 + const Gb/l = τ0 + αGbρ1/2 (Eq 11.1)

where τ is the momentary flow stress at some point in the strain- hardening 
process, τ0 is the friction stress to move a dislocation through a crystal 

Fig. 11.1  Schematic engineering stress-stain curve typically produced by 
uniaxial tensile testing (Ref 11.1). The stages of deformation during 
tensile testing are described in the text.
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without obstacles, G is the shear modulus, b is the dislocation Burgers 
vector, l is the average effective dislocation line free length at some mo-
ment during strain hardening, and ρ is the dislocation density. Equation 
11.1 clearly relates increases in flow stress during strain hardening to dy-
namic dislocation interactions and increases in dislocation density.

Figure 11.2 shows changes in dislocation substructure that have de-
veloped with increasing strain in a 0.05C- 0.29Mn- 0.03Al steel. High- 
resolution, high- magnification transmission electron microscopy of thin 
foils reveals the dislocations as thin linear features. As strain increases, the 
dislocations arrange themselves into a substructure that consists of cells 
with dislocation- free areas and cell boundaries that contain high densities 
of tangled dislocations. As compared with uniform dislocation distribu-
tions throughout a crystal, the dislocation cell configuration minimizes 
free energy associated with plastic deformation (Ref 11.2). Dislocation 
cell size decreases with increasing strain (Ref 11.4, 11.5), as shown for 
low- carbon steel and iron in Fig. 11.3, and correlates with increasing flow 
stress during tensile testing.

Strain hardening continues to increase flow stresses with increasing 
strain until the ultimate tensile strength is reached. Up to this point in a 
tensile test, deformation has occurred uniformly throughout the entire 
gage length of a tensile specimen. However, when the tensile strength is 
reached, mechanical instability develops and strain concentrates locally to 
produce the discontinuity in specimen gage length referred to as a neck. 
The neck develops when applied stress exceeds the strength of the uni-
formly strain- hardened microstructure. Figure 11.3 shows that substruc-
ture size stabilizes at high strains, consistent with reduced strengthening 
and therefore increased susceptibility to necking.

Necking instability is defined by the intersection of strain- hardening 
rate and strengthening curves as a function of strain, as shown in Fig. 11.4 

Fig. 11.2  Dislocation substructure in a low-carbon steel containing 0.05% C, 0.29% Mn, and 0.03% Al.  
(a) Specimen strained 5% in tension. (b) Specimen strained 10% in tension. Transmission electron 
micrographs. Courtesy of J. Pan, Colorado School of Mines. Source: Ref 11.4

0.2 µm 0.5 µm(a) (b)
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Fig. 11.3  Dislocation cell size as a function of true strain in a low-carbon 
steel (Ref 11.4) and highly deformed iron (Ref 11.5)

(Ref 11.6, 11.7). For this definition, stress is defined as the true stress, σ, 
defined as applied load divided by the reduced cross- sectional area at a 
point in a tensile test, and strain is defined as the true strain, ε, defined as 
the natural log of the gage length at a point in a tensile test divided by the 

Fig. 11.4  Schematic diagram showing the intersection of the flow curve and 
strain-hardening curve that defines the mechanical instability or 
necking condition during tensile testing. Source: Ref 11.7
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original gage length (Ref 11.1). With these definitions, actual, dynamic 
changes in stress and strain during testing are taken into account. Figure 
11.4 shows that when the strain- hardening rate dσ/dε equals the flow 
stress produced by strain hardening, necking instability occurs. The inter-
section of the curves also defines uniform strain, εu. Necking instability is 
defined by the following equation:

dσ/dε = σ at ε = εu (Eq 11.2)

The understanding of the reasons for necking instability is a powerful 
qualitative way to assess mechanical performance of a steel. Microstruc-
tural factors that increase strain- hardening rates, such as finer dislocation 
substructures or strain- induced transformation of retained austenite, tend 
to increase uniform elongation and defer necking instability.

Following necking, deformation continues within the neck, and by vir-
tue of the localized reduction in area, true stress continues to increase to 
fracture. Engineering stress, calculated with a constant cross- sectional 
area, drops as applied load decreases following attainment of maximum 
load- carrying capacity at the ultimate tensile strength. Significant post- 
uniform strain contributes to total elongation or strain to fracture and de-
velops as a result of deformation in the neck. During nonuniform 
deformation in the neck, ductile fracture is initiated. Ductile fracture is 
caused by the initiation of microvoids around second- phase particles, 
plastic growth of the voids, and eventual coalescence of the voids to pro-
duce the final ductile fracture surface (Ref 11.8–11.10).

The Ductile- to- Brittle Transition in bcc Ferrite

A phenomenon unique to bcc ferrite microstructures is a severe loss in 
the ability to plastically deform at low temperatures. The change from 
ductile deformation and fracture behavior, as discussed previously, to se-
verely reduced ability to plastically deform with decreasing temperature is 
termed the ductile- to- brittle transition. Stainless steels with face- centered 
cubic (fcc) austenitic microstructures do not show such severe loss of duc-
tility at low temperatures. In steels, many factors such as strain rate, the 
presence of notches, grain size, second- phase particles, or pearlite content 
determine the temperature range in which the transition occurs.

The ductile- to- brittle transition in steels is most commonly established 
by Charpy V- notch (CVN) testing, in which the energy absorbed during 
fracture of notched specimens subjected to high- strain- rate loading is 
measured at various test temperatures. Figure 11.5 shows a schematic set 
of CVN curves, one representing fracture behavior at typical high- strain- 
rate impact testing, the other representing testing at a slow strain rate pro-
duced by bending (Ref 11.11). Fracture at high test temperatures produces 
a plateau in energy absorbed, often referred to as the upper shelf, and is 
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produced by ductile fracture. The energy absorbed in fracture decreases 
dramatically with decreasing test temperature, until a low- energy, lower 
shelf is obtained. Reduced rates of straining lower the temperature at which 
brittle fracture develops but cannot suppress brittle, low- energy fracture.

Figure 11.6 shows examples of ductile and brittle fracture surfaces that 
developed on CVN impact testing of a steel with ferrite- pearlite micro-
structure. The ductile fracture surface shows a mix of deep and very fine 

Fig. 11.5  Schematic diagram comparing energy absorbed as a function of 
temperature during high-rate impact testing and slow bend testing

of notched specimens. CVN, Charpy V-notch; DBTT, ductile-brittle transition 
temperature. Source: Ref 11.11

Fig. 11.6  Ductile and brittle fracture surfaces. (a) Mixture of coarse and fine depressions or dimples characteristic 
of ductile fracture surfaces. Some flat cleavage facets are shown in bottom of micrograph. (b) Flat frac-

ture surface facets characteristic of brittle cleavage fracture. Scanning electron micrographs. Original magnification: 
750×. Courtesy of D. Yaney, Colorado School of Mines
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microvoids together with some flat cleavage facets. The brittle fracture sur-
face shows large, flat regions where cleavage fracture has occurred. Cleav-
age in bcc ferrite occurs on {100} planes that have large interplanar spacings 
relative to the bcc slip planes. The bright lines on the cleavage surfaces are 
steps between fracture on two parallel but separated cleavage planes. Often, 
two small steps join, forming a steeper step. The coming together of the 
small steps creates an arrow pointing in the direction of crack advance, as 
shown by the arrow in the lower right of the micrograph in Fig. 11.6(b).

Leslie demonstrated the reduced ability of bcc ferrite to plastically de-
form at low temperatures (Fig. 11.7) by tensile testing of iron specimens 
with polycrystalline ferritic microstructures (Ref 11.6, 11.12). The iron 
was gettered with titanium to remove all carbon and nitrogen from inter-
stitial solid solution and thereby eliminate potential interstitial- atom- 
dislocation interactions, as described in the following section. Thus, the 
changes in deformation behavior could be directly attributed only to 
changes in bcc dislocation mobility. At high temperatures, typical ductile 
stress- strain behavior, with strains up to 0.16, is reflected in Fig. 11.7. The 
good ductility at relatively low stresses is produced by dislocation motion 
and multiplication, as described earlier. However, with decreasing tem-
perature there is a sharp increase in yield strength and limited ability to 
plastically deform. Figure 11.7 also shows low- temperature elastic limits, 
σE, and anelastic limits, σA, the stresses, respectively, for reversible edge 
dislocation motion and for long- range motion of edge dislocations.
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Fig. 11.7  Temperature dependence of yield and flow stresses at various strains in titanium-gettered iron 
with body-centered cubic ferritic microstructures. Source: Ref 11.6, 11.12
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The decreased ability to plastically deform at low temperatures is 
 attributed to the inability of screw dislocations to cross slip. The screw 
 dislocations therefore are restricted to their slip planes, cannot bypass ob-
stacles, and cannot contribute to mechanisms of dislocation multiplication 
necessary for sustained plastic deformation. The inability of screw disloca-
tions to cross slip has been related to asymmetries in dislocation core struc-
tures that develop at low temperatures and to segregation of impurity atoms 
to dislocation cores (Ref 11.13, 11.14). Transmission electron  microscopy 
shows that only arrays of parallel screw dislocations are present in ferrite 
deformed at low temperatures and high strain rates (Ref 11.15). This obser-
vation implies that edge dislocations migrate from low- temperature- 
deformed specimens and shows that the tangled dislocation cell structures 
characteristic of high- temperature deformation are unable to form.

Although the root cause of the transition from ductile to brittle fracture 
in bcc ferrite is the inability of screw dislocations to cross slip, other mi-
crostructural features influence the transition. Fine grain sizes, as dis-
cussed subsequently and relative to controlled- rolled low- carbon steels  
in Chapter 12, “Low- Carbon Steels,” in this book, significantly lower 
ductile- to- brittle transition temperatures. Second- phase particles may 
fracture and initiate cleavage cracks. McMahon and Cohen (Ref 11.16) 
have shown that cleavage cracks in low- carbon steels, containing 0.007 
and 0.035% C, were initiated by deformation- induced cracking of small 
cementite particles. When a sharp cementite crack could not be arrested 
by plastic relaxation in the adjacent ferrite grain, the crack became un-
stable and propagated on the most suitably oriented {100} ferrite cleavage 
plane within that grain until arrested at a grain boundary or twin. With 
sufficient stress, cleavage cracks could be initiated successively in adja-
cent grains on the most suitably oriented {100} planes, causing cleavage 
fracture to propagate throughout a specimen cross section. Similar to the 
role that cementite particles play in cleavage fracture of low- carbon steels, 
the cracking of coarse TiN particles has been shown to initiate cleavage 
fracture in medium- carbon steels with ferrite- pearlite microstructures 
(Ref 11.17). Many other aspects of cleavage fracture are presented in the 
symposium on cleavage fracture dedicated to George Irwin, recognized as 
a founder of the engineering discipline of fracture mechanics (11.18).

Continuous and Discontinuous Yielding of  
Ferritic Microstructures

The initiation of plastic deformation or yielding may take two forms in 
steels with ferritic microstructures. Continuous yielding results when high 
densities of unpinned dislocations are present. The high densities of dislo-
cations may be generated by mechanical working or by the introduction of 
martensite into ferritic microstructures, as is done in the dual- phase steels 
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described in Chapter 12, “Low- Carbon Steels,” in this book. Unpinned dis-
locations are present when aging time is insufficient to allow interstitial atom 
diffusion to dislocations or when the interstitial carbon and nitrogen contents 
are reduced to very low levels, 30 to 50 ppm, as is the case for the ultralow- 
carbon steels described in Chapter 12, “Low- Carbon Steels.” Discontinuous 
yielding occurs when dislocations are pinned by interstitial atoms.

Figure 11.8 shows schematically the two types of yielding behavior in 
a low- carbon steel. When a low- carbon steel is heated to and rapidly 
cooled from a temperature where carbon has a relatively high solubility in 
ferrite (Fig. 3.4 in Chapter 3, “Phases and Structures,” in this book), car-
bon is supersaturated in the ferritic microstructure at room temperature, 
and dislocations are relatively free to move with the application of stress. 
However, with time the microstructure ages, and carbon atoms, which, 
because of their small size, have high diffusivity in bcc ferrite even at 
room temperature, diffuse first to dislocations, restricting their motion, 
and eventually form carbide particles, if time is sufficient or temperatures 
are elevated. Therefore, higher stresses are required to initiate yielding, as 
indicated by ∆σy, and once yielding is initiated, a flat portion of the stress- 
strain curve results.

Cottrell established the basis of the pinning of dislocations by intersti-
tial atoms in bcc ferrite (Ref 11.19). Carbon and nitrogen atoms produce 
tetragonal distortions when trapped in a bcc lattice. The associated energy 
can be relieved by segregation of the interstitial atoms to the elastic strain 

Fig. 11.8  Schematic diagram showing low-strain portions of stress-strain curves 
with continuous (quenched) and discontinuous (aged) yielding
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fields of dislocations. For example, edge dislocations, where the lattice dis-
continuity is a line extending along the edge of an incomplete plane of atoms, 
have a tensile strain field below that edge and can accommodate interstitial 
atoms more readily than octahedral sites in perfect portions of the lattice.

The pinning or Cottrell locking of dislocations by segregated interstitial 
atoms in ferrite is so strong that effectively all dislocations are immobi-
lized. As a result, for plastic deformation to proceed, new dislocations 
must be generated, provided a sufficient stress is applied. The burst of new 
dislocations produces a localized strain, referred to as the Lüders strain, 
that produces a band of plastic deformation, referred to as a Lüders band. 
The band propagates across the gage length of a tensile specimen, a pro-
cess shown schematically in Fig. 11.9 (Ref 11.20). The yielding associ-
ated with the passage of a Lüders band is termed discontinuous because 
the gage length does not deform uniformly; that is, only that part of the 
gage length within the Lüders band deforms. When the Lüders band has 
propagated across the entire gage length, uniform or continuous plastic 
deformation proceeds with increasing stress.

On cold- formed parts subjected to various amounts of deformation, 
some of which may only be at the level of the Lüders strain, noticeable 
localized deformation bands, referred to as stretcher strains, develop and 
distort the surface appearance of lightly deformed sheet steels. To elimi-
nate the formation of Lüders bands, sheet steels are often temper rolled to 
strains exceeding the Lüders strain. The higher level of plastic deforma-
tion ensures that plastic deformation associated with subsequent forming 
will be continuous and uniform.

Figure 11.8 shows that stress drops after a Lüders band is initiated. The 
initiation stress is referred to as the upper yield stress, and the stress re-

Fig. 11.9  Schematic diagram showing a Lüders band that has partially prop-
agated across the gage length of a sheet tensile specimen. The

plastic strain associated with the Lüders band, and the absence of strain where 
the Lüders band has not propagated, are also illustrated. Source: Ref 11.20
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quired to propagate the Lüders band is referred to as the lower yield stress. 
The drop in stress associated with discontinuous yielding is explained by 
the stress- dependent velocity of dislocations in a constant strain- rate ten-
sile test (Ref 11.6, 11.20). Stein and Low (Ref 11.21) have shown that 
dislocations move faster at higher stresses according to the following 
equation:

v
m

=






τ
τ 0

(Eq 11.3)

where v is the dislocation velocity, τis the applied shear stress, τ0 is the 
shear stress for a constant velocity of 1 cm/s, and m is a constant. Figure 
11.10 shows the dependence of dislocation velocity on stress and its close 

Fig. 11.10  Stress dependence of dislocation velocity as a function of stress 
in Fe-3.25%Si single crystals, determined by Stein and Low (Ref

11.21) and Lüders band-front velocity in mild steels as a function of stress. The 
figure is taken from Ref 11.20; the investigations noted are cited in that reference.
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relationship to the velocity of Lüders band propagation (Ref 11.20). The 
stress drop is explained by the requirement to maintain deformation at  
a constant strain rate, έ, during a tensile test according to the following 
equation:

έ = 0.5bρv (Eq 11.4)

where b is the Burgers vector, ρ is the dislocation density, and v, as noted, 
is the dislocation velocity. Thus, when dislocation density increases to 
initiate a Lüders band, dislocation velocity must decrease to maintain a 
constant strain rate, and, according to Eq 11.3, stress must drop.

Aging Phenomena in Ferritic Microstructures

The negligible carbon and nitrogen atom solubility in bcc ferrite at 
room temperature, and the high diffusional mobility of interstitial atoms 
in ferrite at and around room temperature, mean that aging effects that 
produce discontinuous yielding are highly likely in ferritic microstruc-
tures of low- carbon steels. Quench aging develops when ferrite is rapidly 
cooled from temperatures around 730 °C (1350 °F), where the solubility 
of carbon and nitrogen is high (Fig. 3.4 in Chapter 3, “Phases and Struc-
tures,” in this book). The resulting supersaturation of ferrite at room tem-
perature, where solubilities of carbon and nitrogen are negligible, leads to 
Cottrell locking of dislocations, or if the supersaturated ferrite is exposed 
to temperatures somewhat above room temperature, carbides may precipi-
tate. Figure 11.11 shows examples of precipitate dispersions in quench- 
aged steels. At low temperatures and short times, metastable carbides 
precipitate on dislocations after sufficient carbon has segregated. Fine car-
bides may also precipitate on vacancy clusters in the matrix ferrite. At 
higher temperatures, cementite forms in platelet and dendritic morpholo-
gies (Ref 11.22, 11.23).

The pinning of dislocations produced by deformation, that is, by strain-
ing, and the associated return of discontinuous yielding is referred to as 
strain aging. If the discontinuous yielding returns during aging without 
additional application of stress, the phenomenon is referred to as static 
strain aging. Figure 11.12 shows a series of stress- strain curves produced 
by aging of a deformed low- carbon steel. The lowest curve, with the larg-
est Lüders strain, represents the yielding behavior of the steel prior to de-
formation. When the steel is deformed to a strain beyond the Lüders strain 
and retested, as shown by the vertical line at approximately 4% strain, in 
the absence of aging, the stress- strain curve merely extends the original 
curve. However, with increased aging times, in this case at 60 °C (140 °F), 
yield strengths increase and discontinuous yielding returns as more and 
more carbon atoms segregate to the dislocations produced by the preced-
ing 4% strain.
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Fig. 11.12  Strain-aging effects on the yielding behavior of a low-carbon 
steel deformed to 4% true plastic strain and aged for various 
times at 60 °C (140 °F). Source: Ref 11.6

Fig. 11.11  Precipitate dispersions in quench-aged low-carbon steels. (a) Carbides decorating disloca-
tion lines in 0.052% C steel aged for 20 min at 97 °C (207 °F). (b) Plate-shaped carbides

formed on dislocations in a 0.077% C steel aged for 115 h at 97 °C (207 °F). (c) Dendritic carbides formed in 
0.052% C steel aged for 10 h at 138 °C (280 °F). Transmission electron micrographs courtesy of E. Indacochea, 
University of Chicago

0.2 µm(a)

0.2 µm(b) 0.2 µm(c)
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Carbon atom pinning of dislocations can also occur during deformation 
or tensile testing in certain ranges of strain rates and temperature. Such 
aging is referred to as dynamic strain aging. Figure 11.13 shows stress- 
strain curves produced by testing a low- carbon steel at a series of tempera-
tures (Ref 11.6). Dynamic strain aging is reflected in the serrations most 
apparent in the specimens tested at 150 and 200 °C (300 and 390 °F). 
Carbon atoms pin dislocations generated during plastic straining, and 
stress drops when new bursts of dislocations are formed. Figure 11.13 also 
shows that at temperatures of 500 °C (930 °F) or higher, discontinuous 
yielding does not develop, a result attributed to the greater ability of a 
more relaxed bcc lattice to accommodate the strains associated with inter-
stitial atoms (Ref 11.19).

Grain- Size Effects on Strength and Fracture of 
Ferritic Microstructures

The effect of grain size on strength and fracture of low- carbon steels is 
described by the equation first developed by Hall, 1951, and Petch, 1953 
(Ref 11.24, 11.25). The Hall- Petch equation for the dependence of stress, 
σ, on grain size, d, is:

σ = σ0 + kyd –1/2 (Eq 11.5)

where σ0 and ky are experimental constants. In carbon steels, σ0 and ky are 
often taken as the friction stress to move dislocations in a single crystal of 
ferrite and an unlocking factor for grain- boundary dislocations, respec-
tively (Ref 11.26).
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Fig. 11.13  Low-strain portions of stress-strain curves of a low-carbon steel tested at various tempera-
tures as shown. Source: Ref 11.6
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Figure 11.14 shows Hall- Petch plots of lower yield strength, flow 
stresses at various strains, and ductile fracture stress as a function of fer-
ritic grain size in low- carbon steel (Ref 11.26). All of the strength param-
eters satisfy the reciprocal square- root dependency on grain size. The 
slope is steepest for the lower yield strength where dislocation pinning, as 
described previously, requires sufficient stresses to generate new disloca-
tions. At the higher flow stresses, grain boundaries decrease in importance 
as the dislocation cell structure develops within ferrite grains and controls 
strengthening. There are several explanations for the strong effect of grain 
size on strength. Larger grains may permit greater concentrations of dislo-
cations at grain boundaries and may thereby create higher stress for dislo-
cation movement in adjacent grains, or unique grain- boundary dislocation 
densities or structures in which dislocation sources may be pinned may 
exist. Matlock et al. (Ref 11.27) have recently reviewed the models for 
grain- size strengthening. Although several models have been proposed, 
the finer the grain size, the greater the fraction of the microstructure af-
fected by grain- boundary phenomena, and the higher the stresses to acti-
vate dislocation motion. Fine grain sizes also increase ductile fracture 
stresses, as shown in Fig. 11.14, and lower ductile- to- brittle transition 
temperatures. In fact, grain- size refinement is the only mechanism that 
increases both strength and toughness. Figure 11.15 compares the effects 
of various low- carbon steel strengthening mechanisms on changes in im-
pact transition temperatures (Ref 11.28). Dislocation strengthening, pre-
cipitation, and pearlite content of ferritic microstructures, while they all 

Fig. 11.14  Lower yield strength, flow stresses at various strains, and fracture 
stress as a function of grain size in low-carbon steels. Source: 
Ref 11.26
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increase strength, also raise transition temperatures and sensitivity to 
cleavage fracture; only grain- size refinement lowers transition tempera-
tures. The latter effect is quite strong and has provided a strong driving 
force for the development of controlled rolling and microalloying capable 
of producing very fine ferrite grain sizes in steels.

Dispersion Strengthening of Ferritic Microstructures

Many steels contain second- phase particles dispersed in a matrix of fer-
rite. The particle dispersions may be a result of processing, for example, 
the dispersions of cementite particles produced by spheroidizing medium-
  and high- carbon steels or by cold rolling and annealing of low- carbon 
steels, or by design, as is the case for microalloyed steels. If the particles 
are closely spaced, on the order of 10 nm more or less, significant strength-
ening may result from the dispersions.

The strengthening produced by dispersed particles is related to the ob-
stacles that particles present to dislocation motion, as first described by 
Orowan (Ref 11.29). Figure 11.16 shows this process schematically (Ref 
11.30). Dislocations moving under an applied shear stress encounter par-
ticles at a spacing L and bow out between the particles. Eventually, the 
bowed dislocation line segments become unstable and join to produce a 
new dislocation line on the other side of the particles and dislocation loops 
around the particles. The increase in shear stress, ∆τy, required for the pas-
sage of dislocations between particles is given by the following equation:

∆τy = Gb/L (Eq 11.6)

Fig. 11.15  Change in impact-transition temperatures (ITT) produced by  
15 MPa (2.2 ksi) increases in strength by various mechanisms

and microstructural factors. Only grain-size refinement increases both strength 
and lowers ITT. Source: Ref 11.28
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where G is the shear modulus and b is the Burgers vector. Thus, the closer 
the spacing of particles, the greater is the stress required for plastic defor-
mation. If the particles are too closely spaced, stresses may increase to  
the level that dislocations will pass through the particles themselves, 
rather than passing between the particles as described by the Orowan 
mechanism.

Solid- Solution Strengthening of  
Ferritic Microstructures

The many chemical elements present in steel either combine to form 
second- phase precipitate particles or remain in solution within the crystal 
structures of austenite at high temperatures or ferrite at low temperatures. 
The atoms of size and electronic structure close to those of iron that do not 
combine to form carbides, nitrides, or other compounds merely substitute 
for iron atoms in fcc austenite or bcc ferrite crystals and are said to be in 
substitutional solid solution. The smaller atoms such as carbon and nitro-
gen, as noted earlier, go into the interstitial sites between iron atoms and 
are said to be in interstitial solid solution. The size and electronic differ-
ences between substitutional atoms and iron atoms affect lattice parame-
ters of the ferrite crystal unit cell, the modulus of elasticity, and the shear 
modulus of ferrite (Ref 11.6). Also, the size and electronic structure differ-
ences of the substitutional atoms interact with elastic strain fields of dislo-
cations in ferrite and increase the stress necessary to move dislocations.

Figure 11.17 shows the yield strength increases produced in low- carbon 
steels as a function of alloy content (Ref 11.28). The substitutional ele-

Fig. 11.16  Schematic diagram of stages of Orowan strengthening by dislo-
cation interaction with particles separated by a spacing of L. 
Source: Ref 11.30
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ments provide a real but relatively modest solid- solution strengthening. 
For example, manganese has many functions in steel, including deoxida-
tion, combination with sulfur, and improving hardenability, but is often 
added at levels of 1.0% or more to low- carbon steels with ferritic micro-
structures to increase strength. The interstitial elements have very high 
interstitial solution strengthening capability, but as discussed previously, 
rapidly leave solid solution to segregate at dislocations or precipitate as 
carbides and nitrides.

At temperatures below room temperature, substitutional elements, such 
as silicon, manganese, and nickel, may actually cause softening of ferritic 
microstructures (Ref 11.6). Although the cause of this phenomenon is not 
known, the effects of the substitutional atoms may be to enhance screw 
dislocation cross slip. Nickel, for example, is known to increase resistance 
to cleavage fracture and to lower ductile- to- brittle transition temperatures.
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CHAPTER 12

Low- Carbon Steels

General Considerations

LOW- CARBON STEELS, steels that contain less than 0.25% C, make 
up the highest tonnage of all steels produced in a given year. Structural 
shapes and beams for buildings and bridges, plate for line pipe, and auto-
motive sheet applications are just a few major applications for low- carbon 
steels. These applications are driven by manufacturing requirements for 
good formability and weldability, and performance requirements of good 
combinations of strengths and fracture resistance for given applications. 
While early approaches to design of steel structures involved increasing 
the section size of low- strength, low- carbon steels to increase load- carrying 
capacity, recent approaches for vehicles have been based on developing 
low- carbon sheet steel microstructures of higher strength in order to re-
duce section size and weight in response to powerful economic factors, 
the need for fuel reduction, and safety concerns. Higher strengths are in-
creasingly produced in steels with lower and lower carbon contents, an 
approach that improves formability, weldability, and toughness or fracture 
resistance. As a result, there have been dramatic and continuous changes 
in the compositions of low- carbon steels, their strength, ductility, and 
toughness, and the processing approaches for their manufacture.

Figure 12.1 shows the many types of low carbon sheet steels that have 
been developed at the start of the twenty- first century (Ref 12.1–12.3). 
Mild steels represent the starting alloys, and developments have pro-
ceeded to higher ductilities and reduced strength for increased formability 
and to higher strengths with reduced ductilities. The steels marked by the 
box First generation AHSS (First Generation Advanced High Strength 
Steels) in Fig. 12.1 identify the first sets of steels, primarily for automo-
tive applications, with substantially higher strengths than earlier devel-
oped steels. Research and applications continue and new generations of 
advanced high strength steels with improved combinations of ductility 
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and strength compared to those shown in Fig. 12.1 are being developed 
(Ref 12.3). Competing with low- carbon sheet steels, high- manganese- 
containing Twinning- Induced Plasticity (TWIP) steels for higher combi-
nations of strength and ductility, as discussed in a later section of this 
chapter, are also under intensive development.

The major microstructural component of low- carbon steels has tradition-
ally been equiaxed or polygonal ferrite, but recent developments have 
added other major microstructural components. Nevertheless, the perfor-
mance of low- carbon steels depends essentially on the deformation and 
fracture mechanisms of ferrite described in Chapter 11, “Deformation, 
Strengthening, and Fracture of Ferritic Microstructures.” Microstructures 
consisting primarily of ferrite have relatively low strength, and therefore, 
various alloying and processing approaches used to develop high strength 
in new types of low- carbon steels are discussed in this chapter. The follow-
ing sections describe hot- rolled low- carbon steels, cold- rolled and annealed 
low- carbon steels, interstitial- free or ultra- low carbon steels, controlled- 
rolled- microalloyed steels (also termed high- strength, low- alloy (HSLA) 
steels), dual- phase steels, and Transformation- Induced Plasticity (TRIP) 
steels. The latter two groups of steels have been developed to improve 
combinations of strength and ductility, relative to those of low- carbon 
steels with primarily as- rolled ferritic microstructures, by alloying and 
processing that produce unique low- carbon steel microstructures. Mar-
tensitic low- carbon steels, long used in automotive applications that re-
quire low formability, are now being manufactured in more complicated 
shapes, and therefore also merit detailed attention in this chapter. Brief 
descriptions are also given of next- generation AHSS steels: TWIP steels 
and Quenched and Partitioned (Q&P) steels.

Fig. 12.1  Ranges of elongation and tensile strength combinations for various 
types of low-carbon steels. BH, bake-hardening; CMn, carbon

manganese; CP, complex phase; DP, dual-phase; HSLA, high-strength, low-alloy 
steel; IF, interstitial-free; IF-HS, interstitial-free high-strengh; ISO, isotropic steels; 
MART, martensitic; TRIP, transformation-induced plasticity. Source: Ref 12.3
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Many of the sheet steel grades for automotive panel applications are 
now zinc- coated and offer outstanding corrosion protection. The zinc may 
be applied by hot- dip galvanizing or electrodeposition, and zinc coatings 
may be heated to produce beneficial layers of Zn- Fe intermetallic phases 
in a process designated as galvannealing. Hot- dip galvanizing adds an-
other heating step, at 450 to 470 °C (840 to 880 °F), as steel sheet passes 
through liquid zinc baths, and galvannealing is subsequently performed at 
500 to 550 °C (930 to 1020 °F). The zinc- coating processing of low- carbon 
sheet steels, the evaluation of friction and formability of zinc coatings, and 
the microstructure and performance of zinc coatings constitute a remark-
able subset of recent low- carbon steel developments (Ref 12.4–12.6).

Low- Carbon Steel—Hot- Rolled  
Ferrite- Pearlite Microstructures

Ferrite- pearlite microstructures are produced in air- cooled heavy sec-
tions and shapes, and in flat- rolled plate and strip hot rolled from slabs and 
cooled during coiling. A schematic diagram of primary hot deformation 
processing applicable to low- carbon steels has been shown in Chapter 9, 
“Primary Processing Effects on Steel Microstructure and Properties.” In 
low- carbon steels, ferrite is the major microstructural component, and the 
amount of pearlite is directly proportional to carbon content up to the 
maximum of 0.25%. The latter microstructures, traditionally formed in 
plain carbon or mild steels by conventional hot- rolling practices, have 
provided the base for incentives to modify low- carbon steel processing 
and microalloying for enhanced properties.

Pickering and his colleagues at the British Steel Corporation have es-
tablished empirical equations for the properties of low- carbon steels with 
ferrite pearlite microstructures based on statistical multiple regression 
analysis (Ref 12.7, 12.8). Chemical and microstructural factors were mea-
sured and integrated into the equations, as follows:

Yield strength in MPa (±31 MPa) = 88 + 37(%Mn) + 83(%Si) 
+ 2918(%Nf) + 15.1(d –1/2) (Eq 12.1)

Maximum uniform strain (ε*) = 0.27 – 0.016(%pearlite) 
– 0.015(%Mn) – 0.40(%Si) 

– 0.043 (%Sn) – 1.1(%Nf) (Eq 12.2)

Total strain at fracture (εT) = 1.3 – 0.020(%pearlite) + 0.30(%Mn) 
+ 0.20(%Si) – 3.4(%S) – 4.4(%P) 
+ 0.29(%Sn) + 0.015d –1/2 (Eq 12.3)
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Impact transition temperature (°C) = –19 + 44(%Si) + 700(%Nf)

– 11.5(d –1/2) + 2.2(%pearlite) (Eq 12.4)

The element compositions are in weight percent, d is the mean linear inter-
cept of ferrite grains in mm, and Nf is free nitrogen dissolved in ferrite and 
not combined in a stable nitride. The effects of many of the terms in these 
equations are consistent with the strengthening mechanisms and deformation 
and fracture considerations discussed in Chapter 11, “Deformation, Strength-
ening, and Fracture of Ferritic Microstructures.” Manganese and silicon con-
tribute to solid- solution strengthening of ferrite, and the positive grain size 
term correlates with the Hall- Petch equation. The relatively small amount of 
pearlite in low- carbon steels does not affect yield strength but does affect 
uniform strain and fracture. The strain- hardening/flow- stress curve analysis 
in Fig. 12.2(a) shows that the effect of increased pearlite, as related to carbon 
content, is due to reduced Lüders strain and increased strengthening but is 
not due to increased strain hardening. Although fine grain size increases 
yield strength, it does not affect uniform strain. Figure 12.2(b) shows that 
increases in both flow stresses and strain hardening due to grain size refine-
ment balance their effect on uniform strain and necking instability.

Nitrogen in interstitial solid solution has a potent strengthening effect 
on ferritic microstructures and significantly raises impact transition tem-
peratures and promotes brittle cleavage fracture. Other elements, because 
of embrittling effects or tendencies to form inclusions, lower ductile frac-
ture resistance, as shown in Eq 12.3. For example, sulfur forms coarse 
MnS inclusions that do not affect strength and strain hardening but pro-
vide major sites for microvoid initiation in ductile fracture.

Fig. 12.2  Schematic diagrams of strain-hardening and flow stress curves that show the effect of  
(a) carbon content and (b) grain size on the uniform elongation ε* of low-carbon steels. 
Source: Ref 12. 7
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The relationships demonstrated in Eq 12.1 to 12.4 have provided guide-
lines for achieving improvements in mechanical behavior of low- carbon 
steels. A typical low- carbon steel with ferrite- pearlite microstructure pro-
duced by conventional hot rolling, with nominal manganese and silicon 
contents and nominal grain size, has a yield strength around 210 MPa  
(30 ksi), as indicated in the mild steel area of Fig. 12.1. That figure also 
shows that yield strength- ductility combinations of more recently devel-
oped steels move in both directions from those of mild steels, consistent 
with the effects of the parameters documented in the Pickering equations. 
In particular, alloying and processing approaches that reduce grain sizes 
for both increased strength and fracture resistance, reduce impurity ele-
ment and inclusion contents for improved fracture resistance, and reduce 
carbon content to reduce pearlite content and its effect on fracture, have 
provided technical driving forces for new steel development.

Low- Carbon Steel—Processing by  
Cold Rolling and Annealing

Figure 12.3 shows the thermomechanical processing that may be ap-
plied to hot- rolled strip to produce cold- rolled and annealed sheet. An-
nealing to produce formable recrystallized ferritic structures is accomplished 
by subcritical annealing, i.e., annealing below AC1 temperatures without 
austenite formation. Newer types of sheet steels, such as the dual- phase 

Fig. 12.3  Temperature-time processing schedules for cold-rolled and annealed low-carbon sheet steels. Continu-
ous and batch annealing are schematically compared and intercritical annealing used to produce dual-
phase and TRIP steels is indicated.
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and TRIP steels described in following sections, are subjected to intercriti-
cal annealing, i.e., heating between AC1 and AC3 temperatures to produce 
small amounts of austenite within matrix microstructures of equiaxed fer-
rite grains. On cooling, the austenite transforms to strengthening compo-
nents of the microstructure.

Cold rolling strain- hardens ferritic microstructures and reduces ductil-
ity. Annealing restores ductility of strained ferrite by producing recrys-

tallization, a mechanism of microstructural change in which strain- free 
grains nucleate and grow on heating. Recrystallization is driven by the 
high strain energy stored in dislocation substructure produced by cold 
work and is accomplished by short- range iron atom transfer across bound-
aries between deformed grains and strain- free annealed grains. A study of 
the recrystallization kinetics of a low- carbon steel showed that the activa-
tion energy for recrystallization, determined from the times to achieve 
50% recrystallization at various temperatures, is 226 kJ/mol (54 kcal/
mol), consistent with the activation energy for the self- diffusion of iron in 
body- centered cubic (bcc) ferrite (Ref 12.9).

Figure 12.4 shows deformed ferrite grains of an Fe- 0.003% C steel 
(enameling steel) cold rolled 60% and the effect of annealing at 540 °C 
(1000 °F) for two hours (Ref 12.10). The deformed ferrite grains are elon-
gated, and although the dislocation substructure is not resolvable in the 
light microscope, slip lines and rough- etching response to the dislocation 
substructure are apparent. After annealing at 540 °C, the deformed ferrite 
grains are largely replaced by fine, smooth- etching ferrite grains, as shown 
in Fig.12.4(b).

Figure 12.5 shows the deformed microstructure of a low- carbon steel 
(0.08% C- 1.45% Mn- 0.21% Si) produced by cold rolling 50%, and the 
effects of annealing at 700 °C (1290 °F) for 20 minutes (Ref 12.9). The 

Fig. 12.4  Recrystallization from annealing. (a) Microstructure of a 0.003% C steel cold rolled 60%. (b) Micro-
structure of the cold-rolled steel after annealing at 540 °C (1000 °F) for 2 h. About 80% of the cold-

worked microstructure has recrystallized to fine equiaxed ferrite grains. Light micrographs, nital etch, original magni-
fication 100×; shown here at 75%. Courtesy of D.A. Witmer. Source: Ref 12.10
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hot- rolled starting microstructure of this steel, in view of its carbon con-
tent, contained a small amount of pearlite. Figure 12.5(a) shows that the 
pearlite colonies deform and elongate with the ferrite grains. On anneal-
ing, in addition to ferrite recrystallization, the cementite lamellae in the 
pearlite spheroidize to clusters of fine carbide particles, as shown in Fig. 
12.5(b).

Figure 12.6 shows recrystallization kinetics for the 0.08% C steel. Gen-
erally, recrystallization is characterized by an incubation period, when 
strain- free grains first nucleate, followed by more rapid recrystallization 

Fig. 12.6  Volume percent ferrite recrystallized in a cold-rolled 0.08% 
C-1.45% Mn-0.21% Si steel as a function of time in salt bath at 
temperatures indicated. Source: Ref 12.9

Fig. 12.5  Microstructure of 0.08% C-1.45% Mn-0.21% Si steel. (a) Cold rolled 50%. (b) Annealed at 700 °C  
(1290 °F) for 20 min. Light micrographs, nital etch. Source: Ref 12.9

5 µm 5 µm(a) (b)
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as nucleation continues and nucleated strain- free grains grow. Figure 12.6 
shows such classical recrystallization kinetics only in specimens that have 
been annealed at 650 °C (1200 °F). Recrystallization at higher tempera-
tures was so rapid that the incubation period could not be measured.

Commercially, two approaches are used to anneal cold- rolled sheet steels: 
batch or box annealing and continuous annealing. In batch annealing, 
coils of sheet are stacked inside steel covers or shells and heated (Ref 
12.11). In view of the fact that many tons of coiled steel must be heated 
and cooled, batch annealing takes several days. The long heating times 
produce coarse annealed grains and the slow cooling of the coils ensures 
that all carbon dissolved during annealing precipitates as coarse carbide 
particles on cooling, reducing the potential for strain aging.

Continuous annealing is performed by unwinding coils of cold- rolled 
steel and passing the thin sheet through two- stage furnaces at high rates of 
speed, processing that requires only minutes for any section of sheet. Al-
though continuous annealing has long been used to produce hot- dipped 
galvanized sheets, tin plate and stainless steel sheet, it was first applied 
commercially in the middle 1970s to produce carbon sheet steels with 
good formability by the Japanese steel companies Nippon Kokan, Nippon 
Steel, and Kawasaki Steel. Detailed descriptions of the continuous anneal-
ing lines applied by these companies are presented in the appendix of Ref 
12.12.

Figure 12.7 compares schematically batch and continuous annealing 
and accentuates the differences in time required for the two processes (Ref 
12.13). The first stage of continuous annealing accomplishes recrystalliza-
tion but also causes carbon to dissolve in accordance with its increased 
solid solubility at annealing temperatures (Fig. 3.4 in Chapter 3, “Phases 
and Structures”). The second stage, found to be key to the production of 

Fig. 12.7  Comparison of (a) box or batch annealing and (c) continuous an-
nealing relative to (b) the low-carbon side of the Fe-Fe3C equilib-
rium diagram. Source: Ref 12.13
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formable steels, effectively overages the ferritic microstructure, i.e., coarse 
carbides are precipitated and remove carbon from solid solution. Thus, 
potential strain-  and quench- aging effects that reduce formability are min-
imized. Various processing approaches used to produce overaging in con-
tinuously annealed steels are illustrated in Fig. 12.8 and are also indicated 
in Fig. 12.3.

Processing of Cold- Rolled and Annealed Sheet Steels 
for High Formability

Some sheet steels are subjected to severe forming operations. In par-
ticular, sheet steel subjected to deep drawing operations may fail because 
of the onset of necking instability, leading to fracture through the sheet 
thickness. The production of sheet steels resistant to such failures consti-
tutes a remarkable chapter in the physical metallurgy of steels, i.e., the 
interrelationships between steel chemistry, processing, microstructure, 
and properties (Ref 12.14, 12.15). Long- established grades of highly 
formable low- carbon sheet steels are aluminum- killed, hot- rolled and 
coiled, cold- rolled and coiled, and batch- annealed to produce excellent 
performance. Interstitial- free steels and continuous annealing, as dis-
cussed subsequently, are more recent developments used to produce steels 
with high formability.

Aluminum and nitrogen solid solubility in austenite has already been 
discussed in Chapter 8, “Austenite in Steel.” In sheet steels with alumi-
num contents around 0.03% and nitrogen contents around 20 to 40 ppm, 
high finishing hot- rolling temperatures, around 890 °C (1630 °F), keep 
aluminum and nitrogen in solid solution in austentite, and low coiling 
temperatures, around 580 °C (1080 °F), prevent aluminum nitride precipi-
tation in ferrite (Ref 12.14). Thus, aluminum and nitrogen stay in super-

Fig. 12.8  Various processing approaches to produce overaging and the re-
moval of carbon from solid solution in ferrite of low-carbon steels 
subjected to continuous annealing. Source: Ref 12.13
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saturated solid solution during cold rolling. During the slow heating of 
batch annealing, aluminum and nitrogen atoms cluster and precipitate, 
retarding recrystallization and the nucleation of ferrite grains with ran-
domly oriented crystal orientations. Nucleation and growth of grains with 
{111} planes parallel to the rolling plane are favored to produce (111)
[110] cube on corner crystallographic textures of the batch annealed sheet.

Steel sheets with (111)[110] texture have ferrite grains oriented to mini-
mize dislocation motion on slip systems that cause thinning and necking 
instability. Microstructures with these textures have high values of the 
plastic strain ratio, r, defined as:

r = εw/εt = ln(wi/wf)/ln(ti/tf) (Eq 12.5)

where εw and εt are the strains in the width and thickness, respectively; wi 
and wf are initial and final width, respectively; and ti and tf are initial thick-
ness and final thickness, respectively, of the gage length of a tensile speci-
men after testing. Plastic strain ratios are a function of orientation in sheet 
and are often determined as average values, rm, as follows:

r r r rm = + +1
4

20 45 90( ) (Eq 12.6)

where r0 is the r value determined in specimens aligned in the sheet roll-
ing direction, r45 is the r value at 45° to the rolling direction, and r90 is the 
r value in the sheet transverse direction. For randomly oriented grains, 
non- textured sheet would have an r value of 1. Typically, low- carbon 
aluminum- killed steels resistant to thinning have r values between 1.5 and 
1.8 (Ref 12.14).

Interstitial- Free Steels

Interstitial- free (IF) steels, also referred to as ultra- low- carbon (ULC) 
or extra- low- carbon (ELC) steels, are cold- rolled and annealed sheet steels 
with very low carbon and nitrogen contents (Ref 12.12, 12.16–12.18). The 
processing and chemistry of IF steels produce very high ductility and 
formability, albeit at low strengths, as shown in Fig. 12.1. Large- scale 
production of IF steels was made possible by dramatic advances in steel-
making, namely, the incorporation of vacuum degassing of oxygen con-
verter steel, and rigorous control of carbon, nitrogen, and oxygen pick- up 
during casting (Ref 12.19). Products of such steelmaking typically contain 
only 20 to 50 ppm C, and 10 to 50 ppm N. Despite such low levels of in-
terstitials, further alloying, by additions of titanium and/or niobium, are 
made to remove carbon and nitrogen from solid solution by the precipita-
tion of carbides, nitrides, and other compounds.
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Although IF steels border on being almost pure iron, the method of 
production, the alloying additions, the microstructural response to ther-
momechanical treatment, and the resultant properties qualify them as 
steels. Table 12.1 lists typical ranges of the elements in IF steels. Gener-
ally, titanium and niobium are not added together. Titanium is a very 
strong nitride former and also combines with sulfur to form Ti4S2C2.

Therefore, titanium must be added in sufficient quantity to not only 
form TiN and titanium carbosulfides but also to tie up residual carbon. 
Niobium is considered only to combine with carbon, and therefore allow-
ances for other niobium compounds are not necessary. In contrast to the 
aluminum- killed low- carbon steels described in the previous section, 
where aluminum and nitrogen are kept in solution by a combination of 
high slab reheat temperatures, high finishing temperatures, and low coiling 
temperatures, niobium-  and titanium- alloyed steels are alloyed and pro-
cessed to form stable compounds during hot deformation processing prior 
to cold work. Thus, stabilizing precipitates are retained through cold roll-
ing and are directly available for the control of recrystallization, making IF 
steels compatible with high heating rates during continuous annealing.

The recrystallization of titanium-  and niobium- stabilized IF steel is se-
verely retarded compared with aluminum- killed (AK) low- carbon steels. 
Figure 12.9 compares the recrystallization behavior of a series of experi-

Table 12.1 Composition ranges (in wt%) of IF steels

C Si Mn P Al N Nb Ti S

0.002–0.008 0.01–0.03 0.10–0.34 0.01–0.02 0.03–0.07 0.001–0.005 0.005–0.040 0.01–0.11 0.004–0.01

Source: Ref 12.12, 12.16, 12.17

Fig. 12.9  Percent ferrite recrystallization versus time for interstitial-free alu-
minum-killed (AK), titanium-stabilized (Ti), niobium-stabilized

(Nb), and titanium- and niobium-stabilized (Ti + Nb) steels annealed at 650 °C 
(1200 °F). Courtesy of D.O. Wilshynsky. Source: Ref 12.20
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mental IF steels annealed at 650 °C (1200 °F) after 75% deformation and 
shows the marked retardation of recrystallization in the stabilized IF steels 
compared with the AK steel (Ref 12.20). The niobium- stabilized steel was 
found to have the finest distribution of particles, averaging about 8 nm  
(80 Å), compared with the titanium- stabilized steel, with particles averag-
ing about 14 nm (140 Å). The finer sizes of the niobium particles are 
consistent with precipitation at lower temperatures compared with the 
particles in the titanium- stabilized steel. Higher annealing temperatures 
accelerate recrystallization even with stabilizing precipitate dispersions, 
and because of the very low carbon content of IF steels, annealing can be 
performed at high temperatures, 800 to 850 °C (1470 to 1560 °F), in the 
single- phase ferrite field, compared with higher- carbon steels, for which 
annealing temperatures are limited to around 700 °C (1290 °F) to avoid 
austenite formation.

Cold- rolled and annealed IF steels have very strong (111)[110] re-
crystallization textures (Ref 12.21) and high values of rm as defined in  
Eq 12.6. Figure 12.10 shows, in a plot compiled by Hutchinson et al. (Ref 
12.22), the strong effect of very low steel carbon content on increasing rm 
values. Severe cold work also promotes favorable textures and high rm 
values, as shown in Fig. 12.11.

Coupled to the high ductility and excellent formability of IF steels is low 
strength, as indicated in Fig. 12.1. Yield strengths typically range between 
140 and 180 MPa (20 and 26 ksi) and tensile strengths range between 290 
and 340 MPa (42 and 49 ksi). In view of the low yield strengths and in-

Fig. 12.10  Effect of steel carbon content on rm values. Source: Ref 12.22
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creasingly reduced thickness of automotive sheet steels, denting of outer 
panels is more common (Ref 12.2). As a result, early in the development of 
IF steels, attention was paid to increasing strength. Two strengthening ap-
proaches are used: solid- solution strengthening and bake hardening.

Figure 11.17, Chapter 11, “Deformation, Strengthening, and Fracture of 
Ferritic Microstructures,” shows that small amounts of phosphorus very 
effectively solid- solution- strengthen ferrite. Hence, additions of phospho-
rus to IF steels, up to levels of 0.08% have been used to effectively in-
crease IF strength, as noted by the IF- HS region in Fig. 12.1, and by 
careful processing to retain high rm values (Ref 12.24, 12.25). However, 
the same atomic size and electronic factors associated with the high solid- 
solution strengthening of phosphorus also cause phosphorus to segregate 
to grain boundaries in ferritic microstructures. This phenomenon is espe-
cially pronounced in IF steels, from which the beneficial segregation of 
carbon to grain boundaries is absent (Ref 12.26). As a result of phosphorus 
segregation, secondary or cold- work embrittlement, manifested by inter-
granular fracture along ferrite grain boundaries, may develop in cold- 
drawn parts (Ref 12.17). Small additions of boron, which also segregates 
to ferrite grain boundaries and reduces the sites available for phosphorus 
atoms, and processing to retain some carbon in solution, significantly de-
crease susceptibility to cold- work embrittlement (Ref 12.17, 12.27).

Bake hardening refers to the increment of strength that develops in 
cold- formed sheet steel during paint baking of automotive panels. Bake- 
hardening increments are measured in specimens subjected to small strains 
and heated at low temperatures and times that simulate paint curing cy-

Fig. 12.11  Effect of steel carbon content and cold reduction on rm values. 
Source: Ref 12.23
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cles, typically 175 °C (350 °F) for 20 minutes (Ref 12.28). The mecha-
nism for strengthening provided by bake hardening is therefore exactly 
that of strain aging as described in Chapter 11, “Deformation, Strengthen-
ing, and Fracture of Ferritic Microstructures.” In IF steels carbon must be 
made available for aging by control of processing and stabilizing elements 
to provide both the functions of carbon removal and carbon in solution in 
bcc ferrite. Niobium- stabilized steels, in which niobium carbide has some 
solubility at annealing temperatures, especially the higher temperatures 
that can be used for IF steels, are effectively bake- hardened (Ref 12.17, 
12.24).

Interstitial- free steels are now widely used, and the great international 
interest and state- of- the- art in the application, processing, structure, and 
properties of this unique type of steel are reviewed in Ref 12.29.

High- Strength, Low- Alloy Low- Carbon Steels

High- strength, low- alloy (HSLA) steels derive their name from their 
higher strengths relative to plain low- carbon steels with nominal ferrite- 
pearlite microstructures, as discussed previously. The HSLA steels have 
been developed over many years, but a great impetus for their use and 
further development came with their application in the Alyeska Pipeline in 
Alaska in 1969 and 1970 (Ref 12.30). That project used large tonnages of 
HSLA steel plate that not only had higher strength than conventionally 
used plate but also was readily weldable and had high toughness for severe 
arctic weather conditions. Figure 12.12 shows that fine ferrite grain size is 
the major strengthening component of HSLA steels relative to low- carbon 
mild steels with ferrite- pearlite microstructures produced by conventional 
hot rolling and relatively high finishing temperatures (Ref 12.31).
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Fig. 12.12  Yield strength as a function of ferrite grain size in low-carbon 
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also indicated. Source: Ref 12.31
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The alloying of HSLA steels is in fact microalloying, and small amounts 
of the microalloying elements niobium, vanadium, and titanium, combined 
with controlled rolling, are responsible for the high strengths of HSLA 
low- carbon steels (Ref 12. 30–12.38). The solubility products of the mi-
croalloying elements and their effect on rolling and austenitic grain size 
control have already been discussed in Chapter 8, “Austenite in Steel,” and 
the fact that only grain size refinement can increase strength and toughness 
of ferritic microstructures has been noted in Chapter 11, “Deformation, 
Strengthening, and Fracture of Ferritic Microstructures.” Lower steel car-
bon contents and the manufacture of clean steels with low inclusion con-
tents and inclusion shape control also have combined with microalloying 
and controlled rolling to produce good toughness and weldability.

Figure 12.13 shows schematically various hot rolling schedules used 
for low- carbon steels. The critical temperatures AC1 and AC3, and the tem-
perature below which austenite does not recrystallize, TR, are shown. Mi-
croadditions of niobium effectively raise TR and are extensively used to 
produce fine- grained HSLA steels. Figure 12.14, from an experimental 
study, shows the strong effect of small amounts of niobium on austenite 
recrystallization (Ref 12.39). Specimens of 0.11% C steel were hot rolled 
at 950 °C (1740 °F), and the deformed austenite was then held at various 
temperatures for various times. The steel without niobium recrystallizes 
readily even at low austenitizing temperatures, while the steels with nio-
bium contents between 0.031 and 0.21% barely begin to recrystallize after 

Fig. 12.13  Schematic of temperature-time schedules for thermomechanical and controlled roll-
ing schedules of low-carbon steels. (a) Normal processing. (b) Controlled rolling of

C-Mn steels. (c) Controlled rolling of Nb-containing steels. (d) Controlled rolling of Nb-containing 
steels with finishing temperature below Ac3. Source: Ref 12.37 
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hold times as long as 10,000 seconds (167 min). Niobium carbonitride 
particles were found on austenite grain boundaries, but it was the fine nio-
bium particles that precipitated within the deformed austenite matrix 
structure that suppressed the nucleation and growth of recrystallized aus-
tenite. Niobium carbonitride particles sizes were measured on carbon ex-
traction replicas and found to be on the order of 5 nm (50 Å) in size at 
austenitizing temperatures of 850 and 900 °C (1560 and 1650 °F).

Figure 12.15 shows schematically the changes in austenitic grain struc-
ture and the early stages of ferrite formation that develop with conven-
tional hot rolling and controlled rolling (CR) (Ref 12.30). In recrystallized, 
equiaxed austenite, ferrite grains nucleate on austenite grain boundaries to 

Fig. 12.14  Percent austenite recrystallization in plain carbon 0.11% C-1.30% Mn steel, curve marked 1, and 
0.10% C steels with Nb contents between 0.029 and 0.21%, curves marked 2,3,4,5, after hot roll-
ing at 950 °C (1740 °F) and holding at 850 °C (1560 °F) and 900 °C (1650 °F). Source: Ref 12.39

Fig. 12.15  Sketches of microstructural changes in low-carbon steels that 
develop as a function of finishing temperature in austenite and 
cooling to initiate ferrite formation. Source: Ref 12.30
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produce relatively coarse equiaxed ferrite grains, the size depending on 
the finishing temperature. In unrecrystallized austenite, ferrite grains  
not only nucleate on austenite grain boundaries that have been brought 
together by hot rolling but also on deformation or shear bands in the 
 deformed austenite. Some mills are equipped with water sprays for 
 accelerated cooling, and in such processed steel fine ferrite grains also 
may nucleate within austenite grains. Another approach to producing fine 
ferrite grain size is to minimize the size of equiaxed austenite grains by 
the addition of titanium, which produces nitrides stable at high tempera-
tures. This approach is referred to as recrystallization- controlled rolling 

(RCR).

Low- Carbon Dual- Phase and TRIP Steels— 
Background

All of the low- carbon steels discussed to this point have finished micro-
structures that consist almost entirely of ferrite, sometimes with very fine 
grain sizes, sometimes with small amounts of pearlite or spheroidized car-
bides depending on carbon content and heat treatment. The microstruc-
tures described in this section are produced by heating hot- rolled or 
cold- rolled steels to temperatures between the critical temperatures AC1 
and AC3. Such intercritical annealing treatments are designed to produce 
small islands of austenite in a matrix of ferrite. Depending on cooling 
conditions, the austenite transforms to martensite, bainite, or other micro-
structures; sometimes significant amounts of austenite may be retained.

Dual- phase (DP) steels are cooled directly to room temperature from 
intercritical heating temperatures, while TRIP steels are isothermally 
transformed at subcritical temperatures after intercritical heating. The aus-
tenite retained after subcritical isothermal transformation is capable of 
strain- induced transformation to martensite, a mechanism that enhances 
plastic deformation. Such transformation- induced- plasticity has led to the 
term TRIP for intercritically annealed and isothermally transformed steels. 
Figure 12.16 shows schematically the two thermal processing schedules 
used to produce the microstructures of the two types of steels (Ref 12.40). 
The direct cooling of dual- phase steels is indicated by the dashed line, and 
the associated microstructure schematic shows that ideally dual- phase 
steels consist only of the two phases ferrite (F) and martensite (M); hence 
the name dual- phase. Figure 12.16 indicates that austenite transforms to 
bainite (B) during a subcritical isothermal hold and that considerable aus-
tenite may be retained. On cooling to room temperature, some of the aus-
tenite may transform to martensite. The temperatures and times during 
intercritical heating, T1 and t1, and during isothermal interrupted cooling, 
T2 and t2, may be varied to produce a large variety of microstructures and 
mechanical properties.
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DP and TRIP steels were developed to provide sheet steels with better 
combinations of strength and ductilities than could be produced by other 
approaches. Figure 12.1 shows that at yield strengths over 400 MPa (58 ksi), 
Dual- phase steels have better combinations of strength and ductility than 
do manganese- strengthened or HSLA steels; TRIP steels have even better 
ductilities at the higher- strength levels. Dual- phase steels were first devel-
oped in the middle 1970s, beginning with landmark papers by Hayami 
and Furakawa (Ref 12.41) and Rashid (Ref 12.42), and followed by inten-
sive development as recorded in symposia devoted to DP steels (Ref 
12.43–12.45). TRIP steels were first developed in the late 1980s based on 
their improved combinations of strength and ductility relative to DP steels 
as demonstrated by Matsumura, Sakuma, and Takechi (Ref 12.46).

Dual- Phase Steels—Microstructure and Properties

Figure 12.17 compares engineering stress- strain curves for a plain, low- 
carbon, mild steel, an HSLA steel (SAE 980 X), and a DP low- carbon 
steel (GM 980 X) (Ref 12.47). The two high- strength steels had identical 
compositions (0.1% C, 1.5% Mn, 0.5% Si, and 0.1% V) but were pro-
cessed differently. The DP steel has a lower yield strength than does the 
HSLA steel but, because of a higher strain- hardening capacity, reaches the 
same ultimate tensile strength. Also, the ductility of the DP steel is higher 
than that of the HSLA steel.

The strain hardening and high strength of DP steels are a result of mar-
tensite formation. Hard martensite regions in ferrite provide dispersion 
strengthening according to the rule of mixtures, i.e., the more martensite, 

Fig. 12.16  Schematic diagram that illustrates dual-phase steel processing 
(dashed line) to produce ferrite (F)-martensite (M) microstruc-

tures and TRIP steel processing (solid line) to produce ferrite-bainite (B)-austenite 
(A) and martensite microstructures after intercritical annealing. Source: Ref 12.40
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the greater the strengthening, but also introduce high densities of disloca-
tions into the ferrite around the martensite (Ref 12.48). Figure 12.18 shows 
transmission electron micrographs of dislocation structures in a 0.06% 
C- Mn- Si dual- phase microstructure produced by intercritical annealing at 
810 °C (1490 °F) and cooling at 60 °C/s (110 °F/s) (Ref 12.49). In the fer-
rite adjacent to the martensite (the black area in Fig. 12.18a), there is a 
very high density of dislocations. These dislocations are generated by the 
shear and volume changes associated with the transformation of austenite 
to martensite. Dislocation densities are much lower in the ferrite removed 
from the martensite islands, Fig. 12.18(b). The dislocations around the 
martensite are not pinned and account for the absence of the discontinuous 
yielding exhibited in mild steels and HSLA steels, as shown in Fig. 12.17. 
The martensite- induced dislocations move at low stresses, creating low 
yield strengths, and interact to produce high rates of strain hardening.

Austenite formation during intercritical annealing is the first step in the 
production of DP and TRIP steels. Starting microstructure, steel composi-
tion, and time and temperature of annealing all determine the distribution 
of austenite in a retained ferrite matrix. The higher the carbon content of a 
steel, the greater will be the amount of austenite formed at a given tem-
perature in the ferrite- austenite two- phase field. Also, the higher the inter-
critical annealing temperature, the greater will be the amount of austenite 
formed. Austenite forms rapidly at carbide particles or on ferrite grain 

Fig. 12.17  Engineering stress-strain curves that compare deformation be-
havior of plain carbon, HSLA, and dual-phase steels. Source: Ref 
12.47
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boundaries as described in Chapter 8, “Austenite in Steel.” Initially the 
growth of high- carbon austenite is dependent only on rapid carbon diffu-
sion, independent of diffusion of substitutional elements such as manga-
nese and silicon, a state of microstructural change termed paraequilibrium 

(Ref 12.50, 12.51). True equilibrium is attained only when manganese, an 
austenite- stabilizing element, and silicon, a ferrite- stabilizing element, 
diffuse and partition to austenite and ferrite, respectively. In general, inter-
critical annealing times are too short to produce true equilibrium micro-
structures, but scanning transmission electron microscopy (STEM) studies 
have shown that manganese is enriched in the austenite and depleted in 
the ferrite immediately adjacent to austenite- ferrite interfaces (Ref 12.51, 
12.52). Similarly, silicon has been shown to be rejected from austenite and 
to concentrate in the ferrite adjacent to intercritically formed austenite 
(Ref 12.53, 12.54).

In as- hot- rolled ferrite- pearlite starting microstructures, pearlite re-
gions, by virtue of their high carbon content, are converted to austenite 
during intercritical annealing, and therefore, on cooling, martensite takes 
the place of the pearlite. A study of a normalized low- carbon steel with a 
ferrite- pearlite microstructure showed that spheroidization of the cement-
ite of the pearlite is an early intermediate step to austenite formation at 
carbide particles and ferrite grain boundaries (Ref 12.55). In cold- rolled 
and annealed low- carbon steels, deformed ferrite recrystallizes, and de-
formed pearlite colonies spheroidize on heating to intercritical tempera-
tures. Austenite forms on the boundaries between deformed ferrite grains, 
on boundaries between recrystallized and unrecrystallized grains, and 
eventually on spheroidized cementite particles (Ref 12.9). Figure 12.19 
shows austenite formation within a cold- rolled and partially recrystallized 
cold- rolled 0.08% C steel heated to 760 °C (1400 °F) for 10 seconds.

Fig. 12.18  Dislocation substructure in a 0.06% C-Mn-Si dual-phase steel intercritically annealed at 810 °C 
(1490 °F) and cooled at 60 °C/s (110 °F/s). (a) High dislocation density in ferrite adjacent to a mar-

tensitic area (black) and (b) in ferrite removed from martensitic areas. Transmission electron micrographs. Courtesy 
of D. Korzekwa. Source: Ref 12.49

2 µm 0.2 µm(a) (b)
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The austenite of intercritically annealed low- carbon steels may trans-
form to various microstructures depending on alloy content, which deter-
mines hardenability, and cooling rate. Figure 12.20 shows schematically 
the effect of cooling rate on an austenite grain surrounded by ferrite grains 
that have been retained during heating, and Fig. 12.21 shows actual mi-
crostructures produced at three rates of cooling of a 0.08% C, 1.47% Mn, 
and 0.053% Nb steel from 810 °C (1490 °F) (Ref 12.56). The micrographs 

Fig. 12.20  Schematic diagram showing microstructures produced by cooling austenite in intercriti-
cally annealed steel at various rates. Source: Ref 12.48
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were produced by a special etch that differentiates retained ferrite from 
ferrite produced by the transformation of austenite on cooling (Ref 12.57). 
The highest cooling rates cause the austenite to transform completely to 
martensite. At intermediate cooling rates, some of the austenite first trans-
forms to ferrite by epitaxial growth. That is, the new ferrite assumes the 
crystal orientation of the adjacent retained ferrite; a new ferrite grain does 
not need to be nucleated. The epitaxial ferrite appears white in the micro-
graphs of Fig. 12.21. As noted, the epitaxial ferrite may grow in a 
manganese- enriched region, adjacent to silicon- enriched retained ferrite. 
This partitioning of manganese and silicon affects quench aging of the 
ferrite: carbide precipitation is retarded in the manganese- rich epitaxial 
ferrite and is stimulated in the silicon- rich retained ferrite, in response to 
the effect of these elements on the thermodynamic activity of carbon in 
ferrite (Ref 12.58).

At intermediate and low cooling rates, as epitaxial ferrite grows, carbon 
is rejected from the growing ferrite, enabling the formation of the ferrite- 
cementite austenite transformation products bainite and pearlite together 
with martensite. At the lowest cooling rates, the austenite transforms only 
to epitaxial ferrite and pearlite. Figure 12.22 is a microstructure map that 

Fig. 12.21  Microstructures of Nb-containing, low-carbon steel intercritically annealed at 810 °C (1490 °F) and 
cooled at: (a) 1000 °C/s (1800 °F/s), (b) 135 °C/s (243 °F/s), and (c) 12 °C/s (22 °F/s). Light micro-

graphs, boiling alkaline chromate and 2% nital etch, initial magnification 2000×; shown here at 50%. Source: Ref 
12.56
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shows the changes in microstructure that develop as a function of cooling 
rate in a 0.063% C, 1.29% Mn, and 0.24% Si steel intercritically annealed 
at 810 °C for 10 minutes (Ref 12.56). In this example, 40% of the micro-
structure was converted to austenite that transformed to various micro-
structures while the amount of retained ferrite remained constant at 60%.

Figure 12.23 shows the changes in mechanical properties that corre-
spond to the microstructures shown in Fig. 12.22. Remarkably high ulti-
mate tensile strengths can be produced in the 40% martensite- 60% ferrite 
dual- phase microstructures in specimens cooled at the highest rates. Duc-
tility, however, is low. The high strength is a result not only of dispersed 
high- strength martensite patches, but also of the high volume fraction of 
ferrite with high densities of martensite- induced dislocations. After the 
slowest cooling, ferrite- pearlite microstructures have low ultimate strength 
and high ductility as expected. Offset yield strengths, S0.002, are relatively 
high because of discontinuous yielding, as indicated by the curve 2 × εYP 
that marks the magnitude of the Lüders strain.

The best combinations of strength and ductility, depending on applica-
tion, may be the microstructures produced by cooling rates just fast enough 
to prevent discontinuous yielding. For these microstructures, there are min-
ima in yield strength, high strain- hardening rates, high ultimate strengths, 
and good ductilities. The latter deformation characteristics are associated 

Fig. 12.22  Map of microstructures formed in austenite as a function of cool-
ing rate in a low-carbon steel intercritically annealed to form 
40% austenite and 60% retained ferrite. Source: Ref 12.48



256 / Steels—Processing, Structure, and Performance, Second Edition

with the minimum amount of martensite that produces sufficient unpinned 
dislocations to prevent discontinuous yielding. Analysis of the stress- 
strain curves of microstructures cooled at the intermediate rates shows 
that the curves have an inflection point at low strains, i.e., strain hardening 
decreases and then increases, an indication that a weak Lüders band may 
be necessary to supplement the martensite- induced dislocations in order 
to maintain plastic flow (Ref 12.48, 12.59).

TRIP Steels: Microstructure and Properties

As noted previously relative to Fig. 12.16, TRIP steels are intercriti-
cally annealed and isothermally transformed. The isothermal step of the 
heat treatment is designed to produce large dispersed volume fractions of 
austenite within the ferrite matrix retained after the intercritical heating 
step. Retained austenite is also a component of DP steels, and is retained 
as fine spherical, manganese- rich particles that resist transformation or as 
an interlath component of martensitic islands (12.53, 12.60).

In TRIP steels, alloying and isothermal times and temperatures are con-
trolled to produce bainite and maximize retained austenite content. Figure 
12.24 shows a map of austenite amounts produced as a function of iso-
thermal transformation times and temperatures for a 0.14% C, 1.21% Si, 

Fig. 12.23  Mechanical properties of the microstructures shown in Fig.12.22. 
Source: Ref 12.48
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1.57% Mn steel (Ref 12.61). The maximum amount of austenite is pro-
duced at intermediate temperatures around 400 °C (750 °F). At higher 
temperatures, the bainite transformation proceeds too rapidly, and at lower 
temperatures, some of the austenite retained transforms to martensite on 
cooling. Figure 12.25 shows examples of the microstructures produced by 
isothermal transformation of the 0.14 C- Si- Mn steels at 400 °C for 1 and 
4 minutes. Austenite is retained either with acicular ferrite structures or as 
larger, smooth etching islands. TRIP steels are alloyed with relatively high 
silicon contents, between 1.2 and 1.5%, in order to minimize cementite 
formation during austenite transformation to bainite. Silicon does not dis-
solve in the crystal structure of cementite and therefore prevents cementite 
formation, an effect well documented in the martensite tempering litera-
ture (12.62–12.64). As a result, the bainitic structure consists of acicular 
ferrite and retained austenite, as discussed in Chapter 7, “Ferritic Micro-
structures.” Also as a result of carbon rejection from ferrite with increas-
ing time at isothermal transformation temperatures, the carbon content of 
austenite increases. Carbon contents as high as 1.50% have been reported 
in retained austenite of TRIP steels (Ref 12.65, 12.66). Such high carbon 
contents lower Ms temperatures and stabilize retained austenite on cooling 
to room temperature.

Silicon oxidizes readily, and as a result, stable oxides, difficult to re-
move by pickling, form on high- silicon steels during hot rolling. The sili-

Fig. 12.24  Retained austenite as a function of transformation temperature 
and time in microstructures produced by isothermal holding of

a 0.14% C-1.21% Si-1.57% Mn steel intercritically annealed at 770 °C (1420 °F). 
Source: Ref 12.61
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con oxides cause surface finish problems and reduce coatability during 
galvanizing. As a result, other alloying approaches have been investigated. 
Aluminum, similar to silicon, is not soluble in cementite (Ref 12.67) and 
has been evaluated as a replacement for silicon in TRIP steels with good 
results (Ref 12.65, 12.67–69). However, steels with high aluminum con-
tents, because of its ferrite- stabilizing tendency, cannot be completely aus-
tenitized, and therefore, aluminum affects hot workability (Ref 12.70). In 
view of these processing considerations, alloy development for optimiz-
ing microstructures and properties continues.

Figure 12.26 shows stress- strain curves for the 0.14% C- Mn- Si steel 
with microstructures produced by holding various times at 400 °C. The 
curve for the microstructure produced by holding 1 minute shows continu-
ous yielding and a high rate of strain hardening to a high ultimate strength. 
This deformation behavior is a result of martensite formed in the retained 
austenite on cooling to room temperature. The other curves show discon-
tinuous yielding, a result of the fact that, unlike martensite formation, 
acicular formation and retained austenite do not generate high densities of 
dislocations (Ref 12.71). The microstructures produced by isothermal 
holding at 4 and 15 minutes have high ductilities and good strengths. The 
stress- strain curves demonstrate the benefit of retained austenite that 

Fig. 12.25  Microstructures of a 0.14% C-Si-Mn steel isothermally held at 400 °C (750 °F) for (a) and  
(b) 1 min, and for (c) and (d), 4 min. SEM micrographs, nital etch. Source: Ref 12.61

5 µm 2 µm(c) (d)

5 µm 2 µm(a) (b)
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transforms mechanically to martensite at high strains (Ref 12.72). The 
strain- induced martensite, by virtue of its structure and the dislocations it 
generates, increases strain hardening and defers necking instability, as dis-
cussed in Chapter 11, “Deformation, Strengthening, and Fracture of Fer-
ritic Microstructures.” The specimen held for 60 minutes has reduced 
ductility because more of the retained austenite has transformed to bainitic 
ferrite at temperature.

Figure 12.27 shows changes in austenite content as a function of strain 
for the 0.14% C- Mn- Si steel isothermally transformed under various con-
ditions. Tensile testing was conducted at three temperatures as shown (Ref 
12.73). For all microstructural conditions, retained austenite decreases 
during straining, indicating that deformation- induced transformation to 
martensite has occurred. At lower test temperatures, austenite content 
drops rapidly at low strains. Figure 12.28 shows mechanical properties of 
the 0.14C- Mn- Si steel isothermally transformed at 400 and 450 °C (750 
and 840 °F) for 4 minutes as a function of testing temperature. Ductility is 
a maximum at test temperatures between 20 and 50 °C (70 and 120 °F). It 
is in this temperature range where the TRIP effect is the strongest, i.e., 
strain- induced transformation to martensite occurs at high strains to defer 
necking instability. At low testing temperatures, the austenite transforms 
by stress- induced mechanisms at low strains (Ref 12.72) and as a result 
has little beneficial effect on deferring necking at high strains. At the high-
est testing temperature, the austenite is too stable and does not mechani-
cally transform. A good state- of- the- art review of TRIP steels in 2012 is 
given in Ref 12.74.

Fig. 12.26  Engineering stress-strain curves for 0.14% C-Si-Mn steel inter-
critically annealed and held for various times at 400 °C (750 °F). 
Source: Ref 12.61
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Fig. 12.27  Changes in retained austenite content, measured after tensile 
testing at room temperature, as a function of strain in intercriti-

cally annealed 0.14% C-Si-Mn steel isothermally transformed at 350 °C (660 °F) 
for 4 min, Aa; 350 °C (660 °F) for 15 min, Ab; 400 °C (750 °F) for 4 min, Ac; and 
450 °C (840 °F) for 4 min, Ad. Source: Ref 12.73

Fig. 12.28  Mechanical properties of 0.14% C-Si-Mn steel intercritically an-
nealed and isothermally transformed, as identified in Fig. 12.27, 
as a function of testing temperature. Source: Ref 12.73



Chapter 12: Low-Carbon Steels / 261

Low- Carbon Fully Martensitic Sheet Steels 

Steels quenched to martensitic microstructures have the highest strength 
and hardness of any microstructure that can be produced in a given steel, 
and have long been used in medium-  and high- carbon steels for applica-
tions that require high strength, wear resistance, and fatigue resistance. 
Hardenability, tempering, deformation, and fracture of higher carbon quench 
and tempered steels are topics covered in detail in later chapters. Low- 
carbon steels have seen more limited use because of low hardenability and 
low formability, especially in automotive sheet steels. 

Figure 12.29 shows engineering stress- strain curves for quench and 
tempered samples of AISI 10B22 steel (corresponding to European grade 
22MnB5) containing 0.224% C, 1.06% Mn, 0.0035% B, 0.0395% Ti, and 
0.22% Cr (Ref 12.75). As- quenched martensite in this steel shows con-
tinuous yielding, strain hardens to tensile strengths approaching 1,700 
MPa (245 ksi), and fractures by ductile microvoid formation after post 
uniform deformation. In contrast as- quenched high- carbon steels contain-
ing more than 0.5 wt% carbon fail by brittle intergranular fracture, as de-
scribed in Chapter 19, “Low Toughness and Embrittlement Phenomena in 
Steels.” Low temperature tempering reduces strength but increases ductil-
ity, and extensive discontinuous yielding with minimal strain hardening 
develops after tempering at higher temperatures. 

Fig. 12.29  Engineering stress-strain curves for 10B22 steel sheet specimens 
water quenched to martensite and tempered at the temperatures 
shown for 1 hour. Source: Ref 12.75
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The ductility of the martensitic samples is low, in part because of the 
sheet specimen geometry. The deformation of sheet specimens and the 
formability of sheet steels are constrained by sheet width, causing local-
ized deformation and fracture through the thin thickness dimensions of the 
samples (Ref. 12.76, 12.77). Figure 12.30 compares the reduced ductility 
of martensitic sheet specimens versus that of martensitic round bar speci-
mens (Ref 12.78). 

In view of the low ductilities and therefore the low formability of mar-
tensitic low carbon sheet steels, applications have been limited to parts 
with relatively simple geometries such as bumper reinforcement beams. 
These parts are produced by forming in multiple rolls designed to produce 
shapes with a single primary mode of deformation, in contrast to the pro-
duction of more complicated stamped shapes that involve stretching, 
bending, drawing, and/or straightening. The thickness of roll formed parts 
is not changed except for slight thinning at modest bend radii. 

However, the need for very high strengths for high crash worthiness 
and vehicle occupant safety has driven the need to produce martensitic 
automotive sheet steel parts of more complex shapes, shapes that cannot 
be cold- stamped. This limitation is solved by hot stamping, where sheet 
steel is blanked, heated to austenitizing temperatures, formed in dies, and 
quenched to martensitic microstructures in the dies (Ref. 12.79–12.84). 
Figure 12.31 shows this process schematically. Austenite has very high 
ductility and hardened parts with complicated shapes can be readily pro-
duced. The die quenching requires good hardenabilty of low carbon steels, 
a characteristic accomplished by small additions of boron and other alloy-
ing elements as noted earlier for a typical 10B22 steels. For the boron, a 
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strong nitride- forming element, to be effective small additions of titanium, 
a stronger nitride- forming element, have to be made to the steel to protect 
the boron, i.e. keep it in solution in the austenite to improve hardenability 
by preventing the formation of ferrite instead of martensite. 

High- Manganese TWIP Sheet Steels

Twinning- induced plasticity (TWIP) steels differ in many ways from 
the types of sheet steels described to this point. These steels, after anneal-
ing, are fully austenitic at room temperature, a structure made possible by 
high additions of manganese, between 12 and 30% (Ref 12.85–12.94). 
Tensile strengths up to 1,100 MPa (160 ksi) and very high tensile elonga-
tions, up to 70%, desirable for formability and fracture resistance, can be 
produced on deformation. Deformation- induced twinning is a major con-
tributing mechanism to the strain hardening that produces the high uni-
form strains and tensile strengths, hence the name TWIP. Dislocation 
deformation mechanisms within the framework of twinning contribute 
significantly to the strain hardening that produces excellent combinations 
of strength and ductility. The deformation- induced twins serve as barriers 
to dislocation glide and subdivide the parent austenite grains, effectively 
refining the grain size and leading to a dynamic Hall- Petch mechanism of 
strengthening with increasing strain (Ref 12.85- 12.91). Depending on 
stacking fault energy as influenced by alloy composition and deformation 
temperature, strain- induced transformation of austenite to α′ (bcc) mar-
tensite and ε (hcp) martensite may also occur. 

Figure 12.32 is a light micrograph that shows the subdivision of austen-
ite grains by deformation twinning in an Fe- 0.007C- 28Mn- 3Al- 3Si wt% 
TWIP steel after 40% strain. The twinned areas in fact consist of bundles 
of fine twins with separations finer than resolvable in the light micro-

Fig. 12.31  Schematic representation of the steps involved in hot stamping. 
The part, formed hot in the austenitic condition, is quenched in

the die to martensite. Courtesy of Ronald Hughes, SeverStal North America
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scope. A high magnification TEM micrograph taken from a thin foil speci-
men, Fig. 12.33, shows dislocations interacting with the boundaries of 
mechanical twins in an Fe- 0.007C- 28Mn- 3Al- 3Si wt% alloy after 20% 
strain. While deformation twinning is a dominant contributing mechanism 
to the high strain hardening of TWIP steels, the twinning is a function of 
orientation to the resolved shear stresses during deformation, and some 
grain orientations may exhibit no twinning and only a substructure con-
sisting of dislocation cells and high- density dislocation walls (Ref 12.91). 

As described in Chapter 3, “Phases and Structures,” the crystal struc-
ture of austenite is face- centered- cubic and is made up of close packed 
planes of iron and other substitutional atoms stacked in a sequence that 
repeats regularly every three layers. Discontinuities in this sequence are 
referred to as stacking faults. Changes in stacking occur at twin/matrix 
interfaces and stacking faults are produced when perfect dislocations dis-
sociate into two partial dislocations with an intervening stacking fault. 
The faulting and twinning tendencies of TWIP austenitic structure are 
characterized by stacking fault energy, in units of mJm–2. Stacking fault 
energy is a function of alloying and temperature, and is measured by 
transmission electron microscopy from the geometry of extended disloca-
tion nodes or the equilibrium separation distance of Shockley partial dis-
locations (Ref 12.92, 12.93). Figure 12.34 is a TEM image showing 
examples of stacking faults in the austenitic matrix of an Fe- 0.005 wt% 
C- 25 wt% Mn- 3 wt% Al- 3 wt% Si TWIP steel deformed 1.5%. Intense 
efforts are ongoing to design alloys with stacking fault energies most con-
ducive to twinning by adjusting levels of Mn and additions of C, Al, and 
Si in TWIP steels. Additions of Al and Si increase and decrease, respec-
tively, stacking fault energy. Carbon contents of the TWIP steels that have 
been studied are variable but may be quite high, 0.6 or 0.7%, and place 
TWIP steels well outside of the range of low carbon steels. The higher 

Fig. 12.32  Deformation twins within grains of austenite in an Fe-0.007 wt% 
C, 28 wt% Mn-3% wt Al-3 wt% Si TWIP steel deformed to 40%

strain. 10% Nital etch, light micrograph. Courtesy of José Jiménez, Centro Nacio-
nal de Investigaciones Metalúrgicas (CENIM).

25 µm
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carbon contents stabilize austenite and enhance strain hardening (Ref. 
12.88). Stacking fault energies that are too low, below approximately  
20 mJm–2, promote the formation of ε- martensite, a hcp crystal structure 
also made up of close- packed planes of atoms. High stacking fault ener-
gies, above approximately 50 mJm–2, due to alloying or high deformation 
temperatures, limit the formation of twins and stacking faults. 

As noted in the discussion of TRIP steels, the strain- induced trans-
formation of small amounts of austenite to martensite increases strain 
hardening and defers necking instability, promoting ductility. The high- 

Fig. 12.33  Deformation twins and dislocations in an Fe-0.007 wt% C- 28 
wt% Mn-3 wt% Al-3 wt% Si TWIP steel deformed to 20% strain.

Thin foil transmission electron micrograph. Courtesy of Dean Pierce, Colorado 
School of Mines

100 nm

Fig. 12.34  Stacking faults bounded by partial dislocations in austenite of an 
Fe-0.005 wt% C-25 wt% Mn-3 wt% Al-3 wt% Si TWIP steel

deformed to 1.5% strain. Thin foil transmission electron micrograph. Courtesy of 
James Wittig, Vanderbilt University

200 nm
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manganese TWIP steels similarly are dependent on high strain hardening 
to prevent necking instability; in the fully austenitic microstructures the 
strain hardening is provided by mechanisms of dislocation density in-
creases in an austenitic structure subdivided by twinning. These differ-
ences result in much higher ductilities, but similar strengths, in TWIP 
steels compared to those low- carbon TRIP steels without high manganese 
contents. The higher ductilities are in part related to the requirement of a 
critical stress and dislocation activity required to nucleate deformation 
twins, deferring the strain hardening to higher strains and thereby offset-
ting necking instability. In steels where epsilon martensite forms, the mar-
tensite forms at the onset of plastic deformation, producing high rates of 
work hardening at low strains, but not at the higher strains that offset 
necking and promote ductility in TWIP steels. 

Quenched and Partitioned Sheet Steels 

Quenched and Partitioned (Q&P) steels are produced by a two- step 
thermal treatment that can produce combinations of ductility and strength 
above those noted for dual phase and TRIP steels in Fig. 12.1 (Ref 12.95). 
The steels may be austenitized and quenched from temperatures above the 
Ac3 or intercritically austenitized from temperatures between the Ac1 and 
Ac3 temperatures. The first step consists of quenching below Ms tempera-
tures to produce a microstructure of martensite and retained austenite. The 
amount of martensite formed in the austenite can be estimated from the 
Koistinen and Marburger equation, Eq 5.2, in Chapter 5, “Martensite.” 
The second step consists of isothermal holding, most often at a tempera-
ture above the Ms temperature of the steel. A key component of the Q&P 
concept is the claim that carbon can diffuse (partition) from the martensite 
and enrich the retained austenite, ultimately producing high- carbon- 
partitioned austenite that transforms to strain- induced martensite, as in 
TRIP steels, producing beneficial strain hardening that increases ductility. 
While carbon- enriched austenite has been demonstrated, and the carbon 
partitioning mechanism may occur, there are several other mechanisms of 
microstructural change that can also operate during the two- step thermal 
processing of Q&P processed steels. 

Similar to TRIP steels, quenched and partitioned steels are alloyed with 
silicon, and therefore cementite formation in both the martensite and aus-
tenite is effectively suppressed. Therefore, in the second step it was as-
sumed possible, because cementite does not form in the martensite, that 
carbon diffuses from the martensite, as it does in a ferritic structure due to 
the very low solubility of carbon in a bcc ferrite. However, martensite is 
much different from ferrite in that the diffusionless, shear transformation 
of martensite is dependent on a lattice invariant deformation that produces 
a substructure consisting of a very high density of dislocations in the su-
persaturated martensite, as described in Chapter 5, “Martensite.” It is well 
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established that carbon diffuses to the strain fields of the dislocations and 
eventually the dislocation structure provides sites for ε/η transition car-
bide nucleation and growth within the martensite crystals during the first 
stage of tempering, as described in Chapter 17, “Tempering of Steel.” Un-
like cementite formation, transition carbide formation is not retarded by 
silicon (Ref 12.96). Thus carbon tied up in the transition carbides is not 
expected to diffuse, as claimed, from the martensite in steels with high 
silicon contents. 

As noted, the second stage of heat treatment in Q&P steels is consid-
ered to be the stage where carbon diffuses from martensite. However, 
other mechanisms of microstructural change can also occur in the mar-
tensite/austenite two phase microstructures during interrupted quenching 
or isothermal holding after quenching. Isothermal heating steps have long 
been applied in heat treatments such as austempering and martempering to 
minimize detrimental residual stresses, as described in Chapter 20, “Re-
sidual Stresses, Distortion, and Heat Treatment.” During austempering, 
for example, steel parts are quenched to a temperature above the Ms, as are 
Q&P- processed steels in the second step, and the austenite isothermally 
transforms to bainite, a mixture of ferrite and cementite in conventional 
low- alloy steels, as described in Chapter 6, “Bainite.” In TRIP steels with 
high silicon content, austenite transforms isothermally to bainitic or acicu-
lar ferrite, cementite formation is suppressed, and carbon diffuses from 
the ferrite to enrich the austenite around the ferrite with carbon. In Q&P 
steels, the partitioning temperature is often similar to isothermal tempera-
tures used in TRIP steels, so it should be recognized that acicular ferrite 
formation, and associated stabilization of carbon- enriched austenite due to 
ferrite formation, could also be operating in the second step of Q&P pro-
cessed steels. 

Not only changes in austenite during the second step of Q&T process-
ing, but also changes in the martensite formed during the first step must be 
considered. The changes in the martensite have received less attention 
thus far in the Q&P literature. The second step is effectively a tempering 
treatment of martensite, during which carbon supersaturation in martens-
ite is relieved initially by fine transition carbide formation. At higher tem-
pering temperatures transition carbides are replaced by cementite in 
conventional steels, but with high silicon additions cementite formation 
and susceptibility to tempered martensite embrittlement, Chapter 19, 
“Low Toughness and Embrittlement Phenomena in Steels,” are suppressed 
and transition carbides are stable to higher temperatures, providing en-
hanced combinations of strength and toughness. These mechanisms oper-
ate in 300- M steel, a high- silicon modification of 4340 steel that has been 
extensively used for demanding applications such as aircraft landing gear 
(Ref 12.97). Benefits to ductility/strength combinations in Q & P steels 
might thus be expected to be substantially affected by tempering of the 
martensite apart from any partitioning of carbon from the martensite.
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In summary, many mechanisms of microstructural change, depending 
on specifics of alloying and processing variations within two- step heat 
treatments of martensite/austenite mixtures in silicon- containing steels, 
may occur. More research is required to sort out the mechanisms and mi-
crostructures that produce beneficial combinations of properties in Q&P 
processed steels (Ref 12.95).
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CHAPTER 13

Normalizing, Annealing, 
and Spheroidizing 

Treatments; Ferrite/Pearlite 
and Spherical Carbides

THIS CHAPTER DESCRIBES heat treatments that are designed to 
produce uniformity in microstructure, improve ductility, reduce residual 
stresses, and/or improve the machinability of steels. Several of these heat 
treatments, in medium- carbon steels, produce microstructures consisting 
of ferrite and relatively large amounts of pearlite, and therefore, mechani-
cal properties of ferrite/pearlite microstructures in medium- carbon steels 
are treated in this chapter. The properties of ferrite/pearlite microstruc-
tures in low- carbon steels, where mechanical behavior is dominated by 
the ferrite phase, have been discussed in Chapters 11, “Deformation, 
Strengthening, and Fracture of Ferritic Microstructures,” and 12, “Low- 
Carbon Steels,” and the properties of fully pearlitic microstructures in 
high- carbon steels are discussed in Chapter 15, “High- Carbon Steels— 
Fully Pearlitic Microstructures and Wire and Rail Applications.” Thermal 
treatments that produce dispersions of spherical cementite particles, espe-
cially spheroidizing treatments that produce such carbides in a matrix of 
ferrite, are also discussed in this chapter.

Full Annealing

Figure 13.1 shows the temperature ranges, superimposed on the Fe- C 
diagram, used to produce austenite or austenite/cementite microstructures 
for various steel heat treatments (Ref 13.1). The temperature band marked 



278 / Steels—Processing, Structure, and Performance, Second Edition

“water quenching” also marks the temperatures used for full annealing. 
Full annealing, one of several types of annealing, is the heat treatment in 
which steels are heated just above the Ac3 temperature for low-  and 
medium- carbon steels and just above the Ac1 temperature for hypereutec-
toid steels, and slowly cooled in furnaces after heating has ceased. When 
the term “annealing” is used without an adjective in reference to carbon 
steels, full annealing is the implied heat treatment practice (Ref 13.2). Full 
annealing involves austenite formation, in contrast to recrystallization an-
nealing treatments applied to cold- rolled steels at subcritical temperatures, 
as shown in Fig. 13.1, and described in Chapter 12, “Low- Carbon Steels,” 
relative to the processing of low- carbon sheet steels.

Figure 13.2 compares schematically annealing and normalizing (de-
scribed subsequently) heat treatments. The slow cooling of full annealing 
causes austenite transformation to ferrite and pearlite close to A3 and A1 
temperatures, respectively, and ensures that coarse- grained equiaxed fer-
rite and pearlite with coarse interlamellar spacing will form, producing 
microstructures of high ductility and moderate strength. Once the austen-
ite has fully transformed to ferrite and pearlite, the cooling rate can be 

Fig. 13.1  Schematic diagram showing approximate temperature ranges su-
perimposed on the Fe-C diagram for various heat treatments ap-
plied to steels. Source: Ref 13.1
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increased to reduce processing time and thereby improve productivity. A 
number of additional rules for developing optimum full annealing prac-
tices and properties are given in Ref 13.2.

Although ferrite and pearlite microstructures are most often produced 
by full annealing at the temperatures shown in Fig. 13.1, microstructures 
of spheroidized carbide particles in ferrite may sometimes form. Such mi-
crostructures are a result of the divorced eutectoid transformation, de-
scribed in Chapter 4, “Pearlite, Ferrite, and Cementite,” in which austenite 
transforms to spheroidized carbide/ferrite microstructures instead of the 
lamellar ferrite/cementite structure of classical pearlite (Ref 13.3). Critical 
to the operation of divorced eutectoid transformation is the presence of 
spheroidized carbides in austenite, a condition that is built into intercriti-
cal austenitizing for annealing of hypereutectoid steels, but which also 
may occur in hypoeutectoid steels because of undissolved carbides in aus-
tenite. Such undissolved carbides may be present because low austenitiz-
ing temperatures limit carbide dissolution or because of alloying elements 
that stabilize carbides and retard carbide dissolution.

Normalizing

Normalizing is the heat treatment that is produced by austenitizing and 
air cooling to produce uniform, fine ferrite/pearlite microstructures in 
steel. The higher austenitizing temperatures applied during normalizing 
compared with those applied during annealing (Fig. 13.1) ensure that most 

Heating
cycle

Cooling
cycle

Normalize

Anneal

A
c3

A
c1

T
e

m
p

e
ra

tu
re

Time Time

M
s

F + A

P + A

Fig. 13.2  Schematic time-temperature cycles for full annealing and normal-
izing superimposed on austenite transformation ranges to ferrite 
and pearlite. Courtesy of M.D. Geib, Colorado School of Mines
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carbides are dissolved, and the more rapid air cooling (Fig. 13.2) produces 
finer ferrite grains and pearlite with finer interlamellar spacing than is pro-
duced by annealing. In view of the finer microstructures of normalized 
steels, hardness and strength are somewhat higher, and ductilities some-
what lower, than those of annealed steels. As discussed later, the relative 
amounts of ferrite and pearlite, as determined primarily by steel carbon 
content, determine mechanical properties produced in a given normalized 
steel.

Normalizing is often applied to hot- forged carbon and alloy steels. As 
shown in Fig. 13.1, forging of bars to complex shapes is accomplished at 
high temperatures in the austenite phase field, temperatures that may be 
well above the grain- coarsening temperature of aluminum- killed steels as 
discussed in Chapter 8, “Austenite in Steel.” As a result of high forging 
temperatures, austenite grain sizes are coarse, and in view of variable de-
formation in forgings of complex shape, austenite grain size may be quite 
variable. On cooling, the austenite transforms to coarse, nonuniform 
 ferrite/pearlite microstructures. Reheating during normalizing causes 
 uniform nucleation of new austenite grains, and because normalizing tem-
peratures are kept below grain- coarsening temperatures, austenite grain 
size remains fine, and the austenite transforms to uniform, fine ferrite/ 
pearlite microstructures during air cooling. The latter microstructures pro-
vide excellent starting microstructures for subsequent hardening heat 
treatments.

As noted in Fig. 13.1, normalizing of high- carbon, hypereutectoid steels 
may be applied over a range of temperatures. When the austenitizing tem-
peratures are above ACM temperatures, fully austenitized microstructures 
are produced and all carbides are dissolved. As a result, on cooling ce-
mentite allotriomorphs form on austenite grain boundaries, and continu-
ous cementite networks provide brittle fracture paths for quench cracking 
or brittle fracture where the balance of the microstructure is martensitic. 
Figure 13.3 shows an example of grain- boundary cementite formation in 
a hardened 52100 steel and the resulting intergranular fracture along 
grain- boundary cementite (Ref 13.4). The latter observations were ob-
tained in an experimental study, but for air- hardening tool steels, similar 
brittle fracture may occur after high- temperature normalizing, and nor-
malizing is not recommended (Ref 13.5).

In high- carbon steels with relatively low hardenability, normalizing 
above ACM  results in grain boundary cementite formation followed by 
pearlite formation. On austenitizing for hardening the cementite in the 
grain boundary networks and in the pearlite will spheroidize, but the 
coarser particles of the grain boundary networks persist and mark the lo-
cations of prior austenite grain boundaries. Such arrays of coarse particles 
have been shown to influence fracture (Ref 13.6). An example of grain- 
boundary cementite in normalized 52100 steel and residual networks 
marked by coarse partially spheroidized carbides in hardened 52100 steel 
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is shown in Fig. 13.4. Austenitizing for hardening has produced an en-
tirely new set of fine austenite grains and the residual network carbides are 
now intragranular relative to the austenitic structure and the subsequently 
transformed martensitic structure.

Air cooling associated with normalizing produces a range of cooling 
rates depending on section size. Heavier sections air- cool at much lower 
cooling rates than do light sections because of the added time required for 
thermal conductivity to lower the temperature of central portions of the 
workpiece. Two important consequences follow from the effect of section 
size on cooling rate. In heavy sections, the surface may cool at signifi-
cantly higher rates than the interior. Thus, the transformation of the aus-

Fig. 13.3  (a) Carbide network at prior austenite grain boundaries in 52100 steel. Light micrograph, nital etch, 
original magnification 600×; shown here at 75%. (b) Fracture along grain-boundary carbides in 52100

steel. Scanning electron micrograph, original magnification 415×; shown here at 75%. Courtesy of T. Ando, Colorado 
School of Mines

Fig. 13.4  (a) Proeutectoid cementite network in pearlitic microstructure of normalized 52100 steel. (b) Residual 
cementite network after austenitizing the microstructure in (a) at 850 °C (1650 °F) for hardening. Very

fine particles are from spheroidization of cementite in pearlite, and arrows point to fine austenite grains that have 
formed on austenitizing. Light micrographs, nital etches. Source: Ref 13.6

10 µm 10 µm(a) (b)
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tenite, with the accompanying volume expansion happens first at the 
surface. Subsequent interior transformation and volume expansion intro-
duce surface residual tensile stresses. In very light sections, especially in 
alloy hardenable steels, air cooling may be rapid enough to form bainite or 
martensite instead of ferrite and pearlite, an effect already noted relative 
to normalizing of tool steels. The British Steel Corporation atlas of cool-
ing transformation (Ref 13.7) establishes directly for many steels the 
 effect of section size on microstructures produced by air cooling, as de-
scribed in Chapter 10, “Isothermal and Continuous Cooling Transforma-
tion Diagrams.” Other aspects of normalizing carbon steels are discussed 
in Ref 13.2. Although normalizing is most frequently applied to bar and 
forging steels, plate steels are also normalized, as discussed in a paper by 
Bodnar et al. (Ref 13.8).

Spheroidizing and Spherical Carbides 

The reduction of interfacial energy associated with carbide interfaces 
provides a powerful thermodynamic driving force for microstructural 
change in steel. Spherical particles have minimum surface- to- volume ra-
tios relative to other particle shapes, and the coarser, the fewer, and the 
more spherical shape of carbide particles, the lower the area and interfa-
cial energy component of a microstructure. Thus, spheroidized micro-
structures are the most stable that can be produced in steels, and the 
spheroidization process begins in any prior structure heated at tempera-
tures high enough and for long enough to permit the diffusion- dependent 
formation of spherical particles. 

Dispersions of spherical carbide particles are ubiquitous in carbon 
steels. They result in ferrite from cold rolling and annealing of low- carbon 
sheet steels that need excellent formability. Long- time annealing treat-
ments produce spheroidized carbide/ferrite microstructures with good 
formability in medium- carbon steels and good machinability in high- 
carbon steels and tool steels. In medium- carbon steels dispersions of car-
bides not dissolved during austenitizing are incorporated into martensitic 
microstructures, and in high- carbon bearing steels, some carburized steels, 
and tool steels, spherical carbides are incorporated by design into austen-
ite, and subsequently into the martensite that forms from that austenite. 
High- temperature tempering of martensite produces dispersions of fine 
carbide particles in ferrite with excellent combinations of strength and 
toughness, and if tempering is long enough highly ductile spheroidized 
microstructures result.  

The most ductile, lowest- hardness condition of any steel is associated 
with microstructures that consist of spherical carbide particles uniformly 
dispersed in a ferrite matrix. Heat treatments that produce such micro-
structures are termed spheroidizing or spheroidize annealing heat treat-
ments. Figure 13.5 shows a dispersion of spherical cementite particles in 
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a matrix of ferrite in a 0.66% C-  1.00% Mn steel. The high ductility of 
such a microstructure is directly related to the continuous ductile ferrite 
matrix and the coarse, separated carbide particles that offer little resis-
tance to deformation. Nevertheless, the ductility and hardness of spher-
oidized microstructures vary significantly depending on the density and 
spacing of the carbide particles as related to steel carbon content and the 
heat treatment used to produce the spheroidized microstructure. 

Figure 13.6 shows the results of systematic studies performed by Gur-
land et al. on the strengths of spheroidized microstructures in a variety of 
steels, containing from 0.065 to 1.46% carbon, and spheroidized from 
martensitic microstructures by tempering for long times at 460° and 700 °C 
(860 and 129 °F) (Ref 13.9, 13.10). There is a good correlation of hard-
ness with carbide spacing in a Hall- Petch plot. Coarse carbide spacings 
correlate with low hardness, and accordingly good ductility, and in me-
dium-  and high- carbon steels desired coarse spacings are produced only 
after long- time heat treatments, as discussed later in this section.

There are effectively three stages in the formation of spheroidized mi-
crostructures. The first stage involves the formation of spherical particles 
from the dispersions existing prior to heating. Dispersions produced by 
heating of martensite form with spherical particles, but very often the 
starting structure for spheroidizing consists of pearlite where the cement-
ite is plate- shaped and has a very high interfacial area per unit volume 
(Ref 13.11). Spheroidization starts at areas of curvature in the cementite 
lamellae and at termination of cementite lamellae (Ref 13.12, 13.13). A 
representation of this process, obtained by serial sectioning of a 0.74% C 

Fig. 13.5  Spheroidized microstructure in an Fe-0.66% C-1% Mn steel 
formed by heating martensite at 700 °C (1300 °F) for 24 h. Light

micrograph, picral etch, original magnification 1000×. Courtesy of A.R. Marder 
and A. Benscoter, Lehigh University
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steel, is shown in Fig. 13.7. Once separated particles have formed, per-
haps with carbides particles of higher aspect ratios than that of spherical 
particles, another stage of the spheroidization process is the formation of 
uniformly spherical particles.

The first stages of spheroidization, often produced in very short times, 
result in high densities of fine spherical particles, and mark the beginning of 
the final stage of spheroidization. The fine particles with small radii of cur-
vature dissolve and coarse particles grow, again a mechanism by which in-
terfacial energy is reduced. This process is referred to as Ostwald Ripening, 
and depends on the diffusion of carbon, iron, and other elements away from 
small particles, through ferritic or austenitic matrices, to large particles (Ref 
13.15). The following equation has been shown to describe the rate of 
coarsening of particles in spheroidized microstructures (Ref 13.14, 13.16):

dr
dt

V X D
V RT r r

= −






2 1 13
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γ Fe C c c
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(Eq 13.1)

where g is the interfacial energy, VFe3C and VFe are the molar volumes of 
cementite and ferrite, XC is the mole fraction of carbon in equilibrium with 
cementite in ferrite, DC

eff is the effective carbon diffusion coefficient, R is 
the gas constant, T is the absolute temperature, r1 is the radius of newly cre-
ated particles, and r is the mean size of the already spheroidized particles.

Equation 13.1 shows that the rate of coarsening is directly related to the 
effective diffusion of carbon and decreases as the average size of the par-

Fig. 13.6  Diamond Pyramid Hardness (DPH) versus the reciprocal square 
root of carbide spacing in steels with various carbon contents with 
spheroidized microstructures. Source: Ref 13.10
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ticles increases. Clearly carbon diffusion is necessary, but Tian and Kraft 
have shown by determination of the activation energy for spheroidization 
of an Fe- C alloy (58 kcal/mole) that the rate limiting factor of spheroidiza-
tion correlates with the volume diffusion of iron atoms (61 kcal/mole), not 
with the activation energy for the volume diffusion of carbon atoms  
(20 kcal/mole) (Ref 13.12, 13.13). Spheroidization of pearlite in an AISI 
1080 steel containing manganese showed a higher activation energy con-
sistent with the fact that manganese is a carbide- forming element that 
must also diffuse as carbide particles change shape, dissolve, and grow. 
Other investigations show the effect of substitutional alloying elements on 
slowing the rate of carbide dissolution and spheroidization (Ref 13.17, 
13.18). Studies of carbide spheroidization in 52100 steels showed that 
carbides on austenite grain boundaries coarsened more rapidly than par-
ticles within grains, consistent with more rapid diffusion rates along grain 
boundaries than within grains, and that eventually the finer carbides within 
the grains dissolved, leaving only much coarser grain- boundary carbides. 
(Ref 13.19, 13.20).  

The spheroidization of pearlite in cold- rolled and in normalized low- 
carbon steels is rapid, producing distributions of fine carbide particles in 

Fig. 13.7  Representation of partial spheroidization of a cementite plate or 
lamella in coarse pearlite in a high Si steel annealed for 150 h at 
700 °C (1290 °F). Source: Ref 13.14
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minutes on heating to the lower critical temperature (Ref 13.21, 13.22).   
Commercial spheroidizing heat treatments are much longer, requiring 
many hours to produce the distributions of widely spaced, coarse carbides 
that reduce hardness and increase ductility to that needed for intermediate 
processing operations such as machining and forming. For example, bolt 
manufacture requires cold work and therefore high ductility for heading 
and threading of wire rod before final heat treatment. Heat treatment cy-
cles for spheroidizing of AISI 1541 steel, a commonly used medium- 
carbon steel with high manganese content (1.35- 1.65% Mn) for bolts, 
have consisted of intercritical soaking at 748 °C (1378 °F) for 4 to 6 hours, 
followed by subcritical soaking at 690 °C (1274 °F) for 10 to 14 hours, 
and other cycles involving only subcritical heating have been evaluated 
(Ref 13.23, 13.24 ). 

AISI 1541 steel is difficult to spheroidize because of its relatively high 
manganese content. A study of a 0.74% C, 0.71% Si showed very long 
times for spheroidization, up to hundreds of hours, depending on the inter-
lamellar spacing of the starting pearlite, as shown in Fig. 13.8. Silicon 
cannot be incorporated in the crystal structure of cementite, and therefore 
must diffuse away from cementite as it changes its shape during spheroidiz-
ing (13.25).

 Spheroidizing is more rapid than in pearlitic microstructures if carbides 
are initially in the form of discrete particles, as in bainite, and especially 
if the particles are formed by tempering of martensite (Ref 13. 26). Many 
other approaches to spheroidizing are used to accelerate the process. Heat-
ing to accomplish either complete or partial austenitizing, and then hold-
ing just below AC1, cooling quickly through the AC1, or cycling above and 

Fig. 13.8  Spheroidization as a function of time at 700 °C (1290 °F) of fine, 
medium, and coarse pearlites in a steel containing 0.74% C and 
0.71% Si. Source: Ref 13.14



Chapter 13: Normalizing, Annealing, and Spheroidizing Treatments; Ferrite/Pearlite and Spherical Carbides / 287

below AC1 are all techniques used to reduce the time for spheroidization 
(Ref 13.2, 13.27).

Distributions of spherical carbide particles are important not only in 
ferritic microstructures, but also in martensitic microstructures. For ex-
ample, austenitizing treatments for hardening 52100, a steel containing 
nominally 1.00% C and 1.50% Cr and widely used for bearings, are per-
formed intercritically, between the A1 and ACM temperatures, in the two- 
phase cementite/austenite phase field, typically at 850 °C (1560 °F). The 
retained carbide particles lower the carbon concentration of the austenite 
(and consequently that of the martensite), lower sensitivity to quench em-
brittlement, raise MS temperatures, and reduce the amount of retained aus-
tenite in the hardened microstructures. Stickels (Ref 13.28) points out that 
distributions of fine retained carbides in 52100 steel perform better in roll-
ing contact fatigue than do coarse carbide particles retained after austen-
itizing spheroidized ferrite/carbide microstructures, and by systematic 
experiments showed that beneficial ultra- fine dispersions of carbides  
0.1 μm in size can be produced by austenitizing starting pearlitic micro-
structures isothermally formed at 625 to 650 °C (1155 to 1200 °F). 

Mechanical Properties of Ferrite- Pearlite 
Microstructures

Figure 13.9 shows a set of mechanical properties of ferrite- pearlite mi-
crostructures as a function of steel carbon content (Ref 13.29). Yield and 
ultimate tensile strengths increase, and reduction of area, a measure of 
ductility, decreases, as carbon content increases because of the increase in 
pearlite content. The microstructures range from essentially 100% ferrite 
in the low- carbon steels to 100% pearlite in steels of eutectoid carbon 
content. The divergence of the yield and tensile strengths at high carbon 
contents indicates that increased amounts of pearlite increase work- 
hardening rates.

The data in Fig. 13.9 were produced for a given set of conditions. For a 
given steel, variations in microstructure, such as grain size and pearlite 
interlamellar spacing, and compositional factors, may influence mechani-
cal properties. The effects of these variations have been quantified by 
Gladman et al. (Ref 13.30) in the following equation for yield strength of 
medium- carbon ferrite/pearlite steel microstructures:

σYS(MPa) = 15.4{ f α
1/3[2.3 + 3.8(%Mn) + 1.13d –1/2]

+ (1 – f α
1/3)[11.6 + 0.25SP

–1/2]

+ 4.1(%Si) + 27.6(%N) (Eq 13.2)

where fα is the volume fraction of ferrite, SP is the interlamellar spacing of 
pearlite (the distance in mm from the center on one cementite lamella to 
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the center of the next lamella), and d is the mean linear intercept ferrite 
grain diameter in mm. The first term relates to the strength contributions 
of ferrite, the second to the contributions of pearlite, and the last two terms 
the general effects of silicon and nitrogen contents. As the volume fraction 
of ferrite decreases, the interlamellar spacing of the dominant pearlite 
most strongly influences yielding.

With increasing steel carbon content, and therefore with increasing 
pearlite content, Fig. 13.9 shows a significant decrease in impact tough-
ness of ferrite/pearlite microstructures. The ductile- to- brittle transition 
temperature increases to well above room temperature, and ductile frac-
ture upper shelf energies sharply decrease. Figure 13.10 also shows the 
negative effects of increasing steel carbon content on impact toughness in 
CVN energy versus test temperature curves for steels with ferrite/pearlite 
microstructure (Ref 13.31). Thus, care must be taken in the application of 
medium- carbon steels with ferrite/pearlite microstructures. Normalized 
and annealed ferrite/pearlite microstructures in medium- carbon steels, as 
discussed previously, are often only intermediate processing microstruc-
tures prior to hardening heat treatments, and therefore are not used for 
final applications. If steels with large pearlite contents are used, applica-

Fig. 13.9  Mechanical properties of ferrite-pearlite microstructures as a func-
tion of steel carbon content. Source: Ref 13.29
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tions with impact loading should be avoided and the operating stress states 
for a given operation carefully evaluated. More information on applica-
tions and mechanical properties of medium- carbon steels with ferrite/
pearlite microstructures is given in Chapter 14, “Non- Martensitic Strength-
ening of Medium- Carbon Steels—Microalloying and Bainitic Strengthen-
ing.” Also, even with very low fracture resistance, fully pearlitic steels are 
widely used, for example, in rail and high- strength wire applications, as 
discussed in Chapter 15, “High- Carbon Steels—Fully Pearlitic Micro-
structures and Wire and Rail Applications.”
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CHAPTER 14

Non- Martensitic 
Strengthening of 

Medium- Carbon Steels— 
Microalloying and 

Bainitic Strengthening

MEDIUM- CARBON STEELS for high- strength, high- fatigue- resistant 
applications have been traditionally hardened by austenitizing, quenching 
to martensite, and tempering. When high strength and moderate toughness 
are required, tempering is performed at low temperatures, around 200 °C 
(390 °F), and when moderate strengths and high toughness are required, 
tempering is performed at high temperatures, around 500 °C (930 °F). In 
order to provide for good hardenability and through- section hardening, 
steels subjected to hardening heat treatments are alloyed with significant 
percentages of chromium, nickel, and/or molybdenum. Hardening heat 
treatments and the mechanical properties of hardened steels are discussed 
in detail in later chapters.

The intense drive to maintain costs and productivity of steel products 
over the last several decades has created an entirely new class of steels that 
compete very favorably with hardened steels at moderate strength levels. 
This class of steels uses microalloying to develop extra strength in ferrite/
pearlite microstructures produced directly on cooling from forging tem-
peratures. Microadditions of vanadium and niobium, below 0.20%, are 
less expensive than substantial alloying additions of chromium, nickel, 
and molybdenum used for hardenable steels, and the fact that good strengths 
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are achieved by direct cooling after forging without subsequent multistep 
heat treatment adds to reduced costs and increased productivity.

Although microalloyed forging steels have been used since the 1970s in 
Europe and Japan (Ref 14.1), the first ASTM specification for microal-
loyed steels was approved only in 1992 (Ref 14.2). By 1996, numerous 
applications for microalloyed forging steels were reported by American 
corporations (Ref 14.3). Typical applications for microalloyed forging 
steels include connecting rods, crankshafts, spindles, wheel hubs, and 
other vehicle and engine components. The processing and properties of 
medium- carbon microalloyed steels are quite different from those of low- 
carbon microalloyed steels, as described in Chapter 12, “Low- Carbon 
Steels,” and several conferences and texts have addressed, sometimes 
within the larger framework of microalloying, the development and use of 
the medium- carbon subset of microalloyed steels (Ref 14.1, 14.3–14.5). 
Depending on alloying, direct cooling after forging may produce bainitic 
microstructures, as discussed at the end of this chapter.

Processing Considerations

Figures 14.1 and 14.2 compare the processing of hardenable and micro-
alloyed forging steels. Both types of steel are received as hot- rolled bars, 
which today are largely produced from scrap melted in electric arc fur-
naces and are subjected to forging at high temperatures. The hardenable 
steels require multistep heat treating operations in order to produce final 

Fig. 14.1  Schematic diagram of the schedule of operations required to harden forged bar steels by 
quench and tempering heat treatments
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microstructures and properties, while the microalloyed steels are merely 
cooled to room temperature to produce final microstructures and proper-
ties. The reduced processing for the microalloyed steels is obvious. Some 
hot- rolled bar steels are cold worked and stress relieved, and for com-
pleteness, this processing is also shown in Fig. 14.2.

As shown in Fig. 14.1 and 14.2, forging of complex shapes requires 
high- temperature deformation in the austenite phase field. This phase of 
processing is critical to the successful production of microalloyed forging 
steels in that microalloying carbonitride precipitates dissolve during heat-
ing to forging temperatures. As a result, microalloying elements, most 
often vanadium, are in solution in austenite and available for precipitation 
as fine carbonitride particles on cooling, as described in the next section.

Microalloying Considerations

Chapter 8, “Austenite in Steel,” presents the temperature- dependent 
solubility products for the major microalloying elements, vanadium, nio-
bium, and titanium, in austenite. Vanadium precipitates have the lowest 
stability and dissolve readily on heating to forging temperatures, a charac-
teristic of vanadium that makes it the preferred microalloying element in 
forging steels. Niobium precipitates have higher stability, and therefore 
may be harder to dissolve during heating to forging temperatures. Figure 
14.3, from early work by Gladman et al., shows the effectiveness of vana-
dium in increasing the strength of steels with ferrite/pearlite microstruc-
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tures (Ref 14.6). Measured strengths were compared with strengths cal- 
culated from Eq 13.2, as discussed in Chapter 13, “Normalizing, Annealing, 
and Spheroidizing Treatments; Ferrite/Pearlite and Spherical Carbides.” 
Good correlations between measured and calculated yield strengths exist 
for all microalloying additions except for steels with vanadium. Vanadium 
additions provided strengths in excess of those expected for typical micro-
structure and chemistry parameters in ferrite/pearlite microstructures.

Many types of precipitate particles may form in microalloyed forging 
steels depending on microalloy content and temperature (Ref 14.7–14.10). 
All of the precipitates are metal, M, carbonitrides, where M may be vana-
dium, niobium, and/or titanium, and all elements may be present in a given 
carbonitride particle. According to the solubility relationships, titanium- 
rich carbonitrides form at the highest temperatures, niobium- rich carboni-
trides at intermediate temperatures, and vanadium- rich carbonitrides at the 
lowest temperatures. When niobium is present, the carbonitrides tend to be 
rich in carbon, and when vanadium is present, the carbonitrides are rich in 
nitrogen. The combined characteristics of low- temperature precipitation 
and strong tendency for nitride formation provide the fine particle strength-
ening of vanadium- containing medium- carbon forging steels. Thus, in 
 addition to vanadium, sufficient nitrogen content is also necessary for 
maximum strengthening, and electric arc furnace steelmaking, which typi-
cally produces nitrogen contents of 70 to 100 ppm, provides an ideal pro-
cessing approach for vanadium- microalloyed bar and forging steels.

As noted, titanium- rich nitrides have the highest stability and do not 
dissolve during forging. Therefore, titanium is not available to provide 
fine strengthening precipitates during cooling. However, the fine titanium 

Fig. 14.3  Observed and calculated yield strengths for steels with ferrite/
pearlite microstructures and various microalloying elements. 
Source: Ref 14.6
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nitride precipitates stable during forging restrict austenite grain growth, and 
therefore make a beneficial refining contribution to microstructure. If tita-
nium is added for austenite grain size control, it should be limited to contents 
of 0.01% or less (Ref 14.11, 14.12). Such low levels of titanium are sufficient 
to cause the precipitation of fine TiN particles in austenite. Higher concentra-
tions may cause TiN precipitation in liquid steel, and the resulting coarse TiN 
particles may lower the fracture resistance of finished steel products.

Microstructure of Microalloyed Forging Steels

The extra strength of microalloyed forging steels is due to fine precipi-
tation in the ferrite of direct cooled steels with ferrite/pearlite microstruc-
tures. Figure 14.4 shows light microscope and transmission electron 
microscope (TEM) micrographs of the ferrite/pearlite microstructure in a 
0.2% C, 0.15% V steel. Vanadium- rich carbonitride particles are too fine 
to be resolved in the light microscope, but are resolved in the TEM as 
rows of very fine particles, less than 10 nm (100 Å) in size. These particles 
are formed by interphase precipitation at austenite/ferrite interfaces, as 
described in Chapter 4, “Pearlite, Ferrite, and Cementite,” and their small 
size and high density provide very effective dispersion strengthening. Fig-
ure 14.5 shows TEM dark- field micrographs of microalloy precipitate ar-
rays in a 0.38% C steel containing 0.04% Nb and 0.15% V. In these 
examples, the precipitates appear white because they were imaged with a 
beam diffracted from the particles. Fig. 14.5(a) shows Nb- rich particles 
that have formed on boundaries of deformed austenite, and Fig. 14.5(b) 
shows very high densities of very fine particles that have been produced 
with ferrite by interphase precipitation (Ref 14.8).

Fig. 14.4  Microstructure of 0.20% C, 0.15% V steel. (a) Ferrite and pearlite, nital etch, light micrograph.  
(b) Ferrite, pearlite, and fine V(C,N) precipitates. Transmission electron micrograph. Courtesy of S.W. 
Thompson, Colorado School of Mines

50 µm 0.5 µm(a) (b)
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Because the base microstructure consists of ferrite and pearlite, and be-
cause the strength of ferrite/pearlite microstructures increases with in-
creasing pearlite content, many microalloyed forging steels have relatively 
high carbon contents, between 0.4 and 0.5%, and, therefore, base micro-
structures that consist largely of pearlite. Contributing to low ferrite con-
tents are high forging temperatures that cause significant austenite grain 
coarsening (Ref 14.13). As a result, on cooling grain- boundary nucleated 
ferrite can grow only a limited distance into coarse austenite grains before 
pearlite formation begins, and the base microstructure consists of thin net-
works of ferrite grains surrounding large areas of pearlite. Examples of the 
latter type of microstructure are shown in three medium- carbon steels in 
Fig. 14.6 (Ref 14.14). Extra strengthening in largely pearlitic microstruc-
tures is accomplished by interphase V(C,N) precipitation in pearlitic fer-
rite as well as in proeutectoid ferrite, as has been demonstrated by Dunlop 
et al. (Ref 14.15) and Edmonds (Ref 14.16).

Figure 14.6 shows not only typical high pearlite content microstruc-
tures of microalloyed forging steels but also the effect of microalloying 
and sulfur content on microstructure. The steels from which the micro-
structures were derived all had the same carbon content, 0.38%, but dif-
fered in vanadium and sulfur contents: the VLS steel was alloyed with 
0.053% V and 0.030% S, the NVS steel contained negligible vanadium 
but a high sulfur content of 0.102%, and the VHS steel contained 0.059% 
V and high S of 0.094% (Ref 14.14).

The microstructures in Fig. 14.6 have responded to the various chemis-
tries according to a mechanism proposed by Ochi et al. (Ref 14.17): V 
nitride and V carbide form successively on MnS particles during cooling, 
and ferrite nucleation is enhanced by the vanadium precipitation, accord-
ing to the schematic diagram shown in Fig. 14.7. Thus in a vanadium- 
microalloyed steel, ferrite nucleates and grows not only on austenite grain 

Fig. 14.5  Precipitate distributions in microalloyed steels containing vanadium and niobium. (a) Nb-rich pre-
cipitates on deformed austenite substructure. (b) Interphase V-rich precipitates. Dark-field transmis-
sion electron micrographs. Courtesy of S.W. Thompson. Source: Ref 14.8

1 µm 1 µm(a) (b)
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Fig. 14.7  Schematic diagram of the stages of intragranular ferrite formation 
on a manganese sulfide particle in V-microalloyed steel. Source: 
Ref 14.17

Fig. 14.6  Ferrite/pearlite microstructures formed on cooling from 1200 °C (670 °F). Ferrite appears white; 
pearlite appears black. Grain boundary ferrite networks and intragranular ferrite are shown. The 
steels are identified in text. Light micrographs, nital etches. Source: Ref 14.14

50 µm

(a) VLS

(b) NVS (c) VHS
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boundaries but also intragranularly on MnS particles within austenite 
grains. The resulting intragranular ferrite breaks up the massive pearlitic 
structures formed in a coarse- grained austenite and improves toughness. 
Figure 14.6 shows that the NVS steel, the steel without vanadium, forms 
almost no intragranular ferrite, despite its high MnS content, and that in-
tragranular ferrite has formed in the vanadium- containing steels in high 
densities, especially in the high- sulfur steel. A higher magnification mi-
crograph of intragranular ferrite formation around MnS inclusions in the 
VHS steel is shown in Fig. 14.8. Fig. 14.9 shows vanadium- rich particles 
formed on a MnS inclusion in a vanadium- microalloyed medium carbon 
steel (Ref. 14.18). The particles are thin and plate- shaped, and do not 
cover large areas of the inclusion particle. 

Mechanical Properties of Microalloyed  
Forging Steels

Direct- cooled microalloyed forging steels serve well where moderate 
strengths and hardness are required and impact toughness is not a major 
factor in application. As- quenched martensitic microstructures start with 
much higher hardness levels, and when tempered back to typical hardness 
ranges produced in direct cooled microalloyed steels, i.e., HRC 25 to 30, 
have much higher impact toughness than do the steels with precipitation- 
strengthened ferrite/pearlite microstructures. Figure 14.10 compares the 
CVN energy absorbed as a function of test temperature for 4140 steel and 
two vanadium- strengthened steels, all processed to the same hardness 

Fig. 14.8  Intragranular ferrite formation at MnS particles in a V-microalloyed 
steel. Light micrograph, nital etch. Source: Ref 14.14
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Fig. 14.9  Vanadium-rich particles on a MnS inclusion in a medium-carbon 
microalloyed steel. (a) Secondary electron SEM micrograph, 

(b) Vanadium Energy Dispersive Spectroscopic SEM map. Courtesy of Lee Roth-
leutner, Colorado School of Mines. Source: Ref. 14.18
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(Ref 14.19). The vanadium- strengthened steels have much lower resis-
tance to brittle cleavage fracture than does the quenched and tempered 
4140 steel. Nevertheless, under fatigue conditions, where impact is not a 
concern, the two types of steel perform identically, as shown in Fig. 14.11.

Figures 14.12 through 14.16 show the results of an experimental study 
that measured tensile and impact properties of a series of direct- cooled, 
medium- carbon, microalloyed steels (Ref 14.20). Specimens of steels 
with three levels of C, 0.2%, 0.3%, and 0.4%, without microalloying 
(0.2C, 0.3C, and 0.4C), with a vanadium microalloying addition of 0.15% 
(0.2C + V, 0.3C + V, 0.4C + V), and with microalloying additions of 
0.15% V plus 0.042% Nb (0.2C + V + Nb, 0.4C + V + Nb) were heated to 
1200 °C (2190 °F) for 20 minutes and cooled either in circulating air, still 
air, or between insulating blankets. For a given steel, the effect of cooling 
rate is indicated by the sets of data points in the various plots, and in gen-
eral, the selected cooling rates had little effect on properties. Most of the 
microstructures consisted of ferrite and pearlite, but some acicular ferrite 
was noted in low- carbon specimens. Zajac (Ref 14.21) has related VN 
precipitation on MnS particles to enhanced nucleation of acicular ferrite in 
microalloyed low- carbon steels.

Figures 14.12 and 14.13 show, respectively, yield and tensile strengths 
as a function of steel carbon content for the plain carbon and microalloyed 
steels. Increasing carbon content for all steels increases strengths, and 
 microalloying with vanadium adds a strengthening increment of about 
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200 MPa (30 ksi) at each carbon level. Niobium additions combined with 
the vanadium additions increase strength even more. Correlations of yield 
and tensile strengths to hardness for all of the steels are shown in Fig. 14.14.

Figures 14.15 and 14.16, show respectively, impact transition tempera-
tures and CVN energy absorbed at room temperature for all of the steels. 
Increased steel carbon, by virtue of increasing pearlite content, increases 
sensitivity to cleavage fracture, even in the plain carbon steels, as noted in 
Chapter 13, “Normalizing, Annealing, and Spheroidizing Treatments; Fer-

Fig. 14.12  Yield strength of ferrite/pearlite  microstructures  as a function of 
steel carbon content for plain carbon steels and steels microal-
loyed with V and V plus Nb. Source: Ref 14.20

Fig. 14.13  Ultimate tensile strength for ferrite/pearlite  microstructures  as a 
function of steel carbon content for plain carbon steels and 
steels microalloyed with V and V plus Nb. Source: Ref 14.20
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rite/Pearlite and Spherical Carbides.” At a given carbon content, the 
greater the effect of microalloying precipitation, the higher is the impact 
transition temperature, consistent with the effects of precipitation on tough-
ness. Thus, for a given application, the need for high strength and good 
impact fracture resistance has to be evaluated. Where toughness is of con-
cern, several approaches can be used to optimize properties. As shown in 
Fig. 14.15 and 14.16, direct- cooled microstructures with lower carbon con-
tents have better impact fracture characteristics, but strength decreases pro-

Fig. 14.15  Ductile-to-brittle transition temperature at 27 joules (20 ft-lbs) 
energy absorbed during CVN testing as a function of steel car-

bon content for plain carbon steels and steels microalloyed with V and V plus Nb. 
Source: Ref 14.20

Fig. 14.14  Correlation of yield and ultimate tensile strengths with Vickers 
hardness for steels with ferrite/pearlite microstructures, with and 
without microalloying. Source: Ref 14.20
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portionately. Also, as noted in the preceding sections, microalloying with 
titanium and intragranular ferrite formation provide beneficial microstruc-
tural refinement to ferrite/pearlite microstructures in microalloyed steels.

As noted earlier, and emphasized by Glodowski (Ref 14.22), not only 
sufficient vanadium but also sufficient nitrogen is necessary to produce 
the enhanced strengthening of microalloyed forging steels. Chapter 8, 
“Austenite in Steel,” has shown that aluminum is a stronger nitride former 
than vanadium, stabilizing aluminum nitrides to higher temperatures than 
those at which vanadium nitrides are stable, raising the concern that alu-
minum additions might affect strengthening in vanadium- microalloyed 
forging steels. This concern has been addressed by examining the micro-
structure and properties of three V- microalloyed steels identical except for 
aluminum content (Ref 14.18). Aluminum contents were 0.006, 0.020, 
and 0.031 wt%, and carbon, nitrogen, and vanadium contents were held 
constant at 0.37, 0.0153, and 0.088 wt%, respectively. At typically high 
forging temperatures of 1200 and 1250 °C (2190 and 2280 °F), ther-
momechanical simulations showed that (vanadium carbonitride) pre-
cipitation on cooling was essentially constant, and that even in the steel 
containing 0.031% Al all aluminum nitride was dissolved and therefore 
exerted no restraining effect on austenitic grain growth or on the as- cooled 
microstructure and properties of the vanadium- alloyed forging steels. 

However, at lower thermomechanical simulation temperatures of 1050 
and 1100 °C (1920 and 2010 °F) there was a strong combination of alumi-
num with nitrogen, and in the 0.031% aluminum steel residual aluminum 
nitrides pinned grain boundaries and reduced austenite grain size com-
pared to that in the steels with lower aluminum contents. As a result, 
 ferrite formation increased on the higher grain boundary areas of the high- 

Fig. 14.16  Room temperature energy absorbed during CVN impact testing 
as a function of steel carbon content for plain carbon steels and 
steels microalloyed with V and V plus Nb. Source: Ref 14.20
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aluminum alloy, reducing the amount of pearlite and consequently the 
hardness produced during cooling. As noted earlier in this Chapter, pearl-
ite is a major strengthening component of as- cooled microalloyed forging 
steels, and the reduced amount of pearlite, as well as possible reductions 
in vanadium nitride precipitation due to the aluminum competition for 
nitrogen, correlate with reduced strengthening in samples cooled from the 
lower simulated forging temperatures. 

An early study of a 1045V steel, a microalloyed forging steel contain-
ing 0.45% C, 0.80% Mn, 0.22% V, and small amounts of other elements 
including 0.025% S, complements some of the considerations discussed 
above relative to the effect of austenitizing temperature on the microstruc-
ture and properties of microalloyed forging steels (Ref 14.13, 14.23). 
Samples were austenitized at temperatures between 800 and 1300 °C 
(1470 and 2370 °F) for 30 minutes and cooled to produce ferrite/pearlite 
microstructures. Dramatic changes in the amounts of ferrite and pearlite 
produced on cooling resulted as a function of the austenitizing tempera-
ture. On cooling, after austenitizing at 800 °C the microstructure consisted 
of 50 vol% ferrite/50 vol% pearlite, and after austenitizing at 1300 °C,  
10 vol% ferrite /90 vol% pearlite. Over that temperature range, austenitic 
grain size increased from about 20 μm to 500 μm and hardness increased 
from HRC 20 to HRC 32. These values are the extremes of the ranges  
in ferrite, pearlite, austenitic grain size, and hardness, and values varied 
 continuously as austenitizing temperatures were increased from 800 to 
1300 °C. The results clearly show the effect of fine austenite grain sizes on 
promoting the nucleation and growth of ferrite, lowering pearlite content, 
and contributing to lower hardness.

Superimposed on the austenite grain size changes and the amounts of fer-
rite and pearlite formed as a function of heating temperature, are the effects 
of the vanadium addition in the 1045V steel. Up to 1050 °C (1920 °F), some 
vanadium nitrides were undissolved and helped to restrain austenite grain 
growth, but by heating above that temperature, with vanadium and nitrogen 
fully dissolved in the austenite, austenite grain size increased, and on cool-
ing precipitation of vanadium nitrides contributed to hardness increases to-
gether with increased amounts of pearlite in the coarse- grained austenite. 

Impact toughness was also dramatically affected by austenitizing of the 
1045V steel (Ref 14.23). Figure 14.17 shows CVN energy absorbed as a 
function of test temperature for the 1045V steel cooled from three tem-
peratures and in the as- received hot- rolled condition. Clearly large amounts 
of pearlite, which contribute significantly to the hardness and strength of 
microalloyed forging steels, produced from coarse austenite grain struc-
tures correlate with low impact toughness and high ductile to brittle frac-
ture temperatures. A temperature of 1300 °C is high for forging, and in the 
case of the 1045V study, produced solution and precipitation of MnS in-
clusions on austenite grain boundaries. As a result, ductile fracture oc-
curred by microvoid formation at the arrays of MnS particles on the prior 
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austenite grain boundaries, a fracture mechanism described as overheating 
in Chapter 19, “Low Toughness and Embrittlement Phenomena in Steels.”

Direct- Cooled Steels with Nontraditional  
Bainitic Microstructures

Another approach to producing steels with increased strength by direct 
cooling after forging has been to alloy medium- carbon steels to produce 
nontraditional bainitic microstructures. The microstructures are termed 
nontraditional in that austenite transforms to acicular ferrite instead of the 
ferrite and cementite microstructures of traditional bainites, as discussed 
in Chapters 6, “Bainite” and 7, “Ferritic Microstructures.” The key alloy-
ing element for the forging steels that transform to nontraditional bainitic 
microstructures is silicon (Ref 14.24). Silicon cannot be incorporated into 
the crystal structure of cementite and therefore retards the formation of 
cementite. As a result, the carbon rejected from growth of bainitic ferrite 
during cooling of silicon- containing steel increases in the adjacent austen-
ite, stabilizing the austenite and producing large volume fractions of re-
tained austenite in largely ferritic microstructures at room temperature.

Figure 14.18 shows a continuous cooling transformation diagram for a 
nontraditional bainitic steel containing 0.35% C, 1.40% Mn, 0.76% Si, 
and 0.19% Mo (Ref 14.25). The diagram shows a prominent intermediate 
transformation region identified as bainite but which, in fact, because of 
the high silicon content, was associated with the formation of nontradi-
tional bainitic microstructures. High manganese contents, and small addi-
tions of chromium and molybdenum, promote intermediate temperature 
transformation at cooling rates between ferrite/pearlite and martensitic 

Fig. 14.17  CVN energy absorbed as a function of temperature for specimens 
of 1045V steel austenitized at various temperatures and cooled at 

two rates to produce microstructures of ferrite and pearlite. Source: Ref 14.23
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transformation ranges. Because forging steels are deformed at high aus-
tenitizing temperatures, small additions of titanium are sometimes made 
to limit austenite grain growth by TiN particles (Ref 14.26, 14.27).

Figures 14.19 through 14.21 compare the microstructure and properties 
of direct- cooled steels differing only in silicon content (Ref 14.28). The 
steels contained 0.35% C, 1.50% Mn, 0.11% Ni, 0.14% Cr, 0.25% Mo, 
0.10% V, and 0.012% Ti, and the low- and high- silicon contents were 0.32 
and 0.76%, respectively. The microstructures of both steels, Fig. 14.19, 
contained large volume fractions of acicular ferrite. Classical ferrite/ce-
mentite bainitic microstructures, as determined by TEM, formed between 
the acicular ferrite of the low- silicon steel, while retained austenite, about 
23% as determined by X- ray analysis, was retained between the acicular 
ferrite crystals of the high- silicon steel.

Fig. 14.19  Microstructures of direct-cooled steels containing 0.35% C and (a) 0.32% Si and (b) 0.76% Si. See 
text for discussion of microstructures. Light micrographs, nital etches. Source: Ref 14.28

Fig. 14.18  Continuous cooling transformation diagram of a steel containing 
0.35% C, 1.40% Mn, 0.76% Si, and 0.19% Mo. Source: Ref 14.25
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Figure 14.20 shows that the ultimate tensile strength and ductility of the 
direct cooled high- silicon steel are greater than those of the low- silicon 
steel. These differences are attributed to the strain- induced transformation 
of retained austenite to martensite at high strains that increases strain 
hardening and defers necking in the high- silicon steel (Ref 14.29). The 
same beneficial effects of strain- induced austenite transformation in the 
high- silicon steel are also shown in the ductile fracture portion of the CVN 
transition curve in Fig. 14.21. At low- impact- testing temperatures, re-
tained austenite transforms by stress- assisted mechanisms at low strains 

Fig. 14.20  Room temperature stress strain curves for 0.35% C direct-cooled 
steels with high- and low-silicon contents. Source: Ref 14.28

Fig. 14.21  CVN impact transition curves for 0.35% C direct-cooled steels 
with high- and low-silicon contents. Source: Ref 14.28
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and offers little benefit to mechanical properties compared with micro-
structures with low retained austenite contents (Ref 14.29). Tempering at 
temperatures high enough to transform retained austenite increases yield 
strengths and may improve fatigue resistance (Ref 14.30).

The low- strain, stress- assisted transformation of retained austenite  
at low temperatures, typically below room temperature, causes yield 
strengths, as defined by the strength at 0.2% strain, of the nontraditional 
bainitic microstructures to decrease as ultimate tensile strengths increase 
with decreasing temperatures (Ref 14.31). This result is quite different 
from that of microstructures that consist largely of ferrite in which yield 
strengths increase with decreasing temperature, as has been shown in Fig. 
11.7 in Chapter 11, “Deformation, Strengthening, and Fracture of Ferritic 
Microstructures.” Fig 14.22 schematically compares early yielding of 
steels with stable microstructures (such as highly tempered quench and 
tempered steels such as 4140 and steels with ferrite/pearlite microstruc-
tures such as 1045V) to the nontraditional bainitic steels with unstable 
microstructures because of retained austenite as described above (Ref 
14.31). At low deformation temperatures, the stress- assisted transforma-
tion of retained austenite causes martensite formation at low strains. The 
increased volume of the martensite contributes to increased specimen 
elongation at low stresses compared to the same steel deformed at higher 
temperatures where the retained austenite is stable to higher strains. How-
ever, the greater the early low- temperature formation of stress- induced 
martensite with its high density of dislocations the greater the strain hard-
ening that leads to ultimate tensile stresses that increase with decreasing 
temperature. 

Summary

This chapter has shown how microalloying  and silicon additions  affect 
microstructure and properties of carbon steels. The strengthening mecha-
nisms do not depend upon martensitic strengthening by quench and tem-
pering, and produce moderate increases in strength relative to steels with 
unalloyed ferrite/pearlite or bainitic microstructures. Lagneborg, Hutchin-
son, Siwecki, and Zajac in 2014 have written a comprehensive review of 
the role vanadium plays in microalloyed steels (Ref 14.32). That review is 
dedicated to the memory of Michael Korchynsky who made early impor-
tant contributions to the development of vanadium-microalloyed steels.
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CHAPTER 15

High- Carbon Steels— 
Fully Pearlitic 

Microstructures and 
Wire and Rail 
Applications

THE TRANSFORMATION OF AUSTENITE to pearlite has been de-
scribed in Chapter 4, “Pearlite, Ferrite, and Cementite,” and Chapter 13, 
“Normalizing, Annealing, and Spheroidizing Treatments; Ferrite/Pearlite 
and Spherical Carbides,” which have shown that as microstructure be-
comes fully pearlitic as steel carbon content approaches the eutectoid 
composition, around 0.80% carbon, strength increases, but resistance to 
cleavage fracture decreases. This chapter describes the mechanical prop-
erties and demanding applications for which steels with fully pearlitic mi-
crostructures are well suited.

With increasing cooling rates in the pearlite continuous cooling trans-
formation range, or with isothermal transformation temperatures ap-
proaching the pearlite nose of isothermal transformation diagrams, Fig. 
4.3 in Chapter 4, “Pearlite, Ferrite, and Cementite,” the interlamellar spac-
ing of pearlitic ferrite and cementite becomes very fine. As a result, for 
most ferrite/pearlite microstructures, the interlamellar spacing is too fine 
to be resolved in the light microscope, and the pearlite appears uniformly 
dark. Therefore, to resolve the interlamellar spacing of pearlite, high reso-
lution scanning electron microscopy (SEM) and transmission electron mi-
croscopy (TEM), are necessary to resolve the two- phase structure of 
pearlite. Figure 15.1 is a TEM micrograph showing the pearlitic micro-
structure in a high- carbon steel rail. The interlamellar spacing between the 
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ferrite and cementite phases is quite fine; regions where the lamellae are 
parallel or almost parallel are referred to as colonies. This remarkable 
composite structure of ductile ferrite and high- strength cementite is the 
base microstructure for rail and the starting microstructure for high- 
strength wire applications.

Mechanical Properties of Fully Pearlitic 
Microstructures

The Gladman et al. equation, Eq 13.2 in Chapter 13, “Normalizing, An-
nealing, and Spheroidizing Treatments; Ferrite/Pearlite and Spherical Car-
bides,” for the strength of ferrite/pearlite steels shows that the interlamellar 
spacing of ferrite and cementite lamellae in pearlite becomes more impor-
tant as the amount of pearlite increases (Ref 15.1). Hyzak and Bernstein in 
a study of fully pearlitic microstructures in a steel containing 0.81% C 
evaluated not only the effect of pearlite interlamellar spacing, S, but also 
the effect of austenite grain size, d, and pearlite colony size, P, on me-
chanical properties (Ref 15.2). Figure 15.2 shows the dependence of hard-
ness and yield strength on pearlite spacing, and the following equation 
incorporates, in addition to interlamellar spacing, the effects of austenitic 
grain size and pearlite colony size on yield strength:

Yield strength (MPa) = 2.18(S –1/2) – 0.40(P –1/2) – 2.88(d –1/2) + 52.30 (Eq 15.1)

In view of this work, pearlite interlamellar spacing is confirmed to be  
the major microstructural parameter that controls strength of pearlitic 
microstructures.

Fig. 15.1  Pearlitic microstructure in rail steel. Nital-etched surface, high 
resolution SEM micrograph, 8,000×. Courtesy EVRAZ NA
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Resistance to cleavage fracture of fully pearlitic steels is found to be 
primarily dependent on austenitic grain size according to the following 
equation (Ref 15.2):

Transition temperature (°C) = –0.83(P –1/2) – 2.98(d –1/2) + 217.84 (Eq 15.2)

This equation shows that the ductile- to- brittle transition temperature for 
fully pearlitic steels is invariably above room temperature. Fracture around 
room temperature is therefore characterized by cleavage on {100} planes 
of the ferrite in pearlite. In another study, the size of cleavage facets was 
found to be strongly dependent on, but always smaller than, the austenite 
grain size and appeared to be related to common ferrite orientations in 
several adjoining pearlite colonies (Ref 15.3).

Rail Steels: Structure and Performance

The papers of proceedings volumes of several symposia address the 
ever- increasing demands placed on rail steels and the approaches used to 
improve rail steel performance (Ref 15.4–15.6). Rails are subject to heavy 
contact cyclic loading that accompanies increased car size and loading, to 
100 and 125 ton capacity, increased train size, and increased train speeds 

Fig. 15.2  Hardness and yield strength as a function of pearlite interlamellar 
spacing in fully pearlitic microstructures. Source: Ref 15.2
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used to transport bulk products over the last several decades. These in-
creasing demands require manufacturing and metallurgical approaches 
that offset wear and other types of failure that limit rail life. An early type 
of rail failure was associated with entrapped hydrogen that produced shat-

ter crack or flakes in heavy rail sections, but that difficulty has been ef-
fectively controlled by controlled cooling and by vacuum degassing of 
liquid steel (Ref 15.5–15.7).

Wear of rail has been studied by laboratory testing and also in a unique 
facility that subjects rail to actual train service. The latter facility, the Fa-
cility for Accelerated Service Testing (FAST), Pueblo, Colo., is a 7.7 km 
(4.8 mile) loop of track on which test trains with 9500 trailing tons have 
completed up to 120 laps daily in order to evaluate the processing, chem-
istry, and performance of rails under actual service conditions (Ref 15.8). 
In a study of rail tested at the FAST facility, wear was found to be a three- 
stage process (Ref 15.9). The first stage consisted of severe plastic defor-
mation in a thin surface layer of the rail, on the order of 0.1 mm (0.004 in.) 
in depth, in response to repeated heavy compressive and shear loading 
produced by the passage of test trains. Two steels were evaluated, and the 
depth of the deformed zone was shallower in the harder steel. The second 
stage consisted of the development of subsurface cracks in the severely 
deformed layer, generally at the interface of the deformed layer and the 
undeformed microstructure. The propagation of cracks to the surface of 
the rail and the associated spalling off of small slivers or flakes of the rail 
constituted the third stage of wear. This sequence of deformation and frac-
ture is repeated many times to produce substantial rail wear. Kapoor has 
referred to the repeated cycles of compressive deformation as plastic 

ratcheting and notes that cracking serves primarily to create the wear de-
bris (Ref 15.10). Lubrication is sometimes used to minimize the rate of 
rail wear.

Improved rail wear resistance correlates with fine interlamellar ferrite/
cementite spacing of pearlitic microstructures, which, as noted previously, 
increases hardness and strength. Figure 15.3 shows the hardness correla-
tion with pearlite interlamellar spacing, and Fig. 15.4 and 15.5 show, re-
spectively, that wear decreases with decreasing interlamellar spacing and 
increasing hardness of pearlitic microstructures in a series of rail steels 
(Ref 15.11). The latter results were generated by rolling/sliding wear tests 
in which the maximum Hertzian contact pressure was varied by adjusting 
the loads applied by test rollers. As shown in Fig. 15.4 and 15.5, increas-
ing contact pressure accelerates wear.

The strong correlation of improved rail wear resistance with fine pearl-
ite interlamellar spacing and high pearlite hardness has led to processing 
and alloying approaches to produce fine pearlite. An effective processing 
approach has been to produce pearlite of fine interlamellar spacing and 
high hardness on the surface of rails by head hardening, a heat treatment 
applied by accelerated cooling with forced air, water sprays, or oil or 
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aqueous polymer quenching either online while the steel is still austenitic 
immediately after hot rolling or by offline reheating of as- rolled rails (Ref 
15.12, 15.13). Figure 15.6 shows the high head hardness of an offline 
head- hardened rail section (Ref 15.12). 

Alloying approaches to refine pearlite interlamellar spacing have in-
cluded alloying with chromium, molybdenum, vanadium, and silicon (Ref 
15.14–15.19). The development of rail steels with hypereutectoid carbon 
contents also results in fine interlamellar spacings (Ref 15.20). Vanadium 

Fig. 15.4  Wear rate as a function of pearlite interlamellar spacing for various 
rail steels at contact pressures of 1220 N/mm2 and 900 N/mm2. 
Source: Ref 15.11

Fig. 15.3  Hardness as a function of pearlite interlamellar spacing for various 
rail steels. Source: Ref 15.11
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additions in hypereutectoid steels have been found to promote discon-
tinuous cementite formation on austenite grain boundaries (rather than 
continuous cementite formation in steels without vanadium), interphase 
precipitation of vanadium carbide close to prior austenite grain boundar-
ies, and precipitation in the pearlitic ferrite (Ref 15.17–15.19). 

The rolling contact loading of rails eventually creates complex interac-
tions of strain hardening and residual stress distributions that not only in-
fluence wear but may also nucleate and propagate cracks transverse to rail 

Fig. 15.6  Hardness as a function of location in a transverse section of rail 
subjected to offline head hardening heat treatment. Source: Ref 
15.12

Fig. 15.5  Wear rate as a function of hardness for various rail steels tested at 
contact pressures of 1220 N/mm2 and 700 N/mm2. Source: Ref 
15.11
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lengths. Rails in curves are the most severely stressed portions of track, 
and Fig. 15.7 shows schematically some of the damage phenomena that 
may originate in rail curves under heavy traffic conditions (Ref 15.21). 
Subsurface cracks may also develop. Detail fracture is defined as “a trans-
verse fatigue crack progressing from the corner of the rail head” (Ref 
15.22), and shelling is “a condition where the rail steel, stressed beyond 
its elastic limit, deforms and fails in subsurface shear” (Ref 15.7). Steele 
and Joerms have analyzed the stress states associated with shelling (Ref 
15.23). Compressive residual stresses develop at the surface of rails and 
are balanced by interior tensile stresses. Shell cracking initiates in lower- 
hardness regions underneath work- hardened rail surface layers and even-
tually turns into detail fractures.

 In addition to the gradual rail wear that occurs by surface deformation 
and shallow cracking as discussed earlier, white etching zones, resistant to 
etching, develop sporadically during heavy rail use (Ref 15.24–15.28). 
The white etching layers (WEL) have high hardness and are associated 
with the development of ripples or corrugations in rail and eventually 
cracking. Intensive evaluation of the structure and substructure of the 
white etching layers by x- ray diffraction, scanning electron microscopy, 
transmission electron microscopy, and atom probe tomography shows a 
complex structure consisting of mixtures of deformed and fragmented 
pearlite, martensite, and retained austenite. The presence of the martensite 
and retained austenite establishes that the rail was heated above the lower 
critical temperature, most likely as the result of wheel/rail friction.

High- Strength Patented and Cold- Drawn  
Pearlitic Steel Wire

Pearlitic microstructures in steels of eutectoid composition are drawn to 
wires that have the highest useable tensile strengths of any steel products. 

Fig. 15.7  Schematic diagram of wear and damage to curved rails under 
heavy traffic conditions. Source: Ref 15.21
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The strengths depend on steel quality, the microstructure prior to wire 
drawing, and on the amount of wire drawing to produce a finished wire 
diameter. Figure 15.8 shows tensile strength as a function of wire diameter 
for hypereutectoid steel wires capable of resisting delamination (Ref 
15.29), and Fig. 15.9 shows the tensile strengths of patented and drawn 
wires from a number of studies (Ref 15.30). Remarkably high strengths, 
ranging up to almost 6000 MPa (870 ksi), can be produced. High- strength 
wires are often further incorporated into bunched arrays for applica- 

Fig. 15.8  Tensile strength as a function of wire diameter for patented and 
drawn pearlitic hypereutectoid steel wires. Source: Ref 15.29
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tions such as tire cord, conveyors, hoses, and bridge cables (Ref 15.29, 
15.31).

The heat treatment that produces the starting microstructure for wire 
production is termed patenting, after a patented discovery by James Hors-
fall, Birmingham, England, in 1856 that made steel rod easier to draw 
(Ref 15.32). Patenting consists of heating to austenite and continuous 
cooling or isothermal holding to produce a uniform fine pearlite micro-
structure. Figure 15.10 shows an isothermal transformation diagram for 
eutectoid steel and the transformation temperature range to produce the 
desired fine pearlite microstructure for wire drawing (Ref 15.33). The mi-
crostructures, strengths, and ductilities of a hypereutectoid steel are shown 
as a function of transformation temperature in Fig. 15.11. Bainitic micro-
structures were found to be sensitive to delamination after drawing and, 
therefore, fine pearlite with a tensile strength of 1500 MPa (220 ksi) was 

Fig. 15.10  Isothermal time-transformation diagram showing transformation 
temperature range for production of fine pearlite by patenting 
heat treatment. Source: Ref 15.33

Fig. 15.11  Tensile strength and reduction of area as a function of transfor-
mation temperature and microstructure in patented hypereutec-
toid steels. Source: Ref 15.29
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found to be the most suitable starting microstructure for high- strength 
wire drawing (Ref 15.29).

Patenting may be applied to hot- rolled rod at the start of wire drawing 
or to cold- drawn wire as an intermediate heat treatment prior to further 
wire drawing. Fine pearlite has been traditionally produced in rods or wire 
isothermally transformed in molten lead baths, but alternative processing 
has been developed to produce good pearlitic microstructures directly 
after hot rolling to rod in high- speed bar mills (Ref 15.34, 15.35). The lat-
ter processing, first commercially applied in 1964, is commonly known as 
the Stelmor process, and by 2003, 240 Stelmor process lines had been in-
stalled throughout the world. Stelmor processing consists of water cooling 
hot- rolled rod to a predetermined temperature, typically between 750 and 
959 °C (1380 and 1740 °F), forming the rod into rings on a laying head, 
and fan air cooling the overlapping rings on a continuously moving con-
veyor. Cooling rates are adjusted to produce desired microstructures in 
various grades of steels, and after transformation, the rods are coiled for 
storage and further processing.

Wire- Drawing Deformation of Pearlite for  
High- Strength Steel Wire

Fully pearlitic microstructures are highly deformable under wire draw-
ing conditions. As strain increases, in longitudinal sections the lamellar 
structure of pearlite aligns itself parallel to the longitudinal wire axis (Ref 
15.36), and in transverse sections the pearlitic structure becomes wavy 
and the lamellae within colonies are substantially curved (Ref 15.37). A 
(110) body- centered- cubic wire texture develops in the ferrite. The com-
bination of closely spaced ductile ferrite and high- strength cementite la-
mellae makes possible exponential increases of strain hardening as a 
function of strain, in contrast to the linear increases with strain in ferritic 
iron wire without cementite (Ref 15.38). Although cementite is potentially 
brittle, in pearlitic structures the fracture resistance of cementite is a func-
tion of lamellae thickness. In coarse pearlite, cementite is brittle, but in 
microstructures where the interlamellar spacing is 0.10 mm or less, ce-
mentite has been shown to be partially or fully plastic (Ref 15.38).

The cementite lamellae of pearlite undergo dramatic changes during 
high- strain wire drawing (Ref 15.37–15.43). With increasing strain, the 
cementite lamellae become thinner, and both homogeneous bending and 
fragmentation of cementite lamellae may occur. In addition to slip defor-
mation of the ferrite and cementite, localized shear band formation through 
the pearlite lamellae is another observed deformation mechanism. Ce-
mentite lamellae have been found to dissolve partially or completely at 
high strain deformation, and atom probe studies show that the carbon con-
tent of cementite decreases, and that of ferrite substantially increases, with 
the carbon apparently dissolved in the dislocation substructure of the fer-



Chapter 15: High-Carbon Steels—Fully Pearlitic Microstructures and Wire and Rail Applications / 325

rite. The carbon in solution in the ferrite then contributes to dynamic strain 
aging or to strain aging if wire is given subsequent low- temperature heat 
treatments.

Fracture Mechanisms of Patented and  
Drawn Steel Wire

As noted, fully pearlitic microstructures are capable of intensive wire 
drawing deformation. However, the severe deformation may result in 
unique types of failure. One type of fracture develops internally in re-
sponse to hydrostatic tensile stresses that develop in the centers of wires 
during drawing (Ref 15.44). In plane longitudinal sections through dam-
aged lengths of wire the cracks appear v- shaped, leading to the term chev-

ron cracking to describe this type of fracture. The cracks are in fact 
axisymmetric, and when a wire breaks, the fracture surface appears coni-
cal, a fracture appearance termed cuppy fracture in the wire industry. Fig. 
15.12 shows an example of the latter type of fracture. The internal center 
cracking also leads to the term centerline bursting for this phenomenon. 
Similar stress states to those in wires also create centerline, v- shaped 
cracks in extruded rods (Ref 15.44). In wires, non- deforming microstruc-
tural features in the centers, such as inclusions, grain boundary cementite, 
or residual centerline segregation that provides sufficient hardenablity for 
martensite formation, may be associated with initiation of chevron crack-
ing. Therefore, considerable attention must be paid to steel quality and 
primary steel processing (Ref 15.45, 15.46).

Control of wire- drawing parameters may also minimize chevron crack-
ing (Ref 15.44). A parameter Δ defines the deformation zone geometry for 

Fig. 15.12  Example of cuppy fracture in drawn pearlitic wire. SEM micro-
graph, about 300×. 
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the generation of hydrostatic tensile stresses as the ratio of the mean diam-
eter of the work to the contact length between the die and the work and is 
in turn related to reduction ratio and die angle. High values of Δ increase 
susceptibility to chevron cracking and are produced by lower reductions 
and high die angles. 

Torsional Deformation and Delamination of  
Patented and Drawn Wires 

Some high- strength patented and drawn wires are twisted into cables 
and bunches. As a result, not only must the wire have high tensile strength, 
it also must have good torsional strength and good resistance to shear 
stresses. Figure 15.13 shows the longitudinal and transverse orientation of 
shear stresses that develop in a torsion- tested wire (Ref 15.47. In wires 
with fine, uniformly deformed pearlitic microstructures and good surface 
condition, after a significant number of applied torsional twists, smooth, 
flat shear fractures develop on transverse wire surfaces. However, under 
some conditions, surface shear bands develop in response to the longitu-
dinal shear stresses, and these bands eventually nucleate shear cracks 
characterized by the joining of fine microvoids. With increased twisting, 
the longitudinal cracks assume a helical or spiral orientation, as shown 
schematically in Fig. 15.14. The spiral crack is labeled “secondary frac-
ture,” and a transverse shear fracture surface, also shown, is labeled “pri-
mary fracture.” 

The longitudinal cracking or splitting along the wire surface during tor-
sion testing is referred to as delamination (Ref 15.47, 15.49). Once initi-
ated, compressive stresses close the spiraling delamination crack, and the 
wire may undergo further twisting despite significant damage. Fig.15.15 
compares examples of spiral delamination cracking to deformation and 
transverse shear fracture in pearlitic wire (Ref 15.39). When delamination 

Fig. 15.13  Schematic diagram of a length of wire showing orientations of 
shear stresses produced during torsion and a longitudinal shear

band that may lead to delamination fracture of patented and drawn pearlitic 
wires. Source: Ref 15.47
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occurs, there is a sharp drop in load immediately after yielding (Ref 
15.49), as shown in Fig. 15.16 for an as- drawn wire and two wires sub-
jected to an aging treatment as described in the following section of this 
chapter (Ref 15.50). 

Good surface conditions are important to prevent delamination, but mi-
crostructural factors must also be optimized. Tarui et al. emphasize that 
fine as- patented pearlite is the key to high- strength wire with good delami-
nation resistance and that upper bainite formed at low transformation tem-
peratures lowers delamination resistance (Ref 15.29, 15.51). Strengthening 
by chromium and vanadium additions and higher carbon content were 
found to be more effective than increased drawing reduction in producing 
strength and while maintaining good delamination resistance. Tarui et al. 
also show that silicon and chromium additions to patented and drawn mi-
crostructures suppress spheroidization of pearlitic cementite and the at-
tendant strength loss during hot dip galvanizing at 450 °C (840 °F). Nam 
and Bae confirm that coarse pearlite lowers delamination resistance and 
note that globular cementite particles contribute to the initiation of de-
lamination (Ref 15.51). Low- temperature aging or stress relief treatments 

Fig. 15.14  Schematic diagram of torsion-tested wire in which a primary 
transverse shear fracture and a spiral delamination fracture (la-
beled “secondary fracture”) have developed. Source: Ref 15.48

Fig. 15.15  Examples of wire that failed by delamination (top) and by tor-
sional deformation and transverse shear fracture (bottom). SEM 
micrographs. Source: Ref 15.39
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of patented and drawn wires also result in reduced delamination resistance 
(Ref 15.49).

Effects of Aging and Galvanizing on Properties of 
Patented and Drawn Wires

The alloying and dramatic changes that occur in the substructure of 
severely drawn pearlitic wires, namely the high dislocation density and 
increased carbon in the highly deformed ferrite, set the stage for aging and 
precipitation hardening during low temperature heating (Ref 15.52). Also 
hot- dip galvanizing, applied for atmospheric corrosion resistance, per-
formed at 450 to 470 °C (840 to 880 °F) for times on the order of seconds, 
is a thermal processing step that may affect strengths of patented and 
drawn high- strength wires for applications such as cables for suspension 
bridges and other cable applications (Ref 15.29, 15.53- 15.58). The hot- dip 
galvanizing may lower strengths because of recovery of the pearlitic fer-
rite and spheroidization of the cementite lamellae, and additions of chro-
mium and silicon to high- carbon- wire steel have been shown to reduce 
softening during galvanizing.

The effects of short- time, low- temperature heating on the changes of 
mechanical properties of two sets of fully pearlitic wires, one containing 
0.23 pct Si (Low Si) and the other containing 1.30 pct Si (High Si), each 
drawn to strength levels of 1950 MPa (LS) and 2250 MPa (HS), have re-
cently been evaluated (Ref 15.50,15.59). The wires were heated at 350, 
400, 450, and 500 °C (660, 750, 840, and 930 °F) for times of 10, 20, 30, 

Fig. 15.16  Torque versus number of revolutions for a wire that did not de-
laminate (High Si-LS-AD-1) and for wires that did delaminate 
(High Si-LS-400/10 -2 and -3). Source: Ref 15.50
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and 60 seconds. Fig. 15.16 has shown the effects of torsional testing on 
the deformation and fracture of an as- drawn high- Si, low- strength wire 
(High Si- - LS- AD) and on similar wires heated at 400 °C for 10 seconds 
(400/10). The last digits of the specimen identification designate the num-
ber of the sample tested with the same processing history. 

Examples of the effects of low- temperature heating on tensile mechani-
cal properties are shown in Fig. 15.17 and 15.18. Except for the longer 
times at 500 °C, galvanizing and short time heating increase yield and 
tensile strengths from as- drawn strengths. Longer times at aging tempera-
tures, as shown in Fig. 15.18, decrease strengths, and tensile ductility in 
almost all heated conditions increases over that in as- drawn wires. The 

Fig. 15.17  Engineering stress-strain curves for high Si Low Strength (as defined in text) in the as drawn (AD) con-
dition, after galvanizing, and after heating at various temperatures for (a) 10 seconds, and (b) 20 sec-
onds. Source: Ref 15.50
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higher silicon addition increased strength in all conditions and slowed the 
rate of spheroidization of the pearlitic cementite. In torsion testing, de-
lamination occurred in most heated conditions, and was found to initiate 
at spherical particles.
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CHAPTER 16

Hardness and 
Hardenability

A MARTENSITIC MICROSTRUCTURE is the hardest microstructure 
that can be produced in any carbon steel; therefore, heat treatments that 
produce martensite are referred to as hardening heat treatments. This 
chapter first shows that martensitic hardness is a function of steel carbon 
content and describes some of the mechanisms by which that hardness and 
associated strength are achieved. Much more information on the mech-
anical properties and fracture of martensite and its derivative tempered 
 microstructures is presented in Chapter 18, “Deformation, Mechanical 
Properties, and Fracture of Quenched and Tempered Carbon Steels.” Mar-
tensite, however, can be produced only when the diffusion- controlled 
transformations of austenite to ferrite and cementite microstructures such 
as ferrite, pearlite, and bainite are suppressed. The term hardenability re-
lates to the suppression of diffusion- controlled transformations and, there-
fore, the propensity of a steel to harden under various conditions of cooling. 
The effects of steel composition, cooling rates, and section size on harden-
ability, as developed by the now- classical approach of Grossman and Bain 
and subsequent considerations, are described in this chapter.

Hardness and Carbon Content

The maximum hardness that can be produced in any given carbon steel 
is that associated with a fully martensitic microstructure. Figure 16.1 
shows the much higher hardness of martensite relative to that of ferrite- 
pearlite or spheroidized microstructures for the entire range of carbon 
content usually found in steels. The high hardness and associated high 
strength, fatigue resistance, and wear resistance are the prime reasons for 
the quenching heat treatments that produce martensite. Almost all mar-
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tensite is tempered, and depending on the amount of tempering, hardness 
in a given quenched and tempered steel may vary from close to the maxi-
mum shown for martensite to the minimum associated with the spheroidized 
carbide structure. Heat treatments to form martensite are extensively ap-
plied to steels containing more than 0.3% C. In these steels, the gains in 
hardness are most substantial. Steels containing less than 0.3% C are dif-
ficult to harden in heavy sections but are hardenable in sheet and thin plate 
to provide excellent combinations of strength and toughness after temper-
ing. Rockwell C readings below 20 are not considered valid and are in-
cluded in Fig. 16.1 only for comparative purposes. Also the hardness of 
fully pearlitic microstructures is dependent on pearlite interlamellar spac-
ing and may be much higher than shown in Fig. 16.1.

Figure 16.2 is a summary plot of many investigations of the hardness of 
martensitic microstructures as a function of the carbon content of steels 
and Fe- C alloys, and shows the range of hardness that may develop in 
largely martensitic microstructures in steels of a given carbon content. 
Special care was taken in all of the investigations to ensure that no pro- 
eutectoid phases or mixtures of ferrite and cementite formed. However, 
the martensitic microstructures may have contained various amounts of 
retained austenite because Mf drops below room temperature even in low- 
carbon steels. For example, Fig. 5.8 in Chapter 5, “Martensite,” showed 
that small amounts of retained austenite are present at room temperature 
in steels with carbon content as low as 0.3%. The most significant effect 

Fig. 16.1  Hardness as a function of carbon content for martensitic, ferrite-
pearlite, and spheroidized microstructures in steels. Cross-hatched 
area shows effect of retained austenite. Source: Ref 16.1
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of retained austenite on hardness occurs in steels containing more than 
0.7% C; Fig.16.1 and several of the sets of data in Fig. 16.2 show the de-
crease in hardness that develops with increasing amounts of retained aus-
tenite in high- carbon steels.

Some of the investigators whose data is shown in Fig. 16.2 quenched 
specimens in liquid nitrogen (–196 °C or –320 °F) in order to reduce re-

Fig. 16.2  Summary of hardness of martensite as a function of carbon content 
in Fe-C alloys and steels. From Ref 16.2; investigations listed are 
given in that reference.

Carbon, wt%
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tained austenite and thereby increase hardness. For example, the continu-
ous curve after Bain and Paxton (Ref 16.1), based on as- quenched hardness 
at room temperature, is lower than the dashed curve after Jaffee and Gor-
don (Ref 16.3), who cooled their specimens in liquid nitrogen. The data 
points marked by x’s were taken from specimens cooled in liquid helium 
(–269 °C or –450 °F) (Ref 16.4) and tend to be higher than the hardness 
of steels not as deeply cooled. The effectiveness of the subzero treatments 
is of course greatest in steels containing more than 0.4% C, where signifi-
cant amounts of retained austenite (see Fig. 5.8) may be present at room 
temperature.

Apart from differences in retained austenite content, some of the varia-
tion in the maximum hardness of various carbon levels might also be due 
to aging or differences in austenitic grain size. Figure 16.3 shows that room 
temperature aging significantly increases the hardness of martensitic Fe- 
Ni- C alloys (Ref 16.5, 16.6). Similar hardness changes with time have been 
observed in Fe- C martensites (Ref 16.4); thus, if attention is not paid to the 
time after quenching at which hardness measurements are made, some 
variation contributing to scatter in reported hardness values may occur.

Fig. 16.3  Hardness of Fe-Ni-C alloy martensites at –195 °C (–320 °F) after 
aging for 3 h at the temperatures shown. Source: Ref 16.5
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Austenitic grain size has also been observed to affect the strength of 
martensite in low- carbon steels (Ref 16.7, 16.8). When the austenite grain 
size is reduced, significant increases in strength occur. The relationship 
between austenite grain size and martensite structure is a result of the 
unique structure of martensite in low-  and medium- carbon steels. The 
martensite laths, as described in Chapter 5, “Martensite,” are arranged in 
packets whose size is directly related to austenite grain size (see Chapter 
8, “Austenite in Steel”). Thus, either martensite packet size or austenite 
grain size may be used to correlate with mechanical properties. Figure 
16.4 shows the increase in yield strength with decreasing martensite 
packet size in an Fe- 0.2C alloy. Packet size (D) is plotted as D –1/2 in what 
is referred to as a Hall- Petch plot. An interesting observation is that the 
slope of the Fe- 0.2C martensite curve is steeper than that of lath martens-
ite in an Fe- Mn alloy without carbon. This observation was explained by 
the segregation of carbon atoms to packet boundaries where they make the 
initial yielding process more difficult; the more so, the finer the packet 
size (Ref 16.8).

Martensite Strength

The reason for the very high hardness of carbon- containing martensites 
has long intrigued metallurgists. Cohen in the 1962 Howe Memorial Lec-
ture (Ref 16.5) followed the historical development of the theories of mar-
tensite strength in steels and emphasized the important role that carbon 
atoms trapped in the octahedral interstitial sites play in the strengthening 

Fig. 16.4  Increase in strength of lath martensites with decreasing packet 
size, D. Upper line is for Fe-0.2C martensite; lower line is for 
Fe-Mn martensite. Source: Ref 16.8, 16.9, 16.10
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of martensite. Figure 16.5 shows a schematic representation of the dis-
placement of the iron atoms by carbon atoms in the body- centered tetrago-
nal lattice of martensite. This distortion of the iron lattice makes the 
movement of dislocations very difficult and contributes to the high strength 
of martensite.

In addition to the solid solution strengthening by carbon, the substruc-
ture of martensite also contributes to strength. Chapter 5, “Martensite,” 
showed that martensitic transformation was unique in that it introduced a 
high density of dislocations and/or fine twins into a martensite lath or 
plate. The contribution to the strength of martensite by the substructure 
early- on was assumed to be relatively constant as a function of carbon 
content and, except at low carbon concentrations, does not make nearly as 
great a contribution as does carbon- dependent strengthening. The follow-
ing equation (Ref 16.11, 16.12) for the 0.2% offset yield strength of mar-
tensite (σ0.2), determined from a series of Fe- Ni- C alloys with subzero Ms 

temperatures, permits a quantitative assessment of the carbon and sub-
structure contributions:

σ0.2(MPa) = 461 + 1.31 × 103(% C)1/2 (Eq 16.1)

The second term shows the strong effect of carbon and expresses that the 
strengthening of martensite follows a square- root dependency with respect 
to carbon content, a functional relationship that correlates well with the 
initial rapid increase in strength with carbon content and the more gradual 
strength increases at higher carbon contents. The first term includes the 
strengthening contribution of 20% Ni (20,000 psi, or 138 MPa), the fric-
tion stress or stress to move dislocations in pure bcc iron (10,000 psi, or 

Fig. 16.5  Iron atom displacements due to carbon atoms in martensite. 
Source: Ref 16.5
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69 MPa), and the contribution of the martensitic substructure (37,000 psi, 
or 255 MPa). Equation 16.1 holds for unaged martensite, a result possible 
because of the low Ms temperatures of the Fe- Ni- C alloys. The martensite, 
therefore, was formed and mechanically tested at low temperatures where 
aging was minimal. Carbon steels, especially those of low carbon content, 
have high Ms temperatures and undergo considerable carbon atom rear-
rangement during quenching before reaching room temperature, a process 
referred to as autotempering. The carbon atoms segregate to the disloca-
tion fine structure and/or lath and packet boundaries (Ref 16.13). One re-
sult of the segregation, a very high dependency of strength on packet size, 
has already been mentioned (Ref 16.8). Despite the effects of carbon atom 
segregation, the yield strength of low- carbon martensite still follows a 
square- root dependency on carbon content, as shown in the following 
equation (Ref 16.14):

σ0.2(MPa) = 413 + 1.72 × 103(% C)1/2 (Eq 16.2)

This equation was determined from low- carbon Fe- C alloys containing  
up to 0.2% C and also fits data for martensitic steels containing 0.08 to 
0.24% C and 0.4 to 0.5% Mn (Ref 16.15). Again, the first term includes all 
of the structural contributions to strength, including the austenitic grain 
size or packet size (in this case, austenite grain size was roughly constant, 
between ASTM 7 and 9), lath size, and dislocation fine structure. Equa-
tions 16.1 and 16.2 are based on yield strength. Ultimate tensile strengths 
and hardness are strongly dependent on strain hardening as discussed in 
Chapter 18, “Deformation, Mechanical Properties and Fracture of Quench 
and Tempered Carbon Steels.”

Definitions of Hardenability

The preceding discussion shows that the maximum hardness of any 
steel is associated with a fully martensitic structure. This microstructure, 
however, can be produced only if the diffusion- dependent transformation 
of austenite can be suppressed by sufficiently rapid cooling. There are a 
number of factors that affect cooling rates throughout a given part and the 
response of a given steel to those cooling rates. Thus, the formation of 
martensite and high hardness may vary considerably throughout a given 
cross section or between identical cross sections fabricated from different 
steels. The subject of hardenability deals with the latter variations.

Hardenability is defined as the “susceptibility to hardening by rapid 
cooling” (Ref 16.16), or as “the property, in ferrous alloys, that determines 
the depth and distribution of hardness produced by quenching” (Ref 
16.17). Both of these definitions emphasize hardness. As discussed previ-
ously, the source of hardening is the formation and presence of martensite, 
and therefore a third definition of hardenability, “the capacity of a steel to 
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transform partially or completely from austenite to some percentage of 
martensite at a given depth when cooled under some given conditions,” 
more accurately describes the physical process underlying hardening. 
Siebert, Doane, and Breen in their comprehensive book on hardenability 
prefer the latter structural definition (Ref 16.18).

Hardness Distribution

An experimental approach that demonstrates the striking effect of vari-
ous factors on hardenability is the quenching of series of round bars of 
various diameters. The bars are completely austenitized, quenched, and 
tempered. Hardness readings are then taken along diameters of the bar 
cross sections in order to show the distribution of hardness as a function 
of distance from the surface to the center of the bar.

Figures 16.6 and 16.7 show the results of water quenching bars of SAE 
1045 steel, a plain carbon steel, and SAE 6140 steel, an alloy steel, respec-
tively (Ref 16.16). The chemical compositions of the two steels are given 
in Table 16.1.

Plain carbon and alloy steels are classified by the Society of Automo-
tive Engineers (SAE) and the American Iron and Steel Institute (AISI) and 
are manufactured to various ranges of compositions (Ref 16.19). For ex-
ample, the AISI- SAE specifications for steel designated as 1045 permit 
carbon in the range of 0.42 to 0.50% and manganese in the range of 0.60 
to 0.90%. It is therefore important to state the exact composition of a heat 
of steel (as in Table 16.1) for the most accurate interpretation of the re-
sponse to hardening.

Figure 16.6 shows that the maximum hardness in the SAE 1045 steel 
can be achieved only on the surface of bars with small diameters. Even in 
a 12.7 mm (0.5 in.) diameter bar, the hardness in the interior drops signifi-
cantly. With increasing bar diameter, the surface hardness of the SAE 
1045 steel drops significantly and the center hardness continues to de-
crease. The alloy steel, SAE 6140, on the other hand, develops higher 
hardness than the SAE 1045 steel at all bar diameters (see Fig. 16.7) but 
nevertheless still shows large variations in hardness from the surface to 
the center of the bars, especially in the larger sizes.

Figures 16.6 and 16.7 show the effects of bar diameter and alloy con-
tent on hardness distribution of water- quenched rounds. A third factor that 
influences hardness distribution is the rate of quenching. Figures 16.8 and 
16.9 show the results of oil quenching on the hardness distribution in 
round bars of various diameters for the SAE 1045 and 6140 steels, respec-
tively. Oil is a much less severe quenching medium than water, and so the 
cooling rates of oil- quenched bars are appreciably lower than those of 
water- quenched bars. Figure 16.8 shows that the hardening response of 
the SAE 1045 steel to oil quenching is very low. Even in the 12.7 mm 
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diameter bar the surface hardness is well below the hardness expected 
from a fully martensitic structure of a 0.48% C steel (see Fig. 16.1 and 
16.2). It is apparent, therefore, that the slower cooling associated with oil 
quenching has not been able to prevent the diffusion- controlled transfor-
mation to ferrite and/or pearlite in the SAE 1045 steel. The SAE 6140 
steel, however, hardens well in the same bar sizes (see Fig. 16.9) and only 
in the larger sizes does the hardness distribution fall off significantly.

Comparison of Fig. 16.6 through 16.9 shows that the alloy steel, SAE 
6140, is much more hardenable than the plain carbon SAE 1045 steel. 
SAE 6140 is therefore said to have a higher hardenability than the SAE 
1045 steel. The plain carbon steel can be hardened, but only in small sec-
tions and/or with very severe quenches. Fundamentally, the alloying ele-
ments in the SAE 6140 steel increase the time required for austenite to 

Fig. 16.6  Hardness distributions in water-quenched bars of SAE 1045 steel. 
The various bar diameters are indicated. Source: Ref 16.16
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decompose to ferrite and/or ferrite- cementite mixtures, and thereby make 
it possible to form martensite at lower cooling rates. The effects of alloy-
ing elements on the diffusion- controlled decomposition of austenite in 
many steels are summarized in the IT and CT diagrams contained in the 
atlases described in Chapter 10, “Isothermal and Continuous Cooling 
Transformation Diagrams.”

Fig. 16.7  Hardness distribution in water-quenched bars of SAE 6140 steel. 
The various bar diameters are indicated. Source: Ref 16.16

Table 16.1 Compositions of steels used in 
bar-quenching experiments

Steel

Composition, %

C Mn P S Si Cr V

SAE 1045 0.48 0.60 0.022 0.016 0.17 … …
SAE 6140 0.42 0.73 0.027 0.023 0.25 0.94 0.17



Chapter 16: Hardness and Hardenability / 345

Factors Affecting Cooling Rates

Two important factors influence cooling rates, or the rates at which heat 
can be removed from a steel part. One is the ability of the heat to diffuse 
from the interior to the surface of the steel specimen, and the other is the 
ability of the quenching medium to remove heat from the surface of the 
part.

The ability of a steel to transfer heat is characterized by its thermal dif-

fusivity (units of area per unit time), or the ratio of its thermal conductivity 
to the volume specific heat. The thermal diffusivity of austenitic transfor-
mation products increases with decreasing temperature, and plots of ther-
mal diffusivity and conductivity for various structures as a function of 
temperature are reproduced in Ref 16.18. For a given quenching medium, 
the thermal diffusivity determines the temperature distribution as a func-
tion of position at any given time in the quenching process. For example, 
Fig. 16.10 shows cooling rate as a function of position in a quenched 25 

Fig. 16.8  Hardness distribution in oil-quenched bars of SAE 1045 steel. The 
various bar diameters are indicated. Source: Ref 16.16
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mm (1 in.) diameter bar. The slower cooling rates at positions removed 
from the surface of the bar permit more time for diffusion- controlled 
transformations, and it is this type of cooling behavior that results in the 
low center hardness of the bars shown in Fig. 16.6 to 16.9, especially in 
the larger sizes. Practically, however, little control of thermal properties is 
possible with steels, and the most important control of cooling rates is 
performed by proper selection of quenching media.

The transfer of heat at the interface of a steel part and a quenching me-
dium is a complex process that depends primarily on the emissivity of the 
steel (the rate at which the surface of the steel radiates heat) and convec-
tion currents within the quenching medium that remove heat from the in-
terface. The complexity of the process is illustrated in Fig. 16.11, a curve 
obtained by measuring temperature as a function of time in the center of a 
12.7 mm (0.5 in.) diameter bar of steel during water quenching (Ref 
16.20). Three stages of cooling are shown. The first stage is associated 
with the development of a layer of water vapor or steam immediately ad-

Fig. 16.9  Hardness distributions in oil-quenched bars of SAE 6140 steel. The 
various bar diameters are indicated. Source: Ref 16.16
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jacent to the surface of the steel. The steam insulates the surface and pro-
duces a low cooling rate. In the second stage, the vapor blanket breaks 
down and water comes in contact with the steel. The water vaporizes and 
bubbles away, thereby continually bringing more water in contact with 
the surface. Cooling is quite rapid in this stage. When the surface tem-
perature of the steel drops below the boiling point, vaporization stops and 
cooling is controlled by convection and conduction at the fluid- metal in-
terface. The latter or third stage is characterized by relatively slow rates 
of cooling.

Fig. 16.10  Cooling curves at various positions in a 25.5 mm (1 in.) diameter 
bar quenched with  a severity of  quench H  = 4.  Source: Ref 16.16

Fig. 16.11  Stages of cooling during water quench. Source: Ref 16.21
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Understanding the cooling process has important practical conse-
quences. For example, if the low cooling rate of the first stage results in 
ferrite or pearlite, efforts should be made to increase the cooling rate in 
this stage. Agitation of the part or the quenchant and the use of brine solu-
tions for quenching are effective in reducing the duration of the first stage 
of cooling.

Severity of Quench

The effectiveness of a given quenching medium is ranked by a param-
eter referred to as its severity of quench (or quench severity). This measure 
of cooling or quenching power is identified by the letter “H” and is deter-
mined experimentally by quenching a series of round bars of a given steel. 
Figure 16.12 shows schematically the results of oil and water quenching 
bars of SAE 3140 steel (Ref 16.16). SAE 3140 is a nickel- chromium alloy 
steel containing nominally 0.40% C. The cross- hatched areas represent 
the unhardened areas of the various bars, assuming that less than 50% 
martensite represents an unhardened microstructure. The larger the bar 
diameter (D), the greater is the unhardened diameter (Du). Figure 16.13 
plots the results of Fig. 16.12 as Du/D versus D for both the oil-  and water- 
quenched series. The steeper curve is associated with the oil quench, a 
result of the reduced ability of oil quenching to produce hardening in 
heavier sections. When the curves of Fig. 16.13 are matched to one of the 
large number of calculated curves that are characteristic of a wide range 

Fig. 16.12  Schematic representation of extent of hardening in oil-quenched 
and water-quenched bars of SAE 3140 steel of various diam-

eters. The cross-hatched areas represent the unhardened core. Source: Ref 16.16
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of quench severities (see Fig. 16.14), H can be determined. The matching 
can be performed by plotting Du/D versus D as in Fig. 16.13 on transpar-
ent paper and finding the best correspondence to a Du/D versus HD curve 
in Fig. 16.14. When the HD values are divided by corresponding D val-
ues, the H value is obtained. For example, point A in Fig. 16.13, corre-

Fig. 16.13  Ratio of unhardened to hardened diameters as a function of bar 
diameter for oil- and water-quenched bars of 3140 steel. Source: 
Ref 16.16

u

Fig. 16.14  Curves Du /D vs. D or HD for estimating severity of quench (H ) for quenching baths. Source: Ref 16.16

u
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sponding to a bar diameter of 4.65 cm (1.83 in.), would fall on an  
HD value of 2.6 in Fig. 16.14 when the curves are matched. Then H =  
2.6/1.83 = 1.4 for the water quench of this example.

Table 16.2 lists H values for a number of commonly used quenches. 
The increase in severity of quench from air, H = 0.02, through brine 
quenching, H = 2, is shown. Also, the very strong effect of agitation or 
circulation on increasing the severity of quench in any given quenching 
medium is apparent. Another useful ranking of quenching media relative 
to water is shown in Table 16.3. This table not only ranks the cooling 
media, but also shows the large number of media available for cooling at 
various rates.

Table 16.3 was compiled in the mid- twentieth century. Since that time, 
quenching and quenching media have received considerable attention 
from the heat treating community (Ref 16.24, 16.25). In particular, a no-
table addition to available quenching media has been made possible by the 
development of polymer quenchants. The latter quenching media have 

Table 16.2 Severity of quench (H) for various quenching 
media

Circulation Air Oil Water Brine

No circulation of fluid or agitation of piece 0.02 0.25–0.30 0.9–1.0 2
Mild circulation (or agitation) … 0.30–0.35 1.0–1.1 2–2.2
Moderate circulation … 0.35–0.40 1.2–1.3 …
Good circulation … 0.4–0.5 1.4–1.5 …
Strong circulation 0.05 0.5–0.8 1.6–2.0 …
Violent circulation … 0.8–1.1 4 5

Source: Ref 16.16, 16.22

Table 16.3 Relative cooling rates in different quenching media

Quenching medium

Cooling rate(a) from  

717–550 °C (1328–1022 °F) 

relative to that for water at 

18 °C (65 °F) Quenching medium

Cooling rate(a) from  

717–550 °C (1328–1022 °F) 

relative to that for water at 

18 °C (65 °F)

Aqueous solution, 10% LiCl 2.07 Oil 20204 0.20
Aqueous solution, 10% NaOH 2.06 Oil, Lupex light 0.18
Aqueous solution, 10% NaCl 1.96 Water at 50 °C (120 °F) 0.17
Aqueous solution, 10% Na2CO3 1.38 Oil 25441 0.16
Aqueous solution, 10% H2SO4 1.22 Oil 14530 0.14
Water at 0 °C (32 °F) 1.06 Emulsion of 10% oil in water 0.11
Water at 18 °C (65 °F) 1.00 Copper plates 0.10
Aqueous solution, 10% H3PO4 0.99 Soap water 0.077
Mercury 0.78 Iron plates 0.061
Sn30Cd70 at 180 °C (355 °F) 0.77 Carbon tetrachloride 0.055
Water at 25 °C (75 °F) 0.72 Hydrogen 0.050
Rapeseed oil 0.30 Water at 75 °C (165 °F) 0.047
Trial oil No. 6 0.27 Water at 100 °C (210 °F) 0.044
Oil P20 0.23 Liquid air 0.039
Oil 12455 0.22 Air 0.028
Glycerin 0.20 Vacuum 0.011

(a) Determined by quenching a 4 mm nichrome ball, which when quenched from 860 °C (1580 °F) into water at 18 °C (65 °F) cooled at 
the rate of 1810 °C (3260 °F) per second over the range 717 to 550 °C (1328 to 1022 °F). This cooling rate in water at 18 °C (65 °F) is 
rated as 1.00 in the table, and the rates in the other media are compared with it.
Source: Ref 16.16, 16.23
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quenching severities comparable to oil quenches, but are nonflammable 
and less environmentally damaging with respect to vapors and disposal.

Quantitative Hardenability

Up to this point a number of important aspects of hardenability have 
been described. High hardness is related to martensite formation, which in 
turn is dependent on cooling rate. Cooling rate is affected by both speci-
men size and severity of quench. However, there still remain the questions 
as to how hardenability is evaluated as a function of steel composition and 
how the effect of the large number of quenching media on hardness distri-
bution can be evaluated without the time- consuming approach of quench-
ing a series of round bars in the various media. The first and now classical 
approach to these questions, described next, was developed in the 1930s 
and 1940s by Grossmann and Bain (Ref 16.16) and their many colleagues 
and contemporaries.

The Grossmann- Bain approach to hardenability is based on the defini-
tion of two parameters: the critical size and the ideal size. The critical size 
is the largest size of a bar quenched in a given medium that contains no 
unhardened core after quenching. An important aspect of this definition is 
that the hardness that separates the hardened from the unhardened core of 
a bar is associated with a microstructure assumed to contain only 50% 
martensite. This assumption underlies all of the graphical information as-
sociated with the Grossmann- Bain approach to hardenability. The reason 
for selecting the 50% martensite criterion for the critical diameter is shown 
in Fig. 16.15. Etching differences between the hardened surface of a bar 
and the unhardened center are most clearly developed close to the 50% 
martensite- 50% pearlite zone in a bar. Likewise, when a quenched bar is 
broken, the same 50% martensite zone correlates well with a transition 
from very smooth or faceted intergranular fracture (now known to be re-
lated to austenitizing and the presence of impurities such as phosphorus) 
associated with a predominantly martensitic structure to a rough, trans-
granular surface associated with ductile fracture of the softer nonmartens-
itic transformation products of austenite. Therefore, both etching and 
fracture observations, frequently on a macroscopic scale, could be readily 
used to evaluate depth of hardening at the 50% martensite level. Detection 
of martensite at levels above 50% in the microstructure would be much 
more difficult.

Not only does the etching and fracture response of a quenched bar 
change abruptly at the 50% martensite level, but hardness also changes 
rapidly as bar diameter increases through those associated with 50% mar-
tensite. Figure 16.16 shows center hardness as function of bar diameter for 
the chromium- nickel SAE 3140 steel quenched in oil and water. Each 
quenching medium produces a different critical diameter associated with 
the rapid changes in hardness with bar diameter close to Rockwell C 50. 
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Fig. 16.15  Transition from martensitic to pearlitic microstructure between 
hardened and unhardened zones of a quenched steel. Source: 
Ref 16.16

Fig. 16.16  Hardness at the center of water- and oil-quenched bars of SAE 
3140 steel of various diameters. Source: Ref 16.16

Diameter of sample, in.

Diameter of sample, mm

0 1 2 3 4 5

0 25 50 75 100 125



Chapter 16: Hardness and Hardenability / 353

Judging the position of 50% martensite from hardness changes with bar 
diameter can be difficult, as for example in the water- quenching data of 
Fig. 16.16. Therefore, the probable hardness associated with a 50% mar-
tensite structure, similar to those given for fully martensitic microstruc-
tures in Fig. 16.1 and 16.2, was determined as a function of carbon content. 
Figure 16.17 shows such a plot based on data from plain carbon steels. 
Alloy steels are expected to show somewhat higher hardness values, as is 
the case for the SAE 3140 steel. From Fig. 16.17, the hardness at 50% 
martensite for a 0.40% C steel would be expected to be Rockwell C 40, 
but Fig. 16.16 shows that the critical diameter was selected at Rockwell C 
50. A possible explanation for this discrepancy may be the presence of 
large amounts of bainite having relatively high hardness together with 
50% martensite in alloy steels, whereas ferrite and pearlite of relatively 
lower hardness might coexist with 50% martensite in plain carbon steels.

In summary of the preceding discussion, the critical size or diameter of 
a steel of given composition is directly related to a given quenching me-
dium. The higher the quench severity, the greater is the critical size. The 
ideal size, on the other hand, is defined as the size of bar hardened to 50% 
martensite by a theoretically perfect quench in which it is assumed that the 
quench severity is infinite and the surface of the bar cools instantly to the 
temperature of the quenching medium. The ideal size is a true measure of 
the hardenability associated with a given steel composition, and it can also 
be used to determine the critical size of the steels quenched in media of 
different quench severities.

Figures 16.18 and 16.19 show plots of critical size (D ) versus ideal size 
(DI) for various quench severities (H ). The straight line associated with a 
theoretically infinite quench severity shows that the critical size equals the 

Fig. 16.17  Hardness as a function of carbon content for quenched struc-
tures that contain 50% martensite. Source: Ref 16.16
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ideal size for a theoretically perfect quench. However, Fig. 16.18 and 
16.19 show that as quench severity decreases, the critical size for a given 
DI decreases. Thus, the concept of the ideal size permits a rapid estimate 
of the bar size that will harden to the 50% martensite level in quenches 
over the entire range of severities. Similar curves between critical plate 
thickness, ideal plate thickness, and quench severity have also been devel-
oped (Ref 16.16).

Fig. 16.18  Relationship between actual critical size (D ), ideal critical size 
(DI), and severity of quench (H ). Source: Ref 16.16

Fig. 16.19  Relationships similar to those shown in Fig. 16.18 but at a larger 
scale. Source: Ref 16.16
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Determination of Ideal Size—Quantitative 
Approaches

As noted in the preceding section, the ideal diameter is a true measure 
of the hardenability of a steel and can be used to compare the hardening 
response of different steels to the same quenching medium. In the classi-
cal Grossmann- Bain approach to hardenability, three factors, austenitic 
grain size, carbon content, and alloy content, have been considered to af-
fect the ideal diameter. An increase in any of these factors was shown to 
reduce the rate at which the diffusion- controlled transformations of aus-
tenite occur and thereby makes martensite formation more likely at a 
given cooling rate. The end of this section discusses limitations and modi-
fied approaches to this classical determination of ideal diameters.

Figure 16.20 shows the relationship of ideal diameter to carbon content 
and austenite grain size. This plot is used to establish a base hardenability, 
DI, for a steel based on its carbon content and grain size. The base harden-
ability is then multiplied by factors as given in Fig. 16.21 for the various 
concentrations of alloying elements. As an example, Table 16.4 shows 
multiplying factors for concentrations of elements in a nickel- chromium 
steel containing 0.5% C (Ref 16.16). If the steel has an austenitic grain 
size of No. 7, then the base ideal diameter from Fig. 16.20 is 6.1 mm  
(0.24 in.). After multiplying by the factors in Table 16.4, an ideal diameter 

Fig. 16.20  Hardenability, expressed as ideal critical size, as a function of 
austenite grain size and carbon content of iron-carbon alloys. 
Source: Ref 16.16
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of 61 mm (2.4 in.) is obtained for the steel. The multiplying factors have 
been reviewed and revised over the years, and the reader is referred to Ref 
16.18 for an extensive compilation of multiplying factors for the most 
common alloying elements.

Table 16.5 lists ranges of D1 for a number of commercial steels. Com-
positions of these steels are given in Ref 16.19. The letter H at the end of 
the SAE- AISI designation indicates that the steels are produced to speci-
fied hardenability limits. The range in D1 for a given steel is a result of the 
acceptable ranges of composition for that grade and other factors such as 
heat treatment conditions and the concentrations of residual elements.

For the application of the classical approach to hardenability, it is often 
assumed that all the alloying elements, as determined by a heat analysis, 
are in solution during austenitizing prior to quenching for martensite for-
mation. However, for most hardenable steels the recommended tempera-
tures and times for austenitizing are too low for the complete solution of 
carbides that are present prior to austenitizing, as for example those in 
as- rolled ferrite/pearlite microstructures or spheroidized microstructures. 
Strong carbide- forming elements, such as chromium, molybdenum, and 

Table 16.4 Composition and multipliers for 
a Ni-Cr steel

Element Concentration, % Multiplier

Carbon 0.50 0.24
Manganese 0.80 3.7
Silicon 0.25 1.2
Nickel 1.00 1.4
Chromium 0.28 1.6

Fig. 16.21  Multiplying factors as a function of the concentration of various 
common alloying elements in alloy steels. Source: Ref 16.16
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manganese, are incorporated into the carbides, and slow their diffusion- 
controlled solution in austenite. Retained carbides therefore lower the 
amount of both carbon and alloying elements in the austenite that promote 
hardenability.

Early on, in a 1942 publication, Grossman, aware of undissolved car-
bides, made the following statement: ”It should be emphasized that in 
chromium steels (over 0.30% Cr) and Cr- Mo and Cr- V steels, undissolved 
carbides are likely to be present in the steel as- quenched, and that in such 
cases the charts can indicate only a maximum possible hardenability, 
whereas the extent of hardening actually obtained may be much less” (Ref 
16.26).

This qualifying statement about the determination of ideal diameters is 
still valid for the low- alloy low-  and medium- carbon steels most fre-
quently hardened. Higher austenitizing temperatures will cause more  
carbides to dissolve and thereby will increase hardenability, but in higher- 
carbon steels with carbon contents approaching 0.5 wt% may cause ad-
verse fracture resistance in the form of quench cracking and quench 
embrittlement.

For high- carbon steels, containing 0.60 to 1.10 wt% carbon, Jatczak 
extended the Grossmann- Bain approach to hardenability, and developed 
two sets of alloy multiplying factors depending on austenitizing tempera-
ture (Ref 16.27). At temperatures within the two- phase austenite/carbide 
phase field, multiplying factors are lower than when steels are fully aus-

Table 16.5 Hardenabilities (stated as a range  
of D1 values) for various steels

Steel D1 Steel D1 Steel D1

1045 0.9–1.3 4135 H 2.5–3.3 8625 H 1.6–2.4
1090 1.2–1.6 4140 H 3.1–4.7 8627 H 1.7–2.7
1320 H 1.4–2.5 4317 H 1.7–2.4 8630 H 2.1–2.8
1330 H 1.9–2.7 4320 H 1.8–2.6 8632 H 2.2–2.9
1335 H 2.0–2.8 4340 H 4.6–6.0 8635 H 2.4–3.4
1340 H 2.3–3.2 X4620 H 1.4–2.2 8637 H 2.6–3.6
2330 H 2.3–3.2 4620 H 1.5–2.2 8640 H 2.7–3.7
2345 2.5–3.2 4621 H 1.9–2.6 8641 H 2.7–3.7
2512 H 1.5–2.5 4640 H 2.6–3.4 8642 H 2.8–3.9
2515 H 1.8–2.9 4812 H 1.7–2.7 8645 H 3.1–4.1
2517 H 2.0–3.0 4815 H 1.8–2.8 8647 H 3.0–4.1
3120 H 1.5–2.3 4817 H 2.2–2.9 8650 H 3.3–4.5
3130 H 2.0–2.8 4820 H 2.2–3.2 8720 H 1.8–2.4
3135 H 2.2–3.1 5120 H 1.2–1.9 8735 H 2.7–3.6
3140 H 2.6–3.4 5130 H 2.1–2.9 8740 H 2.7–3.7
3340 8.0–10.0 5132 H 2.2–2.9 8742 H 3.0–4.0
4032 H 1.6–2.2 5135 H 2.2–2.9 8745 H 3.2–4.3
4037 H 1.7–2.4 5140 H 2.2–3.1 8747 H 3.5–4.6
4042 H 1.7–2.4 5145 H 2.3–3.5 8750 H 3.8–4.9
4047 H 1.8–2.7 5150 H 2.5–3.7 9260 H 2.0–3.3
4047 H 1.7–2.4 5152 H 3.3–4.7 9261 H 2.6–3.7
4053 H 2.1–2.9 5160 H 2.8–4.0 9262 H 2.8–4.2
4063 H 2.2–3.5 6150 H 2.8–3.9 9437 H 2.4–3.7
4068 H 2.3–3.6 8617 H 1.3–2.3 9440 H 2.4–3.8
4130 H 1.8–2.6 8620 H 1.6–2.3 9442 H 2.8–4.2
4132 H 1.8–2.5 8622 H 1.6–2.3 9445 H 2.8–4.4

Source: Ref 16.16
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tenitized at higher temperatures, above the ACM temperature. Again, the 
reduced hardenability when alloy carbides are retained during austenitiz-
ing is a result of both the carbon and the alloying elements tied up in the 
carbides. Although the hardenability is lower, the mechanical properties 
of the martensite/carbide microstructures are excellent for applications 
such as bearings.

Over time the need to establish an austenitic grain size to determine 
hardenability has been largely eliminated, and grain size has been assumed 
to be constant at ASTM No. 7 (Ref 16.28). The reason for this change is 
that most low- alloy, medium- carbon hardenable steels are aluminum- 
killed and therefore fine- grained to austenitizing temperatures well above 
those recommended for industrial austenitizing, as shown in Fig. 8.16 in 
Chapter 8, “Austenite in Steel.”. Despite the constant austenitic grain size 
over a range of temperatures in aluminum- killed steels, the amount of re-
tained carbides, and therefore the hardenability, will vary depending on 
the austenitizing conditions used below the grain- coarsening temperature.

The Caterpillar Company developed a personal- computer- based pro-
gram, the Caterpillar Hardenability Calculator (1E0024), that calculates 
Jominy curves based on steel composition (Ref 16.29). Thousands of 
heats of low- alloy steels such as AISI 41xx and 86xx steels were used to 
refine multiplying factors according to the Grossmann approach to hard-
enability. The calculator assumes an austenite grain size of ASTM Num-
ber 7 and provides multiplying factors for boron and nonboron steels. 
Copies of the Calculator can be obtained by directions given in Ref 16.29.

Jominy Test for Hardenability

Another important approach to the evaluation of hardenability is the use 
of the end- quench test developed by Walter Jominy and Alfred Boegehold 
while at the General Motors Laboratories in 1938 (Ref 16.30). The test is 
now commonly referred to as the Jominy test or Jominy end- quench test, 
and has the great advantage of characterizing the hardenability of a given 
steel from a single specimen rather than from a series of round bars. With 
identification of starting structures and austenitizing conditions, factors 
that affect undissolved carbides that influence hardenability as discussed 
in the previous section, it provides an excellent characterization of hard-
enability based on chemistry and microstructure.

Figure 16.22 shows the shape and dimensions of a Jominy specimen 
and the fixture for supporting the specimen in a quenching system. The 
specimen is cooled at one end by a column of water; thus, the entire speci-
men experiences a range of cooling rates between those associated with 
water cooling and those associated with air cooling. After quenching, par-
allel flats are ground on opposite sides of the specimen, and hardness 
readings are taken every 1⁄16 in. from the quenched end and plotted as 
shown in Fig. 16.23. Hardenability differences between different grades 
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of steels can be readily compared if Jominy curves are available. For ex-
ample, Fig. 16.24 shows hardenability differences between different grades 
of alloy steels containing 0.5% C. Higher hardness persists to greater dis-
tances from the quenched end in the more hardenable steels.

The Jominy test method is now standardized in specifications of ASTM 
International (ASTM A255) and the Society of Automotive Engineers 
(SAE Standard J406). Figure 16.25 shows the method of presentation of 
the end- quench data for a single heat of AISI 8650 steel (Ref 16.31). For 
any grade of steel, a hardenability band (see Fig. 16.26) develops because 
of the small variations in composition allowable in the grade. The SAE/ 
AISI steels designated by the letter H (H- steels) are guaranteed to meet 
established hardenabilities.

A very important feature of the Jominy test is that each position of the 
specimen corresponds to a well- known cooling rate. The top scale of Fig. 
16.25 shows approximate cooling rates corresponding to positions on the 
Jominy specimen. As discussed previously, it is the cooling rate that deter-
mines the amount of martensite, and therefore the degree of hardness, that 
develops at a given point in a steel specimen. Therefore, if cooling rates as 
a function of position in parts of various geometries are known, it is pos-
sible to use Jominy curves to plot hardness profiles in the parts. Such cor-

Fig. 16.22  Jominy-Boegehold specimen for end-quench test for hardenabil-
ity. Source: Ref 16.16
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Fig. 16.23  Method of plotting hardness data from an end-quenched Jominy 
specimen. Source: Ref 16.21

Fig. 16.24  Results of end-quench tests for four different grades of alloy 
steels, all containing 0.5% C. Source: Ref 16.21
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relations of cooling rate as a function of position in various sizes of bars 
and plates quenched in various media are available (Ref 16.31). Figure 
16.27 shows equivalent cooling rates for four positions in round bars 
quenched in water and oil. As bar diameter increases, the cooling rates at 
the surface and interior points decrease (see top scale of Fig. 16.27). The 

Fig. 16.25  Method for presenting end-quench hardenability data. 
Data presented here are for AISI 8650 steel. Note rela-

tionship of cooling rate (top) to distance from the quenched end. Source: 
Ref 16.31

Fig. 16.26  Hardenability band for 8750H steel. Source: Ref 16.21.
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cooling rates correspond to equivalent distances from the quenched end 
(see bottom scale of Fig. 16.27), and those distances can be used to de-
termine the hardness distribution in the rounds from appropriate Jominy 
curves.

The use of the Jominy data as just described is a highly accurate method 
of selecting steels of just the right hardenability for a given required hard-

Fig. 16.27  Equivalent cooling rates for round bars quenched in (a) water and (b) oil. Correlation 
of equivalent cooling rates in the end-quenched hardenability specimen and

quenched round bars free from scale. Data for surface hardness are for “mild agitation;” other data are 
for 60 m/min (200 ft/min). Source: Ref 16.31
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ness distribution. A steel that will not only satisfy the hardness require-
ments but also has just the right alloy content can be selected, therefore 
permitting selection at minimum cost from the many steels that might 
have sufficient or even excess hardenability for the application. On the 
other hand, alloy steels that can be hardened by moderate quenching may 
be selected to replace leaner steels in which the severe quenching required 
to obtain high hardness causes quench cracking.

Boron Effects and Hardenability

Boron in carbon steels is a unique alloying element, and sometimes a 
residual element from steelmaking, in carbon steels (Ref 16.32–16.35). 
Boron is a very strong nitride- forming element, ranking second only to 
titanium, as shown in Chapter 8, “Austenite in Steel,” and provides much- 
enhanced hardenability in low-  and medium- carbon steels with only very 
small additions. The strong nitride- forming ability of boron for some ap-
plications of low- carbon steels makes boron additions desirable to remove 
nitrogen from solution in ferritic microstructures in which, if present, it 
significantly reduces ductility and raises brittle- to- ductile impact transi-
tion temperatures, as discussed in Chapter 12, “Low Carbon Steel.” Simi-
larly, boron is added to some German grades of carburizing steels for the 
purpose of improving toughness by removing nitrogen from solution in 
high- carbon hardened microstructures.

Enhanced hardenability is the major reason for the addition of boron to 
steel. However a number of factors must be in place in order for the boron 
to be effective. First and foremost, the boron must be prevented from 
combining with nitrogen, which is accomplished by “protecting” the 
boron by the addition of the stronger nitride- forming element titanium. 
According to Thelning (Ref 16.36), the amount of titanium required to 
protect boron is given by the following equation:

% Ti = 5(%N – 0.003) (Eq. 16.3)

Another factor regarding the effectiveness of boron for increased harden-
ability is the need to austenitize at a critical range of temperature prior to 
quenching for hardening. The mechanism by which boron increases hard-
enability is the segregation of boron to austenite grain boundaries, reduc-
ing the ability of ferrite to nucleate and grow at the austenite grain 
boundaries. At high austenitizing temperatures, the face- centered cubic 
matrix structure of the austenite is relaxed and can accommodate the 
boron atoms, making the boron ineffective. However, at lower tempera-
tures, the boron atoms cannot be accommodated and to relieve matrix 
strain the boron atoms diffuse to austenite grain boundaries and improve 
hardenability. This effect of austenitizing temperature on the segregation 
of boron to austenite grain boundaries has been convincingly shown by 
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ion microprobe analysis by Ohmori and Yamanaka (Ref 16.37). At an aus-
tenitizing temperature of 930 °C (1705 °F) the grain boundary segregation 
of boron was much higher than after austenitizing at 1130 °C (2065 °F). At 
lower austenitizing temperatures iron borocarbide particles form, as dis-
cussed below, and reduce boron effectiveness in promoting hardenability.

A remarkable aspect regarding the effectiveness of boron on hardern-
ability is that only very small amounts, on the order of 0.001% or 10 parts 
per million (ppm) by weight, are necessary in contrast to much larger 
amounts of substitutional alloying elements such as chromium, molybde-
num, and nickel that are added to steels to promote hardenability. Fig. 
16.28 shows the very strong effect of small amounts of boron on the hard-
enability of a low- carbon steel. The effect of boron peaks at around 
0.001% B and then drops to a stable level as a result of iron borocarbide 
formation. Repeated heat treatments may reduce the effectiveness of 
boron on hardenability, an effect termed boron fade, also due to iron boro-
carbide formation. If austenitizing temperatures are high, nitrides formed 
by elements such as aluminum, vanadium, or niobium may go into solu-
tion with the nitrogen and then combine with the boron, reducing its ef-
fectiveness in providing hardenability.

Another factor that must be considered in the application of boron for 
hardenability is steel carbon content. Boron segregated at austenite grain 
boundaries is very effective in retarding the nucleation of ferrite, the major 
phase that limits hardenability in low- carbon steels, and ferrite is a major 
component of bainite in medium- carbon steels, in which, if formed, it 
lowers hardness relative to martensite. However, with increasing steel car-
bon content, the effectiveness of boron on hardenability decreases and 

Fig. 16.28  Hardenability of an 8620 type steel, as measured by ideal diam-
eter and multiplying factor, as a function of effective boron con-
tent. Source: Ref 16.38
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effectively becomes negligible at carbon concentrations between 0.7 and 
0.9%, as shown in Fig. 16.29.

As noted previously, a factor that limits the effectiveness of boron is  
the formation of iron borocarbides. These crystals have the chemistry 
M23(B,C)6, where M represents the metal fraction, consisting mainly of 
iron but also Mn and Cr (Ref 16.40). As a result of being tied up in the 
borocarbide, boron is not able to segregate and hardenability is reduced. 
There is a temperature above which the borocarbides do not form, and that 
temperature provides a lower boundary for the austenitizing of boron- 
containing steels. The formation of iron borocarbides is diffusion depen-
dent and related to carbon and boron content, temperature, and time. 
Figure 16.30, taken from extensive studies by Taylor and Hansen of  
0.2% C boron- containing steels subjected to various processing condi-
tions, shows combinations of boron and carbon content and temperature 
for which M23(B,C)6 particles form (Ref 16.41, 16.42). Delay times prior 
to quenching were not influential except in the steels containing more than 
50 ppm B. The dashed horizontal line is the temperature above which the 
borocarbides are not stable and will not form.

A phenomenon termed superhardenability has been associated with 
heats of steel thoroughly deoxidized with additions of aluminum and/or 
titanium, and superheated prior to teeming. An examination of a 0.30% C 
steel containing small amounts of the alloying elements nickel, chromium, 
and molybdenum and the nitride- forming elements aluminum and tita-
nium, in which superhardenability was observed, showed that although 
boron was not added, the residual amount of boron of typically 3 ppm 
after steelmaking was raised by severe deoxidation to 8 ppm (Ref 16.43, 
16.44). That boron was then protected by a residual titanium content of 
0.04 wt%, and the hardenability as measured by Jominy testing was much 
higher than that compared to an almost identical steel with lower titanium 

Fig. 16.29  Decrease in the boron factor (BF) with increasing steel carbon 
content. Source: Ref. 16.39
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content. Without high titanium content, boron nitrides formed and reduced 
the effectiveness of residual boron on hardenability.

Phosphorus Effects and Hardenability

Phosphorus in steels is residual from steelmaking and is kept low be-
cause of its association with various forms of intergranular embrittlement 
that increase susceptibility to brittle fracture along prior austenite grain 
boundaries in hardened steels, as described in Chapter 19, “Low Tough-
ness and Embrittlement Phenomena in Steels.” The embrittlements are in 
part related to the known segregation of phosphorus to austenite grain 
boundaries during austenitizing prior to quenching, and are enhanced by 
other factors such as high carbon contents and hydrogen.

Apart from contributions to embrittlement, there are other effects of 
phosphorus related to microstructural changes in hardened steels. A strong 
effect is the ability of phosphorus to reduce the rate of hardness decrease 
during tempering of martensitic microstructures (Ref 16.45). This effect is 
related to observations that cementite particles resist coarsening and 
spheroidization, thereby slowing softening, in steels with higher phospho-

Fig. 16.30  Ranges of boron segregation and M23(B,C)6 precipitation as a 
function of quenching temperature and the product of B and C 
concentrations. Source: Ref 16.41
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rus contents (Ref 16.46, 16.47), an effect attributed to the rejection of 
phosphorus from the crystal structure of cementite similar to the rejection 
of silicon from cementite. Direct evidence of the rejection of phosphorus 
from cementite has been shown by atom probe tomography (Ref 16.48).

Hardenability is also increased by higher phosphorus concentrations, 
provided steel carbon content is also high. Fig. 16.31 shows Jominy end- 
quench curves for 4130, 4140, and 4150 steels each with two levels of 
phosphorus (Ref 16.49,16.50). Phosphorus has almost no effect on hard-
enability in the 4130 steels, but an increasing effect as steel carbon content 
increases. Even with low phosphorus, increasing carbon content increases 
hardenability. The first decreases in hardness in the Jominy curves are as-
sociated with the formation of upper bainite, and the reduced rate of the 
bainite formation was related to retardation of the nucleation of the upper 
bainite at austenite grain boundaries. Once the bainite colonies had nucle-
ated, their growth was unaffected by elevated phosphorus content.

The combined effect of carbon and phosphorus on hardenability is sim-
ilar to the combined effect of carbon and phosphorus on quench embrittle-
ment. When carbon content is low, even with higher phosphorus contents, 
hardenability is unaffected, and fracture in as- quenched or quenched- and- 
low- temperature- tempered low- alloy steels such as 4130 is ductile and 
does not occur by intergranular cracking. Thus the combination of phos-
phorus segregation and cementite formation, as occurs at austenite grain 
boundaries in higher carbon steels, produces a beneficial effect on harden-
ability but a negative effect on fracture and toughness.

Summary

A knowledge of hardenability is essential for the selection of steels, the 
design of their microstructures and properties for demanding applications, 
and the manufacturing, thermal processing, and heat treatments used to 
produce those microstructures and properties. There are many interrelated 
components of hardenability, ranging from the effect of alloying on the 
diffusion- controlled kinetics of solid- state phase transformations to the 
characterization of the heat transfer mechanisms of quenching media. In 
the 1970s two valuable symposia evaluated the state of the art of harden-
ability: Hardenability Concepts with Applications to Steel (Ref 16.51) and 
The Hardenability of Steels—Concepts, Metallurgical Influences and In-

dustrial Applications (Ref 16.18). A detailed review of these two confer-
ences is given in Ref 16.52. Much of the Grossmann- Bain approach 
remains a framework for establishing the hardenability of steels, but con-
tinued research and application have focused on modeling, assessment, 
and the integration of the many factors that influence hardenability of low- 
alloy carbon steels (Ref 16.29, 16.53–16.55). The Jominy end- quench test 
remains an extremely powerful experimental method to assess with re-
spect to hardenability not only the chemistry of a steel but also micro-
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Fig. 16.31  Jominy end-quench curves for 4130 (top), 4140 (middle), and 
4150 (bottom) steels each with low (0.002 %) and high (0.018 %) 
levels of phosphorus. Source: Ref 16.49
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structural condition during austenitizing. The emphasis on quenching and 
quenchants presented in Ref 16.24 and 16.25 has been supplemented by 
two excellent reviews of the characterization, measurement, and control 
of cooling and heat transfer during quenching, factors that are essential in 
the manufacturing achievement of hardness by martensite formation (Ref 
16.56, 16.57).
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CHAPTER 17

Tempering of Steel

MOST STEELS that are hardened are subjected to a subcritical heat 
treatment referred to as tempering. Tempering improves the toughness of 
as- quenched martensitic microstructures but lowers strength and hard-
ness. This chapter describes the mechanical property and microstructural 
changes that develop during tempering. The most important structural 
changes involve the formation of various distributions of ferrite and car-
bides as the supersaturation of as- quenched martensite is relieved and 
equilibrium mixtures of phases are approached with increased tempering 
intensity. Embrittlement phenomena that develop on tempering and addi-
tional characterization of quenched and tempered steel mechanical behav-
ior are presented in later chapters.

Mechanical Property Changes

Martensite, the object of the quenching treatments described in Chapter 
16, “Hardness and Hardenability,” is quite hard but may be very brittle. 
The low toughness of martensitic microstructures is due to a number of 
factors that may include the lattice distortion caused by carbon atoms 
trapped in the octahedral sites of the martensite (see Fig. 16.5 in Chapter 
16, “Hardness and Hardenability”), impurity atom segregation at austenite 
grain boundaries, carbide formation during quenching, and residual 
stresses produced during quenching. Tempering is the heat treatment of 
hardened steels that has reduction of brittleness or increased toughness as 
its major objective. Any temperature up to the lower critical may be used 
for tempering; thus, an extremely wide variation in properties and micro-
structure ranging from those of as- quenched martensite to spheroidized 
carbides in ferrite can be produced by tempering. Ultimately it is the bal-
ance of hardness (or strength) and toughness required in service that de-
termines the conditions of tempering for a given application. In addition 
to the tempering- induced changes in properties outlined in this chapter, 
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Chapter 18, “Deformation, Mechanical Properties, and Fracture of Quench 
and Tempered Carbon Steels,” describes in more detail the effect of tem-
pering on deformation, properties, and fracture of hardened carbon steels.

Figure 17.1 shows impact toughness as a function of tempering tem-
perature for hardened 0.4 and 0.5% C steels (Ref 17.1). There are two 
tempering temperature ranges that produce significant improvement in 
toughness from that of the as- quenched state. Tempering in the range of 
150 to 200 °C (300 to 400 °F) produces a modest increase in toughness 
that is adequate for applications that require high strength and fatigue re-
sistance (medium- carbon steels) or where loading is primarily compres-
sive as in bearings and gears (high- carbon steels). The latter applications 
require the high hardness and associated good wear resistance that high- 
carbon martensite and light tempers provide. Above 425 °C (800 °F) is  
the other important tempering temperature range. Figure 17.1 shows that 
toughness improves significantly after tempering in this range, but as 
noted subsequently, hardness and strength also decrease significantly. 
Therefore, tempering above 425 °C is used where high toughness is of 
major concern, and strength and hardness are important but of secondary 
concern. Figure 17.1 shows that toughness may actually decrease if steels 
are tempered in the range of 260 to 370 °C (500 to 700 °F). This decrease 
in toughness is referred to as tempered martensite embrittlement, 350 °C 
embrittlement, or 500 °F embrittlement, and is discussed in more detail in 
Chapter 19, “Low Toughness and Embrittlement Phenomena in Steels.” 
As a result of this embrittlement, the tempering range between 260 and 
370 °C is generally avoided in commercial practice. Another type of em-
brittlement, temper embrittlement, may develop in martensitic steels tem-

Fig. 17.1  Impact toughness as a function of tempering temperature of hard-
ened, low-alloy, medium-carbon steels. Source: Ref 17.1
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pered above 425 °C. Temper embrittlement occurs in certain alloy steels 
as a result of holding in or slow cooling through certain tempering tem-
perature ranges, and is also discussed in more detail in Chapter 19, “Low 
Toughness and Embrittlement Phenomena in Steels.”

Finally, Fig. 17.1 also shows the substantial effect that increasing car-
bon content has on impact toughness by comparing the results of temper-
ing 0.5% C steels to those of 0.4% C steels. Steels with carbon contents of 
0.5% or greater have very low impact toughness and are used only where 
high hardness, wear resistance, and/or edge retention are of prime impor-
tance. For example, hand tools, such as screwdriver blades and cutting 
blades of all sorts, are made from quenched and low- temperature tem-
pered medium-  and high- carbon steels. Wear resistance and cutting edge 
retention are excellent in these applications, but the higher the carbon con-
tent of the steel, the more susceptible the tool becomes to fracture under 
bending or tensile stresses. The reasons for decreasing toughness with 
increasing carbon content of quenched and low- temperature tempered 
steels are related to quench embrittlement as discussed in Chapter 19, 
“Low Toughness and Embrittlement Phenomena in Steels.”

Figure 17.2, taken from a variety of sources by Grossmann and Bain 
(Ref 17.1), shows how hardness decreases from the maximum associated 
with as- quenched martensite with increasing tempering temperature. The 
effect of carbon content is also shown. The lower hardness of low- carbon 
steels in the as- quenched condition and throughout tempering is empha-

Fig. 17.2  Decrease in hardness with increasing tempering temperature for 
steels of various carbon contents. Ref numbers after investigators 
are from list in Grossmann and Bain. Source: Ref 17.1
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sized in the curves. Therefore, if maximum hardness is desired, a high- 
carbon steel should be selected and tempering should be restricted to the 
150 to 200 °C (300 to 400 °F) temperature as noted previously. Figure 
17.2 indicates a slight hardness increase on low- temperature tempering of 
the highest carbon steels. Figure 17.3, from an investigation of the early 
stages of tempering of martensite in an Fe- 1.22C alloy (Ref 17.2), shows 
tempering times and temperatures that produce an increase in hardness 
above that associated with the as- quenched state. This increase in hard-
ness is a result of the precipitation of a dense distribution of very fine 
transition carbide particles within the martensite plates.

Generally, the interplay of hardness and toughness is of major concern 
in the heat treatment and application of quench and tempered steels. How-
ever, the changes in other mechanical properties with increasing temper-
ing are also tabulated for common grades of carbon and alloy steel bars 
(Ref 17.3) and are quite important for the selection of steels and design of 
heat treatments for some applications. Figure 17.4 shows the changes in 
mechanical properties that occur when an oil- quenched AISI 4340 steel is 
tempered at temperatures above 200 °C . Both yield strength and tensile 
strength decrease continuously and elongation and reduction of area in-
crease with increasing tempering temperature. The as- quenched hardness 
and the mechanical properties of 4340 steel for selected tempering treat-
ments as a function of bar size are listed in Table 17.1. The strength prop-
erties for a given treatment decrease with increasing bar diameter (see 
Chapter 16, “Hardness and Hardenability”).

Figure 17.4 shows two other aspects of the mechanical behavior of tem-
pered carbon steels. One is the fact that there is no decrease in ductility 
produced by tempering in the temperature range that produces tempered 
martensite embrittlement. Specimen design and testing account for this 
observation. The toughness data shown in Fig. 17.1 are based on impact 
toughness testing accomplished by loading notched specimens at a high 
strain rate. Figure 17.4, on the other hand, is based on tensile testing of 

Fig. 17.3  Hardness as a function of time at three tempering temperatures for 
martensite in an Fe-1.22C alloy. Source: Ref 17.2
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smooth round specimens at relatively slow strain rates. Thus, at slow strain 
rates, without the stress- concentrating effect of a notch, the microstructure 
of a steel tempered even in the range 260 to 370 °C (500 to 700 °F) can 
accommodate loading without undue embrittlement. On impact loading, 
however, the reverse is true and disregard of strain rate and notch effects 
may lead to unexpected failure in certain applications.

Fig. 17.4  Change in mechanical properties with tempering temperature for 
oil-quenched 4340 steel. Source: Ref 17.3
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Figure 17.4 also shows that the yield and tensile strengths of the tem-
pered 4340, at first well separated after tempering at low temperatures, 
tend to approach each other after tempering at high temperatures. This 
effect is a common characteristic of hardened carbon and low- alloy steels 
and is related to differences in work- hardening behavior that develop on 
tempering. Figure 17.5 shows stress- strain curves that illustrate the changes 
in work hardening that develop with tempering of lath martensite in an 
Fe- 0.2C alloy (Ref 17.4). In this case, the as- quenched martensite was ob- 
tained by quenching in a NaOH- NaCl solution and tempering was per-
formed by heating in lead at 400 °C (750 °F) for 1 min. The work- 
hardening rate in the as- quenched specimen was quite high, as shown by 
the rapid increase in stress with increasing strain, while the stress- strain 
curve for the tempered specimen was almost flat, indicating a very low 
rate of work hardening. This difference in work- hardening behavior is at-
tributed to interaction of dislocations with relatively coarse particles of 
cementite that form on tempering. In as- quenched specimens, dislocations 

Table 17.1 Mechanical properties of various size rounds of a single heat of 
4340 steel after various heat treatments illustrating mass effects

Size round Tensile strength Yield strength
Elongation 

in 50 mm 

(2 in.), %

Reduction 

in area, %

Hardness, 

HBmm in. MPa ksi MPa ksi

Annealed: heated to 810 °C (1490 °F), furnace cooled 12 °C/h (20 °F/h) to 354 °C (670 °F), air cooled

 25.4 1 745 108 472 68.5 22.0 49.9 217

Normalized: heated to 871 °C (1600 °F), air cooled

 12.7 ½ 1448 210 972 141 12.1 35.3 388
 25.4 1 1282 186 862 125 12.2 36.3 363
 50.8 2 1220 177 793 115 13.5 37.3 341
101.6 4 1110 161 710 103 13.2 36.0 321

Oil quenched from 800 °C (1475 °F), tempered at 538 °C (1000 °F)

 12.7 ½ 1255 182 1165 169 13.7 45.0 363
 25.4 1 1207 175 1145 166 14.2 45.9 352
 50.8 2 1172 170 1103 160 16.0 54.8 341
101.6 4 1138 165 1000 145 15.5 53.4 331

Oil quenched from 800 °C (1475 °F), tempered at 593 °C (1110 °F)

 12.7 ½ 1145 166 1117 162 17.1 57.0 331
 25.4 1 1138 165 1096 159 16.5 54.1 331
 50.8 2 1014 147  958 139 19.0 60.4 293
101.6 4  924 134  793 115 19.7 60.7 269

Oil quenched from 800 °C (1475 °F), tempered at 650 °C (1200 °F)

 12.7 ½ 1000 145 938 136 20.0 59.3 285
 25.4 1  958 139 883 128 20.0 59.7 277
 50.8 2  931 135 834 121 20.5 62.5 269
101.6 4  855 124 730 106 21.7 63.0 255

As-quenched hardness (oil), HRC

Size round

Surface ½ radius Centermm in.

 12.7 ½  58 58 56
 25.4 1 57 57 56
 50.8 2 56 55 54
101.6 4 53 49 47

Ladle composition: 0.40 C; 0.68 Mn; 0.020 P; 0.013 S; 0.28 Si; 1.87 Ni; 0.74 Cr; 0.25 Mo; grain size 7–8. Source: Ref 17.3
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tangle and form a tight substructure of fine cells with increasing deforma-
tion, but with large cementite particles present, the dislocations remain 
uniformly distributed and a well- defined dislocation cell structure never 
develops. Figure 17.6 shows a uniform distribution of dislocations in the 
tempered Fe- 0.2C martensite. This distribution did not change on defor-
mation (Ref 17.4).

Fig. 17.5  True stress–true strain curves for Fe-0.2C as-quenched and 
quenched-and-tempered lath martensite with packet size of  
8.2 µm. Source: Ref 17.4

Fig. 17.6  Substructure of lath martensite in 0.2% C steel tempered for  
1 minute at 400 °C. Transmission electron micrograph. Courtesy 
of Thomas Swarr, while at Lehigh University

0.1 mm
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Alloying Elements and Tempering

In addition to increasing hardenability, certain alloying elements also 
help to retard the rate of softening during tempering. The most effective 
elements in this regard are strong carbide formers such as chromium, mo-
lybdenum, and vanadium. Without these elements, iron- carbon alloys and 
low- carbon steels soften rapidly with increasing tempering temperature as 
shown in Fig. 17.2. Figure 17.7 (Ref 17.5) similarly shows the softening 

Fig. 17.7  Hardness as a function of carbon content of martensite in Fe-C 
alloys tempered at various temperatures. Source: Ref 17.5
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as a function of tempering and carbon content in another form of diagram. 
This softening is largely due to the rapid coarsening of cementite with 
increasing tempering temperature, a process dependent on the diffusion of 
carbon and iron. If present in a steel in sufficient quantity, however, the 
carbide- forming elements not only retard softening but may also form fine 
alloy carbides that produce a hardness increase at higher tempering tem-
peratures. This hardness increase is frequently referred to as secondary 

hardening.
Figure 17.8 shows secondary hardening in a series of steels containing 

molybdenum (Ref 17.6, 17.7). The higher the molybdenum content, the 
higher is the hardness associated with the secondary hardening peak, and 
even at 0.47% Mo when no hardness peak is observed, a significant retar-
dation of softening is apparent. The secondary hardening peaks develop 
only at high tempering temperatures because alloy carbide formation de-
pends on the diffusion of the carbide- forming elements, a more sluggish 
process than that of carbon and iron diffusion. As a result, not only is a 
finer dispersion of particles produced, but also once formed, the alloy car-
bides are quite resistant to coarsening. The latter characteristic of the fine 
alloy carbides is used to advantage in tool steels that must not soften even 
though high temperatures are generated by their use in hot working dies or 
high- speed machining. Also, ferritic low- carbon steels containing chro-

Fig. 17.8  Retardation of softening and secondary hardening during temper-
ing of steels with varying molybdenum content. Source: Ref 17.6
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mium and molybdenum are used in pressure vessels and reactors operated 
at temperatures around 540 °C (1000 °F) because the alloy carbides resist 
coarsening at those temperatures and therefore provide good creep resis-
tance (Ref 17.8).

Up to this point, tempering has been discussed with temperature as the 
major variable. The structural changes responsible for the property changes, 
however, are thermally activated and therefore dependent on both tem-
perature and time. For example, if a single mechanism of structural change 
is operating during a stage of tempering, say the coarsening of cementite, 
a given hardness may be obtained by tempering at a high temperature for 
a short time or by tempering at a lower temperature for a longer time. 
Generally, if time is not mentioned, as is the case for most of the preced-
ing figures, a constant tempering time of 1 h is assumed.

The interchangeability of time and temperature is accomplished by use 
of a tempering parameter, T(20 + log t) × 10–3, where T is temperature in 
Kelvin, and t is time in hours. Figure 17.8 shows hardness changes plotted 
as a function of the tempering parameter as well as a function of tempering 
temperature where the time has been held constant at 1 h. Thus, in a given 
alloy, tempering treatments with times other than 1 h may be selected to 
obtain a given hardness. While the tempering parameter is successfully 
applied to plain carbon steels, caution must be used in applying it to sec-
ondary hardening steels. During secondary hardening, the maximum hard-
ness obtained on tempering is frequently a function of temperature (Ref 
17.7, 17.8). For example, a higher maximum hardness may be obtained by 
holding at 600 °C (1110 °F) rather than at 700 °C (1290 °F), and it would 
be impossible to reproduce the 600 °C hardness maximum even with very 
short- time tempering at 700 °C. This inability of different combinations of 
time and temperature to reproduce the same hardness is due to the some-
what coarser distribution of alloy carbides and/or their lower degree of 
coherency with the matrix at higher secondary hardening temperatures.

The effect of alloying elements on hardness changes produced by tem-
pering martensitic carbon and low- alloy steels has been summarized in an 
investigation by Grange et al. (Ref 17.5). Steels with silicon, manganese, 
phosphorus, nickel, chromium, molybdenum, and vanadium additions up to 
1.5% were examined. Graphs of hardness differences (ΔHv) relative to tem-
pered Fe- C alloys, as a function of alloying element content, were obtained 
for tempering temperatures between 200 and 700 °C (400 and 1300 °F) for 
constant tempering times of 1 h. Figures 17.9 and 17.10 show plots of ΔHv 
versus alloying element content for martensite tempered at 260 °C (500 °F) 
and 540 °C (1000 °F), respectively. When the ΔHv for each element at a 
given tempering temperature from plots similar to those of Fig. 17.9 and 
17.10 is added to the base tempered hardness as determined by carbon con-
tent and tempering temperature (see Fig. 17.7), the final tempered hardness 
of a plain- carbon or low- alloy steel may be readily estimated.

Figures 17.9 and 17.10 reflect interesting differences due to the various 
alloying elements. The strong carbide formers, as discussed relative to 
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secondary hardening, do not have a large effect until high temperatures 
are reached. Nickel has a very small and constant effect on tempered hard-
ness at all temperatures, and because it is not a carbide- forming element, 
its influence is considered to be due to a weak solid- solution- strengthening 
effect. Silicon has a substantial retarding effect on softening around 315 °C 
(600 °F), an effect attributed (Ref 17.9) to its inhibition of the transforma-
tion of the low- temperature transition carbide to the more stable cement-
ite. Manganese at low tempering temperatures has little effect on softening, 
but at higher temperatures has a strong effect because of the incorporation 

Fig. 17.9  Effect of alloying elements on the retardation of softening during 
tempering at 260 °C (500 °F) relative to Fe-C alloys. Source: Ref 17.5
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Fig. 17.10  Effect of alloying elements on the retardation of softening during 
tempering at 540 °C (1000 °F) relative to Fe-C alloys. Source: 
Ref 17.5
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of the manganese into the carbides at higher temperatures (Ref 17.10) and 
the attendant resistance to cementite coarsening that is associated with 
manganese diffusion.

Structural Changes on Tempering

The structure of a steel quenched to form martensite is highly unstable. 
Reasons for the instability include the supersaturation of carbon atoms in 
the body- centered tetragonal crystal lattice of martensite, the strain energy 
associated with the fine dislocation or twin structure of the martensite, the 
interfacial energy associated with the high density of lath or plate bound-
aries, and the retained austenite that is invariably present even in low- 
carbon steels. The supersaturation of carbon atoms provides the driving 
force for carbide formation; the high strain energy the driving force for 
recovery; the high interfacial energy the driving force for grain growth or 
coarsening of the ferrite matrix; and the unstable austenite the driving 
force for transformation to mixtures of ferrite and cementite on tempering. 
Thus, even without the alloying effects discussed in the preceding section, 
there are many factors at work to produce the microstructures responsible 
for the mechanical property changes that develop when martensitic car-
bon steel is tempered.

An important series of papers on tempering carbon steels was published 
by Cohen and his colleagues in the 1950s (Ref 17.11–17.14). As a result 
of systematic X- ray, dilatometric, and microstructural observations, three 
distinct stages of tempering were identified:

• Stage I: The formation of a transition carbide, epsilon carbide (or eta 
carbide as discussed subsequently), and the lowering of the carbon 
content of the matrix martensite to about 0.25% C.

• Stage II: The transformation of retained austenite to ferrite and 
cementite.

• Stage III: The replacement of the transition carbide and low- carbon 
martensite by cementite and ferrite.

The temperature ranges for the three stages overlap, depending on the 
tempering times used, but the temperature ranges of 100 to 250 °C (210 to 
480 °F), 200 to 300 °C (390 to 570 °F), and 250 to 350 °C (480 to 660 °F) 
are generally accepted for the first, second, and beginning third stages, 
respectively (Ref 17.15). The formation of the alloy carbides responsible 
for secondary hardening is sometimes referred to as the fourth stage of 
tempering. Also, it is now recognized that carbon atom segregation to dis-
locations and various boundaries may occur during quenching and/or 
holding at room temperature (Ref 17.15–17.17), and carbon atom cluster-
ing in as- quenched martensite may precede carbide formation (Ref 17.18, 
17.19) that occurs in the first stage of tempering. Even other structural 
changes due to carbon atom rearrangement have been found to precede 
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the classical Stage I tempering of iron- carbon martensites (Ref 17.20, 
17.21). Nagakura and his colleagues have identified a modulated structure 
associated with clustering of carbon atoms on (102) planes of martensite 
and a long- period ordered phase with an orthorhombic structure and com-
position of Fe4C (Ref 17.20). The former structure forms on tempering 
between 0 and 90 °C (30 and 190 °F), while the latter structure forms be-
tween 60 and 80 °C (140 and 180 °F). Thus, tempering involves much 
more than three stages of tempering, but because of their practical impor-
tance to understanding the behavior of tempered steels, the three stages 
just listed are discussed in more detail subsequently.

Transition Carbide Formation. The transition carbide that forms in 
the first stage of tempering was first identified as having a hexagonal 
structure and designated epsilon (ε) carbide by Jack (Ref 17.22). More 
recently, Hirotsu and Nagakura (Ref 17.23, 17.24) have shown that the 
transition carbide has an orthorhombic structure isomorphous with transi-
tion metal carbides of the M2C type. The transition carbide with the latter 
structure was designated as eta (η) carbide. The structures of the epsilon 
and eta carbides are very similar and are differentiated primarily by elec-
tron diffraction spots that come from a regular array of carbon atoms (or 
sublattice of carbon atoms) in the eta carbide (Ref 17.23, 17.24). Fig. 17.11 
shows the electron diffraction pattern from transition carbides in a crystal 
of plate martensite in an Fe- 1.22C alloy tempered at 150 °C (300 °F) in-
dexed as eta carbide and as epsilon carbide (Ref 17.2). Both indexings are 
good for their assumed crystal structures, but the indexing as eta is some-
what better based on interplanar spacings. 

Both the epsilon carbide, Fe2.4C (Ref 17.11), and the eta carbide, Fe2C 
(Ref 17.23), have carbon contents substantially higher than that of the 
cementite, Fe3C, that forms at higher temperatures. Mӧssbauer effect 
spectroscopy shows that some carbon is retained in the martensite through-

Fig. 17.11  Diffraction pattern from martensite crystal (beam parallel to [100]m, square pattern of spots) contain-
ing transition carbides with carbide diffraction pattern indexed as eta carbide (a, beam parallel to 
[001]η) and as epsilon carbide (b, beam parallel to [100]ε). Source: Ref 17.2 

(210)η

(200)η

(210)η

(210)η

(200)η

(210)η

(011)ε

(010)ε

(011)ε

(011)ε

(010)ε

(011)ε

(a) (b)



386 / Steels—Processing, Structure, and Performance, Second Edition

out the range of transition carbide formation and that carbon is randomly 
dissolved in the austenite retained with the martensite (Ref 17.2). Two sets 
of Mӧssbauer parameters that may come from eta carbide have been iden-
tified. Kinetic studies show that the first stage of tempering is dependent 
on the diffusion of carbon through the martensite with an activation en-
ergy of 16,000 cal/mol (Ref 17.11). 

Figures 17.12 through 17.14 are transmission electron micrographs that 
show various aspects of the transition carbide formation in the martensite 

Fig. 17.13  Distribution of eta carbide in martensite plate of an Fe-1.22C 
alloy tempered at 150 °C (300 °F) for 16 hours. Transmission

electron micrograph. Original magnification 80,000×. Source: Ref 17.2

Fig. 17.12  Martensitic microstructure in an Fe-1.2C alloy tempered at  
150 °C (300 °F). The microstructure consists of plates of various

sizes containing uniform arrays of very fine carbides and retained austenite (black 
patches). Transmission electron micrograph. Source: Ref 17.29

2 µm
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of the Fe- 1.22C alloy tempered at 150 °C (300 °F) for 16 h. Figure 17.12 
shows a typical plate martensitic microstructure with plates of a variety of 
sizes and patches of retained austenite (black areas) between the plates. 
Each of the plates contains a highly uniform distribution of fine carbon 
particles. Figure 17.13 shows a typical array of transition carbides, identi-
fied as eta carbides (Ref 17.2), in a single plate of martensite. The carbides 
appear to be in the form of fine platelets, but Fig. 17.14, a dark- field mi-
crograph taken with illumination from a carbide diffraction spot, shows 
that the eta carbide is actually present as rows of fine spherical particles 
about 2 nm (20 Å) in diameter (Ref 17.2, 17.23). The dark contrast in the 
platelike morphology associated with the carbides in Fig. 17.12 is appar-
ently due to strain effects between the martensitic matrix and the rows of 
particles.

Early work on the identification of the transition carbide formed in the 
first stage of tempering as eta carbide was performed on high carbon steels 
(Ref 17.2, 17.23). Subsequent research shows that eta carbide forms in 
martensite in steels with a wide range of carbon contents: 0.79% C by 
Shimizu and Okamoto (Ref 17.25), 0.50% C by Lee and Krauss (Ref 
17.26), 0.45% C by Hirotsu and Nagakura (Ref 17.24), 0.30% C by 
Baoshu, Losz, and Krauss (Ref 17.27), and 0.14% C by Okamoto (Ref 
17.28). Fig. 17.15 shows eta transition carbides in a martensite crystal in 
4130 steel quench and tempered at 150 °C. Similar to Fig. 17.14, linear 
arrays of fine transition carbide particles are shown in the low- temperature- 
tempered martensite of the medium- carbon steel. 

Fig. 17.14  Rows of fine spherical eta carbide particles in a martensite plate 
of an Fe-1.22C alloy tempered at 150 °C (300 °F) for 16 hours.

Dark-field transmission electron micrograph. Original magnification 80,000×. 
Source: Ref 17.2
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Fig. 17.15  Eta transition carbides (rows of very fine bright spherical parti-
cles) and cementite particles (bright linear features) in a lath

martensite crystal in 4130 steel tempered at 150 °C (300 °F). Dark field transmis-
sion electron micrograph taken with a transition carbide diffracted beam. Cour-
tesy of M. Losz while at the Colorado School of Mines

Retained Austenite Transformation on Tempering. The transfor-
mation of retained austenite during tempering occurs only by heating at 
temperatures and times well above those at which transition carbides pre-
cipitate. However, as discussed elsewhere, austenite may transform me-
chanically to martensite under various conditions of stress and strain at 
temperatures lower than those at which thermal transformation occurs. 
Figure 17.16 shows the rate of transformation of the retained austenite in 
an Fe- 1.22C alloy at three different tempering temperatures (Ref 17.29). 
About 19% retained austenite, distributed as shown in Fig. 17.12, was 
initially present in the as- quenched structure. Even at 180 °C (360 °F), the 
retained austenite transformed completely to mixtures of ferrite and ce-
mentite if held for sufficiently long times. Analysis of the austenite trans-
formation kinetics in Fig 17.16 yielded an activation energy of 1.15 ×  
105 J/mol (27 kcal/mol) in good agreement with the activation energies for 
the diffusion of carbon in austenite (Ref 17.30) and the activation energy 
for the second stage of tempering reported by Roberts et al. (Ref 17.11). 
Figure 17.17 shows that retained austenite is present in small amounts, 
about 2 and 4%, in as- quenched specimens of 4130 and 4340 steels, re-
spectively, and that for tempering times of 1 h the transformation of re-
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tained austenite in these low- alloy medium- carbon steels begins only 
above 200 °C (390 °F). Transformation is complete at about 300 °C  
(570 °F) (Ref 17.31), and cementite becomes an important part of the mi-
crostructure after tempering at 300 °C and higher temperatures. The rela-
tively coarse particles of cementite that form from the retained austenite 

Fig. 17.16  Transformation of retained austenite in an Fe-1.22C alloy as a 
function of time at three tempering temperatures. Source: Ref 
17.29

Fig. 17.17  Retained austenite and cementite as a function of tempering 
temperature in 4340 and 4140 type steels. The amounts of the

phases were determined by Mössbauer spectroscopy. Source: Ref 17.30
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contribute to tempered martensite embrittlement as discussed in Chapter 
19, “Low Toughness and Embrittlement Phenomena in Steels.”

Cementite Formation During Tempering. The third stage of temper-
ing consists of the formation of ferrite and cementite as required by the 
Fe- C diagram and its modification by other alloying elements. Depending 
on the tempering temperature between the end of Stage 1 temperature and 
the AC1 temperature there are large variations in the morphology, distribu-
tion, and chemistry of the cementite. Figure 17.18 shows a TEM micro-
graph of the fine structure of a medium- carbon steel containing 0.35% C 
quenched to martensite and tempered at 470 °C (800 °F). The microstruc-
ture is typical of that produced by early but well- established third- stage 
tempering: the lath martensite morphology is still largely retained and ce-
mentite (theta carbide) platelets have precipitated as small platelets within 
the larger martensite laths. Thin crystals of interlath cementite are also 
present as a result of the transformation of retained austenite during the 
second stage of tempering. The intralath cementite crystals have {110}M 
habit planes and have nucleated at eta- carbide clusters produced during 
the first stage of tempering (Ref 17.26, 17.32). At higher tempering tem-
peratures the carbides coarsen, spheroidize, and change chemistry. 

While light and electron microscopy best show changes in cementite 
distribution, morphology, and crystallography, atom probe tomography 
can establish on a nanoscale the chemical composition of carbides in tem-
pered microstructures. Two phases of cementite formation have been es-
tablished. At the beginning of and into the third stage of tempering, only 
carbon diffuses to and is incorporated in cementite, a mechanism of nucle-
ation and growth referred to as paraequilibrium, i.e., a microstructural 

Fig. 17.18  Microstructure of a 0.35% C steel after quenching to martensite 
and tempering at 470 °C (880 °F). Transmission electron micro-

graph. Courtesy of Gary Yerby, Colorado School of Mines and Caterpillar Cor- 
poration
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state based only on carbon diffusion, not involving other elements that 
might be equilibrium components of cementite.

Deep into the third stage of tempering, when substitutional alloying ele-
ments can diffuse, a second phase of cementite formation involves the 
diffusion of elements into and out of the cementite crystals. 

Figures 17.19 and 17.20 show atom probe tomography evidence for 
atom distribution between the two steps of cementite formation (Ref 
17.33). Atom maps and proximity histograms for carbon and substitu-
tional alloying elements are shown. The proximity histograms are based 
on a constructed interface between the ferrite matrix and a cementite crys-
tal, and the closest distance of each atom to this interface is calculated and 
the atoms made a part of the concentrations existing at each location rela-
tive to the interface (Ref 17.34). Fig. 17.19 shows that only carbon makes 
up the cementite particle and that no alloying elements have partitioned in 
martensite tempered into the third stage of tempering at 325° C (615 °F). 
In contrast at 575 °C (1065 °F) after two hours the atom maps in Fig. 
17.20, as indicated by the colored dots for each atom type, show high 
densities of chromium, manganese, and molybdenum atoms in the ce-
mentite compared to the densities in the adjacent ferrite.

Fig. 17.19  (a) Carbon atom map associated with a cementite crystal (arrow) 
formed in martensite of 4340 steel during tempering at 325 °C

(615 °F) for 2 hours, and (b) the proximity histogram showing concentrations of 
carbon, chromium, manganese, and molybdenum through the interface of the 
cementite crystal and the ferritic matrix. Results obtained by atom probe tomog-
raphy. Source: Ref 17.33
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Chromium, manganese, and molybdenum are carbide- forming ele-
ments and, when given enough mobility at higher tempering temperatures, 
diffuse into cementite as shown. However other elements in steel are not 
carbide- forming elements and are rejected from cementite as the carbide- 
forming elements are integrated into the cementite. Atom probe tomogra-
phy showed that nickel, silicon, aluminum, and phosphorus are rejected 
from cementite at high tempering temperatures in 4340 steel (Ref 17.33).

There is some evidence, especially in high- carbon steels, that Hagg or 
chi (χ)- carbide formation precedes cementite or theta (θ)- carbide forma-
tion (Ref 17.35, 17.36). The chi carbide has a monoclinic structure and the 
composition Fe5C2. However, despite the differences between cementite 
and chi carbide, the relatively complex structures of the two carbide 
phases are similar and difficult to separate by X- ray or electron diffraction 
techniques. Therefore, in view of the experimental difficulty in separating 
the presence of chi carbide from that of cementite, the temperature and 

Fig. 17.20  Atom maps for carbon (red) (a), chromium (blue) (b), manganese 
(green) (c), and molybdenum (yellow) (d) at a cementite crystal

(arrow) formed in martensite of 4340 steel after tempering at 575 °C (1065 °F) for 
2 hours. The proximity histogram at the bottom (e) shows concentrations of carbon, 
chromium, manganese and molybdenum through the ferrite matrix and carbide 
crystal interface. Results obtained by atom probe tomography. Source: Ref 17.33 
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compositions of the steels in which chi carbide forms are not yet com-
pletely defined.

Figure 17.21 shows the dense carbide distribution that has formed in the 
martensite of an Fe- 1.22C alloy tempered at 350 °C (660 °F). In this case, 
the carbides were best identified as chi carbide (Ref 17.37). Two carbide 
morphologies are present: those that have nucleated and grown within the 
martensite plates, and very long planar carbides that have formed along the 
plate interfaces, perhaps as a result of the transformation of retained austen-
ite in the second stage of tempering. A third morphology of chi carbide and/
or cementite in tempered high- carbon steels consists of parallel arrays of 
carbides formed on transformation twins sometimes present in high- carbon 
martensite, especially in the midrib portions of the plates (Ref 17.36). The 
carbides that have formed within the plates are coarser than the transition 
carbides and will eventually spheroidize if tempering is performed at higher 
temperatures. Nagakura et al. (Ref 17.20, 17.38) have shown that the tran-
sition from chi carbide, Fe5C2, to theta carbide (cementite), Fe3C, takes 
place within single particles by development of sets of planes correspond-
ing to higher- order carbides of general composition Fe2n+1Cn. The inter-
growth of the various carbide structures is referred to as microsyntactic 
growth and requires only iron atom displacements and carbon diffusion.

In addition to cementite, either effectively pure iron carbide or enriched 
in alloying elements, other carbides with other crystal structures, chemis-
tries, and distributions may form in alloy steels and retard softening and/
or produce secondary hardening during high temperature tempering. 
Many of the alloy carbides and their formation on tempering have been 
characterized by Honeycombe and his colleagues. Much of this work,  

Fig. 17.21  Cementite and/or chi-carbide formation in martensitic structure 
of an Fe-1.22C alloy tempered at 350 °C (660 °F) for 1 hour.

Transmission electron micrograph. Original magnification 30,000×. Courtesy of 
Ma, Ando, and Krauss, unpublished research, Colorado School of Mines
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including descriptions of the carbide structures produced by tempering 
vanadium, molybdenum, tungsten, chromium, and titanium steels, is re-
viewed in Ref 17.39. The alloy carbide distributions formed in the second-
ary hardening range, 500 to 650 °C (930 to 1200 °F), depend on the nature 
of the cementite distribution formed at lower tempering temperatures, and 
the nature of the transformation of cementite to the alloy carbide. Honey-
combe (Ref 17.39) presents evidence for two basic modes of alloy carbide 
formation on tempering. The carbides may form directly from the cement-
ite, a mode referred to as in situ transformation, or the carbides may form by 
separate nucleation, after the cementite particles dissolve in the ferrite ma-
trix. The independently nucleated alloy carbide particles are often nucleated 
on the dislocations residual from the as- quenched martensite and tend to be 
much finer than the alloy carbides nucleated on the cementite particles.

Matrix Changes during Tempering

Most of the structural changes discussed previously have involved the 
formation of various types of carbides during tempering. There are also 
important changes in the martensitic matrix that accomplish the formation 
of fully tempered structures consisting of spheroidized carbides in a ma-
trix of equiaxed ferrite grains. Figures 17.22 through 17.24 show changes 
in the matrix structure that developed during the tempering of lath mar-
tensite in an Fe- 0.2C alloy (Ref 17.40). Figure 17.22 shows that tempering 
at 400 °C (750 °F) for 15 minutes produces little change from the appear-
ance of as- quenched lath martensite (see Chapter 5, “Martensite”) on the 
scale resolvable with the light microscope. More pronounced changes are 
visible in a specimen tempered at 700 °C (1290 °F) (see Fig. 17.23), but 
even after this rather severe temper, the packet morphology with its paral-

Fig. 17.22  Microstructure of lath martensite in an Fe-0.2C alloy after tem-
pering at 400 °C (750 °F) for 15 min. Light micrograph. Nital 
etch. Original magnification 500×. Source: Ref 17.40
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lel subunits is still clearly visible. The major effects of tempering have 
been to eliminate many of the smaller laths and to produce coarse, spheri-
cal cementite particles at the prior austenite grain boundaries and within 
the packets. More severe tempering, 700 °C for 12 h, begins to break up 
the remaining parallel blocks of crystals within the packets and more 
equiaxed ferrite grains begin to form (see Fig. 17.24). The equiaxed grains 
contain subboundaries made up of regular dislocation arrays, as shown by 
electron microscopy (Ref 17.40).

Systematic measurement of the change in lath boundary per unit vol-
ume as a function of tempering of the Fe- 0.2C martensite shows that the 

Fig. 17.23  Microstructure of lath martensite in an Fe-0.2C alloy after tem-
pering at 700 °C (1290 °F) for 2 hours. Light micrograph. Nital 
etch. Original magnification 500×. Source: Ref 17.40

Fig. 17.24  Microstructures of lath martensite in an Fe-0.2C alloy after tem-
pering at 700 °C (1290 °F) for 12 hours. Light micrograph. Nital 
etch. Original magnification 500×. Source: Ref 17.40
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very high lath boundary area per unit volume of the fine laths in as- 
quenched martensite decreased very rapidly on tempering (Ref 17.40). 
Fig. 17.25 shows an example of the martensite lath boundary area change, 
SV, as a function of tempering at 400 °C. The initial, rapid decrease is 
primarily due to the elimination of the low- angle boundaries between 
laths of similar orientation, the boundaries that separate martensite crys-
tals in blocks of lath martensite. There is little change in the large- angle 
boundaries between the martensite crystals. Simultaneously, cementite 
particles precipitate and help to stabilize the surviving large- angle lath 
boundaries to maintain their parallel orientation within the packets.

All of these initial matrix changes occur as a result of recovery mecha-
nisms. The dislocation density is effectively lowered not only by the re-
duction of dislocations within the laths but also by the elimination of  
the low- angle lath boundaries. Eventually, with coarsening of the carbide 
particles, the remaining large- angle boundaries rearrange themselves to 
produce more equilibrium junctions between grains as typical of the 
mechanisms associated with grain growth (Ref 17.41). Any residual dislo-
cations within the laths then rearrange themselves into low- angle bound-
aries within the equiaxed grains. Such subdivisions of large grains by 
dislocation boundaries is referred to as polygonization. Thus, the forma-
tion of the equiaxed ferrite matrix that develops after long- time high- 
temperature tempering of a low- carbon lath martensite in some steels is 
accomplished by recovery and grain growth mechanisms (Ref 17.40, 
17.42). Apparently, the recovery mechanisms that operate early in temper-
ing lower the strain energy of the as- quenched martensite to the point 
where there is no longer sufficient driving force for recrystallization.

Fig. 17.25  Change in martensite lath boundary area per unit volume in 
martensite of an Fe-0.20% C alloy tempered at 400 °C (750 °F) 
for various times. Source: Ref 17.40
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The above- described mechanism of equiaxed ferrite grain formation in 
highly tempered martensitic microstructures apparently proceeds when 
recovery mechanisms have lowered dislocation densities and strain en-
ergy to levels that cannot drive recrystallization. However, several studies 
have shown that recrystallization may in fact also be the mechanism of 
equiaxed ferrite grain formation in highly tempered steels (Ref 17.43–
17.45). Apparently, recovery of the martensitic dislocation structure is 
suppressed by alloying and sufficient strain energy is available to cause 
recrystallization. Figure 17.26 shows the progress of recrystallization of a 

Fig. 17.26  Evolution of recrystallized equiaxed ferrite grains in tempered 
martensite of a 0.12% C steel tempered at 675 °C (1250 °F) for 
(a) 1 h, (b) 1.33 h, (c) 1.67 h, and (d) 4 h. Source: Ref 17.45

50 µm 50 µm(a) (b)

50 µm 50 µm(c) (d)
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0.12% C, 1.40% Mn, 0.29% Mo steel as a function of tempering time at 
675 °C (1250 °F) (Ref 17.45). Equiaxed, strain- free grains nucleate, as 
marked A in Fig. 17.26(a), within the tempered lath martensite of the steel. 
The strain- free grains grow and eventually consume all of the lath- shaped 
microstructure. The recrystallization proceeds despite the presence of car-
bide particles, and the final structure consists of relatively coarse spheroid-
ized cementite particles within a matrix of equiaxed ferrite grains. Figure 
17.27 shows TEM micrographs of the fine structure of the 0.12% C steel 
after tempering for one and two hours at 675 °C. The unrecrystallized 
tempered lath morphology and effectively dislocation- free recrystallized 
grains are clearly shown. When recrystallization is produced by temper-
ing, hardness drops discontinuously. Figure 17.28 shows the changes in 
hardness, as determined by microhardness testing, as a function of time 
for unrecrystallized and recrystallized tempered- martensitic areas in the 
0.12% C steel (Ref 17.45). Overall hardness decreases as the amount of 
strain- free equiaxed ferrite grains increases.

Oxide Colors on Tempered Steels

When as- machined steels are heated or tempered, thin oxide films form, 
and the color of the oxidation varies with film thickness. Paul Gordon has 
systematically studied the oxide colors that formed on specimens of an 
SAE 1035 steel with machined, bright, smooth surfaces as a function of 
heating time and temperature in circulating air (Ref 17.46). Figure 17.29 
shows the results of Gordon’s experiments.

Fig. 17.27  Fine structure of 0.12% C steel quenched to martensite and tem-
pered at 675 °C (1250 °F) for (a) 1 h and (b) 2 h. Source: Ref 
17.45

1 µm(a) 1 µm(b)
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Fig. 17.28  Hardness changes as a function of time in unrecrystallized tem-
pered martensite, recrystallized ferrite, and the overall compos-

ite microstructure of a 0.19% C steel quenched to martensite and tempered at 
675 °C (1250 °F). Source: Ref 17.45
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CHAPTER 18

Deformation, 
Mechanical Properties, 

and Fracture of 
Quenched and 

Tempered Carbon Steels

CHAPTER 16, “Hardness and Hardenability,” and Chapter 17, “Tem-
pering of Steel,” describe the mechanical behavior of quenched and tem-
pered steels largely in terms of hardness. Hardness measurements are a 
powerful, essentially nondestructive, easily applied quality- control tech-
nique for heat treated steels and correlate well with the response of steels 
to heat treatment. Although the hardness of quenched and tempered steels 
is a continuous function of steel carbon content and tempering conditions, 
as has been shown, for example, in Fig. 17.7 in Chapter 17, “Tempering 
of Steel,” mechanical properties as measured by tensile testing show dis-
continuities with these parameters. These discontinuities characterize the 
various embrittlement phenomena that occur in hardened steels under 
conditions of tensile and bending loading. Hardness measurements, based 
on penetration of various types of indenters under various loading condi-
tions, are a result of compressive and shear stresses and rarely produce 
low- toughness and brittle fractures that limit the application of hardened 
steels.

Because of embrittlement phenomena, steels with martensitic and tem-
pered martensitic microstructures are sometimes considered to be gener-
ally brittle. This characterization is true only for certain steel compositions 
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and tempering conditions, and some tempered martensites, even at very 
high strength levels, show plasticity and ductile fracture behavior. This 
chapter describes the deformation mechanisms and mechanical properties, 
as determined by uniaxial tensile testing, of hardened low-  and medium-  
carbon steels as a function of carbon content and tempering temperature. 
Conditions that result in ductile fracture are emphasized, but references 
are necessarily made to microstructures, sensitive to brittle fracture phe-
nomena, that bracket microstructures that show ductile deformation and 
fracture behavior under load. Embrittlement phenomena that develop in 
hardened steels are discussed in detail in Chapter 19, “Low Toughness and 
Embrittlement Phenomena in Steels.”

A map of the fracture mechanisms that may develop in hardened steels 
as a function of carbon content and tempering temperature is shown in 
Fig. 18.1. The microstructures, deformation, and fracture mechanisms in 
untempered martensite, and produced by the conditions identified by the 
box marked “LTT Martensite/Ductile Fracture,” first receive attention in 
this chapter. Ductile behavior is not exclusively produced by the temper-
ing conditions and carbon contents noted by the box, and even in as- quenched 
conditions and regions that show tempered martensite embrittlement and 
temper embrittlement, fracture may be ductile, depending on carbon, 
alloy, and impurity element content. The effects of high tempering tem-
peratures on the mechanical behavior and properties of medium- carbon 
steels are discussed in later sections of this chapter.

Finally a section at the end of this chapter briefly summarizes all of the 
microstructural components that are present in quenched and tempered 
martensitic carbon steels and their contributions to strength and mechani-
cal behavior as affected by tempering.

Fig. 18.1  Fracture response, under conditions of tensile loading, as a func-
tion of tempering temperature and steel carbon content for carbon

and low-alloy carbon steels quenched to martensite. LTT martensite designates 
low-temperature-tempered martensite

mass%
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Deformation and Fracture of  
As- Quenched Martensite

The carbon content of steel has a profound effect on the mechanical 
behavior of as- quenched martensite. Austenitizing treatments prior to 
quenching, by virtue of the high solubility of carbon in face- centered 
cubic austenite, cause carbon to dissolve into the octahedral sites of the 
crystal structure of austenite. On quenching the carbon atoms are trapped 
in octahedral sites of the martensitic crystal structure, displacing iron 
atoms and producing the tetragonal distortion of martensites, as has been 
shown in Fig. 16.5 in Chapter 16, “Hardness and Hardenability” (Ref 
18.1, 18.2). However, because of the low solubility of carbon in body- 
centered crystal structures, only in Fe- Ni- C alloys, with subzero MS tem-
peratures where carbon atom diffusion is limited, can most of the carbon 
atoms remain trapped in octahedral sites and contribute to solid solution 
strengthening. In Fe- C alloys and plain and low- alloy carbon steels, with 
Ms temperatures above room temperature, carbon atoms diffuse rapidly 
from octahedral sites in martensite during quenching, during storage at 
room temperature, and during deformation.

The effect of carbon atom rearrangement in as- quenched martensitic 
microstructures in low- alloy carbon steels was studied by Leslie and Sober 
(Ref 18.3). They evaluated the deformation behavior of AISI 4310, 4320, 
4330, and 4340 steels in which nickel, chromium, and molybdenum con-
tents were held constant at 1.8, 0.80, and 0.25%, respectively, and carbon 
varied between 0.12 and 0.41%. The substitutional alloying elements pro-
vide good hardenability; 4320 steel is an important commercial carburiz-
ing steel, and hardened 4330 and 4340 are widely used for applications 
that require high strength. Specimens of the various 43xx steels were 
quenched from 900 °C (1650 °F) in iced brine, stored in liquid nitrogen, 
and tensile tested at various strain rates at room temperature and subzero 
temperatures.

Figure 18.2 shows the data Leslie and Sober obtained for as- quenched 
4330 steel. Flow stresses at plastic strains of 0.2, 0.5, and 1.0% are shown, 
and the increasing flow stresses with strain demonstrate that significant 
strain hardening occurs under all testing conditions. Flow stresses increase 
significantly with decreasing test temperatures, and at room temperature, 
negative strain rate sensitivity, i.e., a decrease in flow stress with increas-
ing strain rate, provides evidence for dynamic strain aging or carbon atom 
segregation to dislocations during testing. Dynamic strain aging is dis-
cussed in more detail in the next section of this chapter. Leslie and Sober 
recognized that rearrangement of carbon atoms during quenching and me-
chanical testing of steels with MS temperatures above room temperature 
provides major contributions to the strength of steels with martensitic mi-
crostructures, especially in steels with higher carbon contents. Table 18.1 
shows various operating strengthening mechanisms and their contributions 
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to the 0.2% offset yield strengths of as- quenched 4310 and 4340 steels. 
Figure 18.3 shows engineering stress- strain curves for as- quenched 4330, 
4340, and 4350 steels with martensitic microstructures (Ref 18.4). The 
4330 steel, with relatively low carbon content, showed ductile deforma-
tion behavior: significant uniform plastic deformation and strain harden-

Table 18.1 Strengthening components in as-quenched 
4310 and 4340 steels

Component

AISI 4310 AISI 4340

MPa ksi MPa ksi

Fine structure 620 90 620 90
Dynamic strengthening during the test 205 30 205 30
Work hardening 345 50 240 35
Rearrangement of carbon atoms during quench … … 760 110
Solid-solution strengthening by carbon … … 415 60
Total 0.2% offset yield strength 1170 170 2240 325

Source: Ref 18.3

Fig. 18.2  Flow stresses as a function of test temperature and strain rate for as-quenched AISI 4330 steel. Source: Ref 
18.3
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ing, necking, and post uniform elongation. The fracture surface of this 
specimen consisted of microvoids typical of ductile fracture. The 4350 
steel showed brittle behavior and almost no ability to sustain plastic defor-
mation. The fracture surface of the 4350 specimen consisted of intergran-
ular fracture, typical of quench embrittlement, as discussed in Chapter 19, 
“Low Toughness and Embrittlement Phenomena in Steels.” The stress- 
strain curve of the as- quenched 4340 steel shows limited plastic deforma-
tion, short of reaching an ultimate tensile strength associated with necking 
instability and nonuniform deformation. The fracture surface of the 4340 
specimen showed cleavage facets, a possible result of dynamic strain 
aging that limits ductility.

Dynamic Strain Aging in Martensite

Dynamic interactions between solute atoms and dislocations during de-
formation are well known in nonferrous and ferrous alloy systems (Ref 
18.5). Such interactions may lead to negative strain rate sensitivity, re-
duced ductility and fracture resistance, and discontinuous plastic flow. 
The discontinuous plastic flow produces serrations in stress- strain curves, 
and in view of early work is referred to as the Portevin- LeChatelier effect 
(Ref 18.6). Dynamic strain aging and serrated stress- strain curves are well 
known in low- carbon steels with microstructures of polycrystalline ferrite 
(Ref 18.7). Temperatures must be sufficiently high and strain rates suffi-
ciently low in order to permit carbon atom diffusion to dislocations. When 
dislocation motion is halted by carbon atom pinning, plastic deformation 
ceases and is resumed only by the generation of new, unpinned disloca-
tions, leading to a stress drop and subsequent strain hardening, until the 
pinning process is repeated, and another serration is produced.

Fig. 18.3  Engineering stress-strain curves for untempered martensitic micro-
structures in 4330, 4340, and 4350 steels. Source: Ref 18.4
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Dynamic strain aging of martensitic microstructures has received rela-
tively little attention. As noted previously, Leslie and Sober found evi-
dence for negative strain rate sensitivity in 43xx steels (Ref 18.3). Also, 
Owen and Roberts have studied serrated flow in martensitic Fe- 21% NiC 
alloys with carbon contents between 0.04 and 0.12 wt% (Ref 18.8, 18.9). 
Specimens were tested as a function of strain rates between 10–5 and 10–1 
and between room temperature and 200 °C (390 °F). Increasing carbon 
content at a constant strain rate lowered the temperature at which serrated 
flow initiated, and the temperature dependence of serrated flow initia- 
tion was characterized by an activation energy of 81.2 kJ/mol (19.1 kcal/
mol).

Dynamic strain aging has been characterized in martensite of a low- 
carbon steel containing 0.14% C, 1.48% Mn, 0.27% Si, and 0.04% Al 
(Ref 18.5, 18.10, 18.11). In view of the low hardenability associated with 
low- carbon steels, the relatively high manganese content of the subject 
steel provided sufficient hardenability to produce fully martensitic micro-
structures in sheet tensile specimens when quenched in ice water. Figure 
18.4 shows the as- quenched low- carbon steel microstructure, consisting 
of lath martensite crystals containing a high density of dislocations and 
interlath retained austenite. Tensile testing at room temperature of speci-
mens with as- quenched martensitic microstructures showed ductile defor-
mation behavior at all strain rates (Fig. 18.5) but with somewhat reduced 
ductility at the lowest strain rates. Serrated yielding was not observed at 
room temperature in the 0.14% C steel.

Tensile testing of specimens with martensitic microstructures in the 
0.14% C steel at 150 °C (300 °F) showed well- defined serrated yielding at 
intermediate strain rates. Figure 18.6 shows complete engineering stress- 
strain curves produced by tensile testing at 150 °C and Fig. 18.7 shows 
details of the stress- strain curves that exhibited serrated yielding. Serrated 

Fig. 18.4  Microstructure of lath martensite in 0.14% C steel. (a) Bright field TEM micrograph. (b) Dark field TEM 
micrograph taken with diffracted beam from interlath austenite (bright linear features). Source: Ref 
18.5

0.4 µm(a) 0.4 µm(b)
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Fig. 18.5  Engineering stress-strain curves for as-quenched martensite in 
0.14% C steel tested at various strain rates. Source: Ref 18.5

Fig. 18.6  Engineering stress-strain curves for 0.14% C steel with martensitic 
microstructure measured at 150 °C (300 °F) at various strain rates. 
Source: Ref 18.10

Fig. 18.7  Engineering stress-strain curves with serrated flow from specimens 
of 0.14% C steel with martensitic microstructure tested at 150 °C

(300 °F) at various strain rates. The curves have been vertically displaced to show 
details of the serrated curves. Source: Ref 18.10
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yielding occurred after a critical strain, εC, was achieved, and each drop in 
load corresponded to a shear- band type of surface marking that developed 
on the sheet tensile specimens. Figure 18.8 shows examples of shear bands 
that developed during deformation at 150 °C and illustrates that fracture 
eventually occurred through one of the deformation bands.

The activation energy for the initiation of serrated yielding in the 0.14% 
C low- carbon steel martensitic specimens was determined to be 77 kJ/mol 
(18 kcal/mol), in good agreement with the value calculated by Roberts 
and Owen for serrated flow during deformation of martensite in Fe- Ni- C 
alloys. These values of activation energy fall within the ranges reported 
for serrated flow in ferritic microstructures and for the diffusion of car- 
bon in bcc iron (Ref 18.12). Transmission electron microscopy, Fig. 18.9, 
showed that the dislocation structure of the martensite in specimens in 
which serrated yielding had developed consisted of residual linear arrays 
of screw dislocation lines, in contrast to the high density of tangled dislo-
cations characteristic of as- quenched low- carbon martensite. This obser-
vation, together with the measured activation energy, indicates that carbon 
atoms have diffused to screw dislocations during deformation and that the 
pinned screw dislocations are no longer able to cross- slip and generate the 
new dislocations required to sustain uniform deformation (Ref 18.7, 
18.13). The uniform deformation during the critical strain stage of defor-
mation is attributed to the motion of edge and mixed dislocations of the 
as- quenched martensite prior to the pinning of the screw dislocations, but 
eventually this source of mobile dislocations is exhausted.

When the screw dislocations are no longer able to cross- slip, further 
deformation is possible only by the generation of new unpinned disloca-
tions. When high densities of mobile dislocations are generated in constant- 
strain- rate tests, stress drops, as described in Chapter 11, “Deformation, 

Fig. 18.8  Deformation bands on sheet tensile specimen that showed ser-
rated flow during testing at 150 °C (300 °F). Source: Ref 18.10
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Strengthening, and Fracture of Ferritic Microstructures,” for discontinu-
ous yielding and Lüders band propagation in ferritic microstructures in 
low- carbon steels. This mechanism explains the stress drops and forma-
tion of the localized deformation bands shown in Fig. 18.8, but in de-
formed martensite the deformation bands do not propagate as do the Lüders 
bands in ferritic microstructures.

Figure 18.10 summarizes the deformation behavior of low- carbon mar-
tensite in the 0.14% C steel tested at 150 °C. As noted relative to Fig. 18.6, 
only specimens tested at intermediate strain rates develop serrated yield-
ing. Specimens tested at very low strain rates, i.e., those specimens that 
spend long times at temperature during a test, do not develop serrated 
yielding, and show high strain hardening and high values of uniform and 
total elongation. This behavior is explained by the precipitation of car-
bides during the long time exposures at temperature in the slow strain rate 
tests. As a result of carbide formation, carbon atoms are not available for 
segregation and pinning of dislocations; therefore, dislocation multiplica-
tion and strain hardening are possible.

The dynamic strain aging and serrated yielding of the hardened low- 
carbon steel as just described required deformation above room tempera-
ture. It is possible that in higher- carbon steels, with higher- martensitic 
dislocation densities and higher- carbon contents, shorter carbon diffusion 
distances would make possible significant dynamic strain aging at room 
temperature, accounting for the as- quenched 4340 stress- strain behavior 
shown in Fig. 18.5 (Ref 18.14).

Fig. 18.9  Residual screw dislocation (linear features) substructure in mar-
tensite of a 0.14% C steel tensile tested at 150 °C (300 °F) at a 
strain rate of 8.3 × 10–4 sec–1. Source: Ref 18.5
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Mechanical Behavior of Low- Temperature-  
Tempered Martensite

As- quenched martensite has the highest hardness of any microstructure 
that can be produced in a given steel. However, in order to avoid low 
toughness and brittle fracture, especially in as- quenched higher- carbon 
steels, as has been shown in Fig. 18.3, quenched steels are tempered over 
a range of temperatures. To preserve high hardness and strength, martens-
itic microstructures are tempered at low temperatures, between 150 and 
200 °C (300 and 390 °F). Such low- temperature- tempered (LTT) micro-
structures retain high hardness, achieve high ultimate tensile strengths, 
and have moderate ductility and fracture resistance, depending on carbon 

Fig. 18.10  The effect of strain rate on ductility (top), strain hardening (mid-
dle), and tensile and yield strengths (bottom) of an 0.14% C steel

with martensitic microstructure tested at 150 °C (300 °F). Source: Ref 18.10
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concentration. Figure 18.11 shows the hardness range associated with 
LTT steels as a function of carbon content, and Fig. 18.12 shows mechani-
cal properties of 4340 steel as a function of tempering temperature. The 
differences between yield and ultimate tensile strengths reflect the high 
strain hardening capacities of LTT 4340 steel microstructures that lead to 
high tensile strengths. This section describes in detail the effect of carbon 
content on the fine structure, mechanical properties, deformation mecha-
nisms, and fracture of LTT low- and medium- carbon steels (Ref 18.16, 
18.17).

The deformation behavior of LTT hardened microstructures depends 
primarily on the role that carbon plays in establishing the fine structure 
that must both resist dislocation motion, in order to provide high yield 
strength, and sustain dislocation motion, in order to provide high tensile 
strengths, ductile fracture behavior, and high toughness. Figure 18.4 has 
shown the lath martensite microstructure in a low- carbon steel, and Fig. 
18.13 shows the fine structure of 4130 and 4150 steels quenched to mar-
tensite and tempered at 150 °C. Retained austenite does not transform 
during heating to temperatures below 200 °C, and therefore is a small but 

Fig. 18.11  Hardness as a function of steel carbon content for as-quenched 
and low-temperature-tempered (crosshatched area between 150

and 200 °C, or 300 and 390 °F) martensitic microstructures. Source: Ref 18.15
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important LTT microstructural component of hardened low-  and medium- 
carbon steels. The retained austenite is present as thin remnant crystals 
between martensite laths, and measurements of retained austenite in 4130, 
4140, and 4150 steels quenched and tempered at 150 °C showed, respec-
tively, 1.4, 3.8, and 5.9 vol% retained austenite (Ref 18.18).

The dominant component of LTT microstructures is the fine structure or 
substructure within crystals of tempered martensite. The fine structure 
consists of high densities of dislocations produced by the lattice invariant 
deformation and volume changes associated with the martensitic transfor-
mation and fine transition carbides that have precipitated to relieve the 
supersaturation of carbon in the body- centered tetragonal crystal structure 
of martensite. The dislocations are difficult to resolve, even by transmis-
sion electron microscopy, but several studies have shown that the dislo-
cation density in martensite crystals increases with increasing carbon 
concentration (Ref 18.19–18.21). As carbon content increases, the densi-
ties of transition carbides also increase, and spacings between carbides 
decrease, within the crystals of lath martensite, as shown in Fig. 18.13.

Figure 18.14 shows a family of engineering stress- strain curves for 
43xx steels of various carbon contents quenched to martensite and tem-
pered at 150 °C for one hour. All of the curves show continuous yielding, 
high rates of strain hardening to ultimate tensile strengths, necking insta-
bility, and post- uniform necking elongation to ductile fracture. The vari-

Fig. 18.12  Mechanical properties as a function of tempering temperature 
for 4340 steel tempered for times of 1 h. Ultimate tensile strength

(UTS), yield strength (YS), reduction of area (RA), and total elongation (etel) are 
plotted, and the properties for low-temperature-tempered  (LTT) specimens are 
noted. Source: Ref 18.4
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ous stages of deformation are strongly dependent on carbon content. 
Figures 18.15 and 18.16 show, respectively, strength properties and ductil-
ity parameters as a function of steel carbon content for 41xx and 43xx 
steels with LTT microstructures. With increasing carbon content up to 
0.5%, strength parameters increase dramatically, while ductility parame-
ters other than uniform elongation decrease sharply. Only hardness could 
be measured in LTT steels containing more than 0.5% C because of quench 
embrittlement. Variations in the amounts of substitutional alloying ele-
ments chromium, nickel, and molybdenum in 41xx and 43xx steels have 
no apparent effect on the mechanical properties of LTT martensites but 

Fig. 18.13  (a) Interlath retained austenite (white diagonal bands) and transition carbides in 4130 steel tem-
pered at 150 °C (300 °F). (b) Dense transition carbide precipitation in a martensite lath in 4150 steel 
tempered at 150 °C. Dark-field transmission electron micrographs. Courtesy of J.M.B. Losz

Fig. 18.14  Engineering stress-strain curves for 43xx steels with various car-
bon contents quenched to martensite and tempered at 150 °C  
(300 °F) for 1 h. Courtesy of J.A. Sanders
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Fig. 18.15  Strength properties as a function of carbon content of 41xx and 
43xx steels quenched to martensite and tempered at 150 °C 
(300 °F) for 1 h

%

Fig. 18.16  Ductility properties as a function of carbon content of 41xx and 
43xx steels quenched to martensite and tempered at 150 °C 
(300 °F) for 1 h

%
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affect hardenability and at higher tempering temperatures serve to retard 
softening, as described in earlier chapters.

The mechanical behavior of LTT martensites is very much dependent 
on their strain- hardening capacities. Elastic limits, i.e., the stresses at 
which the first plastic flow is measurable, are quite low in as- quenched 
and LTT martensitic microstructures (Ref 18.22), and Fig. 18.17 shows 
that elastic limits, measured in the microstrain region, decrease with in-
creasing carbon content (Ref 18.23). The decreases in elastic limits are 
related to increasing amounts of retained austenite (Ref 18.24, 18.25). 
With increasing stress, the retained austenite transforms by stress- assisted 
mechanisms to martensite (Ref 18.26) within the microstrain regime, con-
tributing to very high rates of strain hardening that produce yield strengths 
measured at 0.002 strain, especially in the medium- carbon steels with 
higher carbon content, as shown in Fig. 18.17. In high- carbon steels with 
microstructures consisting of plate martensite and large volume fractions 
of retained austenite, the austenite transforms to martensite mechanically 
by strain- induced mechanisms (Ref 18.25, 18.26).

At strains above those that produce macroscopic offset yield strengths, 
strain hardening continues to increase with increasing carbon content (Ref 

Fig. 18.17  Flow stresses at various plastic strains, determined during com-
pression testing, as a function of carbon content in quenched

41xx steels tempered at 150 °C (300 °F). The elastic limits were determined by 
strain gage measurements in specimens tempered at 200 °C (390 °F). Source: Ref 
18.23
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18.16, 18.17). At all strains up to the uniform elongation, the strain- 
hardening rates of the higher carbon LTT microstructures are higher than 
those of the low- carbon LTT microstructures. The higher strain- hardening 
rates lead not only to increased ultimate tensile strengths with increasing 
carbon content, but also to the increases in uniform elongation shown in 
Fig. 18.16. The high strain- hardening rates defer necking instability and 
therefore increase uniform elongation, as described in Chapter 11, “Defor-
mation, Strengthening, and Fracture of Ferritic Microstructures.”

Although uniform elongation increases somewhat with increasing car-
bon content in LTT martensites, all of the other measures of tensile duc-
tility fall sharply with increasing carbon. This carbon dependence is 
explained by the very high ultimate strengths generated by the strain hard-
ening in the higher- carbon steels. As a result, very little post- uniform 
strain is required to generate the triaxial stresses required for ductile frac-
ture. The reduced requirement for necking with increasing carbon content 
is shown on a macroscopic scale in tensile specimens in Fig. 18.18. Figure 
18.19 shows the central constrained flat fracture zones and the shear frac-
ture zones that comprise the cup- cone fracture morphologies of the tensile 
specimens, and Fig. 18.20 and 18.21 show that the central fracture and 
shear fracture surfaces are characterized by fine microvoids. The central 
fracture zone has some coarse microvoids, formed around inclusion par-
ticles, but most of the microvoids are very fine and have formed around 
spherical carbide particles, on the order of 50 nm (500 Å) in size, that are 
typically retained after austenitizing at temperatures commercially used 
for hardening (Ref 18.27, 18.28). The micromechanism of ductile fracture 
on the shear lips is also microvoid nucleation, growth, and coalescence, 
but the microvoids that have formed around undissolved carbide particles 
are much shallower and more uniform in size than those on the central 

Fig. 18.18  Photograph of necking and fracture of tensile specimens of mar-
tensitic 41xx steels tempered at 150 °C (300 °F). From left to 
right: 4130, 4140, 4150
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fracture surfaces of the tensile specimens. Only those particles on the lo-
calized shear plane have participated in the ductile fracture process, and 
few inclusion particles were present on those localized shear planes. The 
very fine transition carbides, although very important in strain hardening, 
are too fine to be involved in the ductile fracture process.

Despite the large differences in ultimate tensile strength as a function of 
carbon content in LTT steels, the critical stresses for microvoid formation 
at ductile fracture are all about the same, 4000 MPa (580 ksi) (Ref 18.4). 
This value was calculated from the true plastic stress in the neck of tensile 
specimens at fracture and the stress concentration due to necking. The 
specimens were from vacuum- melted steels and therefore had low inclu-
sion contents. Higher coarse inclusion contents would lower fracture 
stresses. The almost constant fracture stress and the similarity of the  
fracture surfaces of LTT specimens emphasize the importance of strain 
hardening in deformation and fracture. Low strain- hardening rates in low- 
carbon LTT specimens produce low ultimate strengths, and therefore these 

Fig. 18.19  Central and near-surface shear fracture areas of martenstic of 41xx steel tensile speci-
mens tempered at 150 °C (300 °F). (a) 4130. (b) 4140. (c) 4150. SEM micrographs

1 mm(b) (c)

(a)
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Fig. 18.20  Fracture surface topographies from central fracture regions of martensitic 41xx steel 
tensile specimens tempered at 150 °C (300 °F). (a) 4130. (b) 4140. (c) 4150. SEM 
micrographs

(a)

(b) 10 µm(c)

Fig. 18.21  Fracture surface topologies of near-surface shear regions of martensitic 41xx steel 
tensile specimens tempered at 150 °C (300 °F). (a) 4130. (b) 4140. (c) 4150. SEM 
micrographs

(a)

(b) 10 µm(c)
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specimens require considerable necking deformation to reach the critical 
ductile fracture stress for a given distribution of second- phase particles. In 
contrast, the high strain- hardening rates of the high- carbon LTT speci-
mens produce much higher ultimate tensile strengths, and therefore little 
post- uniform deformation is required to produce ductile fracture in speci-
mens with effectively the same distributions of second- phase particles.

The increased strain hardening of LTT martensite with increasing car-
bon content is related to increasing dislocation densities and increased 
transition carbide densities with carbon content as described previously. 
According to the work- hardening theory of Kuhlmann- Wilsdorf (Ref 
18.29), the stresses necessary to generate new segments of glide disloca-
tions to sustain plastic deformation are dependent on the longest unre-
strained dislocation lengths in a substructure (Ref 18.29). The flow stress, 
τ, at a given strain is given by:

τ = τ0 + constant × Gb/l (Eq 18.1)

where τ0 is the friction stress for dislocation motion in a crystal structure 
without other obstacles, G is the shear modulus, b is the Burgers vector of 
active dislocations, and l is the average momentary link length or active 
dislocation length. In LTT martensite free dislocation link lengths are con-
tinuously decreased by interactions of dislocations with transition car-
bides and evolving dislocation substructure and, consequently, flow stresses 
increase with increasing strain. Finer link lengths are generated in the 
higher- carbon microstructures with more closely spaced dislocations and 
more closely spaced transition carbides, and as a result, higher flow stresses 
and higher rates of strain hardening are generated in the higher- carbon 
specimens.

The examples of the response of steels with LTT martensitic micro-
structures to this point have all been presented as a function of tempera-
ture for specimens tempered for a constant time, typically one hour. 
However, the changes in microstructure produced during the first stage of 
tempering are diffusion dependent and therefore depend on both tempera-
ture and time. The effect of both temperature and time on the mechanical 
properties of LTT martensitic specimens has been characterized in a re-
cent study (Ref 18.4). Samples of 4330, 4340, and 4350 steels quenched 
to martensite and tempered at 150 °C (300 °F), 175 °C (350 °F), and 200 °C 
(390 °F) for times of 10 min, 1 h, and 10 h, were subjected to uniaxial 
tensile testing. The results were plotted as a function of a Hollomon- Jaffe 
temperature- time parameter of the form T(C + log t) where temperature T 

is in Kelvin and time t is in seconds (Ref 18.30). The multiplying effect of 
temperature and the log term for time in the parameter reflect the greater 
importance of temperature in producing diffusion- dependent microstruc-
tural changes.

Figures 18.22 and 18.23 show, respectively, hardness and ultimate ten-
sile strength as a function of the temperature- time tempering parameter 
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for the 43xx steels tempered for various times at temperatures between 
150 and 200 °C. For each steel, increasing tempering intensity, either by 
increasing tempering time or temperature, lowers hardness and tensile 
strength, and carbon content establishes the baseline for each steel. Figure 
18.24 shows an excellent correlation of hardness to ultimate tensile 
strength for the LTT martensitic microstructures. All of the specimens, 

Fig. 18.22  Hardness as a function of temperature-time tempering parame-
ter for 43xx steels tempered for various times at temperatures of

150 °C (300 °F), 175 °C (350 °F), and 200 °C (390 °F). Temperature is in Kelvin 
and time is in seconds. Source: Ref 18.4

Fig. 18.23  Ultimate tensile strength (UTS) as a function of temperature-time 
tempering parameter for 43xx steels tempered for various times 

at 150 °C (300 °F), 175 °C (350 °F), and 200 °C (390 °F). Temperature is in Kelvin 
and time in seconds. Source: Ref 18.4
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except for the 4350 specimens tempered at the lowest temperature for the 
shortest times, failed by ductile fracture characterized by microvoid for-
mation around second- phase particles close to essentially the same frac-
ture stress of 4000 MPa (580 ksi). The 4350 specimens that did not fail by 
ductile fracture failed by intergranular brittle fracture typical of quench 
embrittlement as described in the next chapter.

The continuous decrease in strength with increasing tempering inten-
sity during the first stage of tempering reflects coarsening of the transition 
carbide arrays and recovery or decreases of high densities of as- quenched 
dislocations in the matrix martensite. According to the Kuhlmann- Wilsdorf 
theory, this coarsening of the substructure would increase the free link 
length of matrix dislocations and reduce flow stresses and strain harden-
ing, leading to reduced ultimate tensile strengths.

Mechanical Behavior of High- Temperature-  
Tempered Martensite

Figure 18.12 shows that yield and ultimate tensile strengths converge 
and decrease with increasing tempering temperature for 4340 steel. Al-
though hardness and strength of hardened steels decrease with increasing 
tempering temperature, high- temperature- tempered (HTT) martensitic mi-
cro structures have excellent combinations of strength, ductility, and tough-
ness. The convergence of the yield and ultimate tensile strengths is a result 
of greatly reduced strain hardening that accompanies the continuous de-
creases in dislocation densities and the precipitation and coarsening of 
cementite particles that occur during the second and third stages of tem-
pering as described in Chapter 17, “Tempering of Steel.” These changes in 

Fig. 18.24  Ultimate tensile strength (UTS) versus hardness for LTT 43xx 
specimens tempered in the temperature and time ranges noted 
in the figure. Source: Ref 18.4
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microstructure effectively increase the free dislocation link lengths in the 
tempered martensite substructure and reduce the flow stresses necessary 
for sustained plastic deformation.

This section presents data that extends the work on low- temperature- 
tempering of 43xx steels to higher tempering temperatures, and is a prod-
uct of Dr. Young- Kook Lee during a research visit to the Colorado School 
of Mines in 1998 (Ref 18.31, 18.32). Specimens were quenched to mar-
tensite and tempered at 250 °C (480 °F), 300 °C (570 °F), 350 °C (660 °F), 
400 °C (750 °F), 500 °C (930 °F), and 600 °C (1110 °F) for times of  
10 min, 1 h, and 10 h. Figures 18.25, 18.26, and 18.27 show, respectively, 
engineering stress- strain curves for 4330, 4340, and 4350 steels tempered at 
temperatures from 150 to 600 °C (300 to 1110 °F) for1h or 3600 seconds. 
Dramatic decreases in strength with increasing tempering temperature are 
shown. Curves of strain hardening as a function of true strain calculated 
from the tensile data in Fig. 18.25 to 18.27 are shown in Fig. 18.28 to 18.30. 
The decreases in ultimate tensile strengths for the three steels correlate well 
with significant decreases in strain hardening. Minima in the strain- hardening 
curves at low strains identify inflection points on the stress- strain curves that 
mark the transition to discontinuous yielding after high- temperature temper-
ing, and very little strain hardening occurs in the coarse, recovered micro-
structures of the specimens tempered at the highest temperatures.

The tensile data of the 43xx steels tempered at temperatures above 
those that produce first- stage microstructures provide some evidence for 

Fig. 18.25  Engineering stress-strain curves for quenched 4330 steel tem-
pered at various temperatures for 1 h. Courtesy of Young-Kook 
Lee. Source: Ref 18.31
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Fig. 18.26  Engineering stress-strain curves for quenched 4340 steel tem-
pered at various temperatures for 1 h. Courtesy of Young-Kook 
Lee. Source: Ref 18.31

Fig. 18.27  Engineering stress-strain curves for quenched 4350 steel tem-
pered at various temperatures for 1 h. Courtesy of Young-Kook 
Lee. Source: Ref 18.31



428 / Steels—Processing, Structure, and Performance, Second Edition

Fig. 18.28  Strain hardening as a function of true strain for quenched 4330 
specimens tensile tested after tempering at various temperatures 
for 1 h. Courtesy of Young-Kook Lee. Source: Ref 18.31

Fig. 18.29  Strain hardening as a function of true strain in quenched 4340 
specimens tensile tested after tempering at various temperatures 
for 1 h. Courtesy of Young-Kook Lee. Source: Ref 18.31
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embrittlement phenomena that develop on tempering. In particular, the 
stress- strain curves for the 4330 steel tempered at temperatures between 
250 and 400 °C (480 and 750 °F) show decreased elongation compared 
with the LTT specimens tempered between 150 and 200 °C (300 and  
390 °F). This reduction in ductility, despite reduced strength, is a typical 
manifestation of tempered martensite embrittlement in slow strain- rate 
tests and is associated with coarse carbide particles introduced by second-
  and third- stage tempering. Figures 18.31 and 18.32 show, respectively, 
reduction of areas measured from tensile specimens of the 43xx steels 
tempered at one hour and 10 h. Reduction of area of the specimens tem-
pered for one hour show essentially a continuous increase with increasing 
tempering temperature. However, the specimens tempered for 10 h show 
a sharp drop in reduction of area at 500 °C (930 °F). This drop in ductility 
cor relates with temper embrittlement, an embrittlement phenomenon that 
 develops at high tempering temperatures, around 500 °C, after long- time 
temperature exposure. The long times are related to the fact that the em-
brittlement is associated with cosegregation of substitutional alloying ele-
ments, which require long times for diffusion, and impurity elements such 
as phosphorus, to prior austenite grain boundaries.

Figures 18.33, 18.34, and 18.35 show, respectively, yield strength, ulti-
mate tensile strength, and hardness as a function of the temperature- time 

Fig. 18.30  Strain hardening as a function of true strain for quenched 4350 
specimens tensile tested after tempering at various temperatures 
for 1 h. Courtesy of Young-Kook Lee. Source: Ref 18.31
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Fig. 18.32  Reduction of area versus tempering temperature for quenched 
43xx steels tempered for 10 h (36,000 s). Courtesy of Young-
Kook Lee. Source: Ref 18.31

Fig. 18.31  Reduction of area as a function of tempering temperature for 
quenched 43xx specimens tempered for 1 h (3600 s). Courtesy 
of Young-Kook Lee. Source: Ref 18.31
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Fig. 18.33  Yield strength as a function of time-temperature tempering pa-
rameter for quenched 43xx steels tempered for various times 
and temperatures. Courtesy of Young-Kook Lee. Source: Ref 18.31

Fig. 18.34  Ultimate tensile strength (UTS) as a function of temperature-time 
tempering parameter for quenched 43xx steels tempered at vari-

ous times and temperatures. Courtesy of Young-Kook Lee. Source: Ref 18.31
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tempering parameter for the hardened 43xx steels. The yield strength data 
(Fig. 18.33) show the transition between LTT and HTT deformation be-
havior and the strong effect of the lightly tempered structures on produc-
ing lower yield strengths. The low yield strengths are related to high 
densities of unpinned dislocations. When this source of plasticity is re-
duced by recovery, higher stresses are required to initiate yielding and the 
stress- strain curves at low strains are less rounded. The ultimate tensile 
strength and hardness data for all tempering heat treatments provide rea-
sonable straight line fits, but an argument could be made for a change in 
slope at the transition between LTT and HTT microstructures. The very 
low hardness values, below valid levels for the Rockwell C scale, for the 
specimens tempered at the highest temperatures for the longest times, Fig. 
18.35, are a result of the recrystallization of the tempered martensite mi-
crostructure, as described in Chapter 17, “Tempering of Steel.”

Summary of Microstructure, Strengthening, and 
Fracture Mechanisms of Quenched and Tempered 
Carbon and Low Alloy Carbon Steels 

This chapter has described in detail some of the deformation and frac-
ture mechanisms that operate in the microstructures of quenched and tem-

Fig. 18.35  Hardness as a function of temperature-time tempering parame-
ter for quenched 43xx steels tempered at various times and tem-
peratures. Courtesy of Young-Kook Lee. Source: Ref 18.31
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pered steels. The microstructures have many components, each of which 
makes some sort of contribution to mechanical behavior. Table 18.2 lists 
in the left column the many components that may make up the microstruc-
tural systems of quenched and tempered carbon steels, depending on alloy 
composition and tempering. The other columns then briefly state the effect 
of each component on mechanical behavior after tempering at low and 
high temperatures. The emphasis is on the mechanisms that drive me-
chanical behavior: quantitative examples such as stress- strain curves have 
been given earlier in this chapter. 

A version of Table 18.2 was first published in 2011 in an effort to relate 
tempered martensitic microstructures to hydrogen embrittlement, in view 
of the possibility that each microstructural component under certain con-
ditions may serve as a trapping site for hydrogen (Ref 18.33). However, 
apart from consideration of susceptibility to hydrogen embrittlement, Table 
18.2 identifies two quite different sets of microstructures and strengthen-
ing mechanisms produced by quenching and tempering. One set is pro-

Table 18.2 Components in quenched and tempered low- and medium-carbon 
steels microstructural systems, their effect on mechanical behavior, and effect of 
tempering.

LTT refers to low-temperature tempering, 150 to 200 °C, or 300 to 390 °F, and HTT refers to  
high-temperature tempering, roughly 500 to 650 °C, or 930 to 1200 °F

Microstructural component Mechanical contribution Effect of increasing tempering

Inclusions No strengthening; fracture initiation 
sites

None

Retained carbides after austenitizing Microvoid initiation sites during 
ductile fracture

None during LTT; coarsening 
during HTT

Dislocations  in martensite crystals Major strengthening component in 
LTT steels

Major decreases to strengthening 
due to reductions in densities by 
recovery mechanisms

Eta transition carbides in martensite 
crystals

Major strengthening component in 
LTT steels

Replaced by cementite after 
tempering above 200 °C (390 °F)

Martensite crystal boundaries Minor strengthening component in 
LTT steels

Large angle residual martensite 
crystal boundaries are a major 
source  of HTT strengthening

Retained austenite
Stress-induced transformation to 

martensite in LTT steels; above 
200 °C (390 °F) transforms to 
carbides and  the carbides cause 
tempered martensite 
embrittlement

Transforms to cementite and ferrite 
above 200 °C (390 °F); silicon 
retards cementite formation

Martensite packet and/or block 
boundaries

Minor strengthening component in 
LTT steels

Intra-packet structure coarsens with 
increasing tempering

Prior austenite grain boundaries
Minor strengthening component; 

sites for impurity and carbon 
atom segregation  leading to 
susceptibility to intergranular 
fracture in steels with more than 
0.5% C in LTT conditions

Strengthening largely unchanged 
unless tempered martensite 
recrystallizes at very high HTT. 
Effects of quench embrittlement 
are eliminated by HTT, but other 
types of embrittlement with  
intergranular fracture may occur

Cementite and/or alloy carbides 
formed during tempering 

Cementite does not form during 
LTT tempering; during HTT 
tempering Mn, Cr, Mo are 
incorporated into cementite, 
reduce rate of coarsening and 
softening.

During HTT cementite contributes 
dispersion strengthening; alloy 
carbides may precipitate, and 
may cause secondary hardening

Nitrides, carbides, and/or 
carbonitrides formed by V, Nb, or 
Ti 

May retard austenite grain growth 
during austenitizing; retard 
coarsening during HTT 
tempering

May precipitate during HTT, may 
contribute secondary hardening
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duced by low- temperature tempering between 150 and 200°C (300 and 
390 °F), the other by high- temperature tempering approximately between 
500 and 650 °C (930 and 1200 °F). Tempering treatments between these 
two sets are certainly used industrially, but the two sets identified here are 
used to relate major differences in substructure to quite different strength-
ening mechanisms. 

The LTT properties are produced by intense strain hardening of the 
high- density dislocation/transition carbide substructure within martensitic 
crystals. Only carbon atom diffusion influences the changes in substruc-
ture. The stresses required to move and multiply closely spaced disloca-
tions produce the high rates of strain hardening that lead to high ultimate 
tensile strengths and high hardness. 

In contrast, HTT properties in the extreme case are dependent on grain- 
boundary and dispersion strengthening. Strain hardening is minimal and 
hydrogen embrittlement resistance is high. In this extreme case, high- 
temperature tempering may remove all dislocations that are part of as- 
quenched and LTT substructures, and cementite particles, enriched in 
alloying elements, and possibly also alloy carbide precipitates, replace 
very fine transition carbides. As described in Chapter 17, “Tempering of 
Steel,” at least in Fe- C alloys, high- temperature tempering eliminates low-  
angle boundaries between martensite crystals, but retains the very closely 
spaced large- angle grain boundaries in packets of the lath martensite that 
forms in low-  and medium- carbon steels, thus providing very fine effec-
tive grain size. Fine grain size, Chapter 11, “Deformation, Strengthening, 
and Fracture of Ferritic Microstructures ,” is the one strengthening mecha-
nism that increases both strength and fracture resistance, and in the case of 
HTT martensite the very fine size of the remnant lath martensite crystals 
provides exceptional combinations of strength and toughness. Elements 
such as Mn, Mo, and Cr in low- alloy steels help to keep the tempered 
martensite (now ferrite) crystal structure fine by maintaining fine carbide 
sizes that serve to pin boundaries and limit grain growth.

As noted, the HTT microstructures and mechanisms described above, 
with or without minimal retained dislocation content and retaining the fine 
lath structure of martensite, represent an extreme combination of strength 
and structure. More intense tempering eventually produces the equiaxed 
ferrite/spheroidized cementite microstructure of spheroidized steels. 

On the other side of HTT, less intense tempering, or the effects of alloy-
ing and austenitizing, may cause dislocations to be retained and contribute 
to strain hardening and strengthening. These effects are demonstrated 
when microalloyed steels are either direct- quenched to martensite after 
hot rolling or reheated and austenitized after hot rolling and quenched to 
martensite (Ref 18.34, 18.35). High- temperature- tempered martensitic 
steels direct- quenched from high rolling temperatures may retain microal-
loying elements in solution in the austenite that is subsequently quenched 
into the martensite and therefore during high- temperature tempering pre-
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vent recovery of dislocation structures and/or cause fine- scale secondary 
carbide precipitation. This effect is best demonstrated by differences in 
yielding: direct- quenched HTT stress strain curves show the continuous 
yielding associated with high retained dislocation contents and associated 
strain hardening, and reaustenitized samples show the discontinuous 
yielding associated with low and pinned dislocation densities (Ref 18.36). 
During reaustenitizing, microalloying elements that would affect high- 
temperature tempering may be removed from solution in the austenite and 
therefore not be available to restrain recovery of lath martensitic micro-
structures during tempering. 

The discussion in the previous paragraph shows there is still much to be 
learned about the mechanisms of strengthening and microstructural 
change, in particular the interrelationships of alloying, austenitizing, and 
tempering at higher temperatures, in quenched and tempered steels. Nev-
ertheless the discussion is summarized and framed by the brief statements 
in Table 18.2 by what is generally known at this point about the complex 
multi- component microstructural systems of quenched and tempered mar-
tensite and the effects of tempering on those microstructures, strengthen-
ing, and fracture mechanisms in carbon and low- alloy carbon steels.
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CHAPTER 19

Low Toughness and 
Embrittlement 

Phenomena in Steels

ToUgHNESS IS THE TERM used to describe the ability of a steel 
microstructure to resist fracture. Many factors in addition to microstruc-
ture affect whether a steel will have high or low toughness, and these fac-
tors are incorporated into the many tests used to evaluate fracture behavior. 
Charpy V- notch (CVN) testing evaluates the effect of high strain rate load-
ing and a sharp notch on the energy absorbed for fracture. Tensile tests 
measure, at low strain rates, reduction of area and total elongation, both 
parameters sensitive to fracture, and the area under the stress- strain curve 
offers a measure of the energy absorbed for deformation and fracture. 
Fracture toughness (KIC) testing evaluates stress intensities required to 
propagate unstable fracture in front of a sharp crack under conditions of 
maximum constraint of plastic flow. Thus, CVN impact testing and tensile 
testing evaluate deformation prior to crack initiation as well as fracture 
propagation mechanisms in relatively large process volumes in test speci-
mens, while fracture toughness evaluates only crack propagation in the 
presence of an already- created flaw in a relatively small process zone 
ahead of the flaw. Each type of testing depends on specimen design and 
dimensions and testing methodology, and the reader is referred to the 
Handbook literature for details of the various tests (Ref 19.1, 19.2).

There are two quite different stages in the life of steel products when 
difficulties with fracture resistance and cracking may be a problem. The 
first stage is during steelmaking, steel solidification, and hot working, i. e., 
during primary processing. Cracking developed during this stage is identi-
fied and corrected in the steel mill, but may occasionally find its way into 
finished products. The second major stage is in finished steel products, 
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 either associated with final heat treatment or during low- performance and 
fracture during application. These types of failure and the stress states that 
cause the failures are described by Wulpi (Ref 19.3).

This chapter describes some of the interrelated processing, chemical, 
and microstructural causes associated with cracking, low toughness, and 
embrittlement phenomena in carbon and low- alloy steels and relates these 
causes to fracture surface characteristics. Embrittlement implies a pro-
cessed microstructural condition that creates lower toughness than expected 
for a steel (Ref 19.4). For example, a generally valid rule for coupling 
properties and toughness states that the lower the hardness and strength, 
the higher are the ductility and toughness of a microstructure. However, 
embrittlement phenomena are exceptions to this rule, and tempered mar-
tensite embrittlement, for example, lowers ductility and toughness as 
hardness and strength decrease within a certain range of tempering tem-
peratures. Under some conditions steels have inherently low toughness, 
as, for example, steels with bcc ferritic microstructures tested at tempera-
tures below their ductile to brittle transition temperatures, as described in 
Chapter 11, “Deformation, Strengthening, and Fracture of Ferritic Micro-
structures.” Below the transition temperature fracture occurs by transgran-
ular cleavage on <100> planes of the bcc ferrite microstructure.

Cracking During Primary Processing

The formation of inclusions and banding and their possible detrimental 
effects on toughness have already been discussed in Chapter 9, “Primary 
Processing Effects on Steel Microstructure and Properties,” and are not 
discussed further here. Instead the various types of cracking that occur 
early during steel manufacture are discussed. Figure 19.1, taken from the 
now- classical technical paper by Brimacombe and Sorimachi, shows 
schematically the many types of cracking that may develop in continu-
ously cast steel (Ref 19.5). Temperature ranges, stresses, microstructures 
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Fig. 19.1  Types of cracks that may develop in the continuous casting of steel. 
Internal cracks: 1- midway, 2- triple point, 3- centerline, 4- diagonal,

5- straightening/bending, 6- pinch roll. Surface cracks: 7- longitudinal mid- face,  
8- longitudinal corner, 9- transverse mid- face, 10- transverse corner, 11- star. Source: 
Ref. 19.5
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and chemical effects are related to each type of cracking. A critical tem-
perature range is between 1340 °C (2440 °F) to the solidus when liquid 
steel is solidifying in a thin solid shell in the mold. Figure 9.4 from Thomas 
(Ref 19.6) in Chapter 9, “Primary Processing Effects on Steel Microstruc-
ture and Properties,” shows the many factors involved during shell forma-
tion in the mold, including the protective mold flux and oscillation marks, 
and the ferrostatic pressure between support rolls below the mold that may 
cause bulging. At the very high temperatures associated with solidification 
the strength of the solidifying steel is very low and sulfur and phosphorus 
significantly increase solidification cracking sensitivity (Ref 19.5). 

Brimacombe and his colleagues continued to work on the effects of 
steelmaking, including for example, comprehensive analysis of mold fluxes 
and their performance (Ref 19.7), and analysis of oscillation marks and 
hook formation. The formation is a complex solidification phenomenon 
that occurs at the beginning of the meniscus interface with the liquid mold 
flux, especially in very low- carbon steels (Ref 19.8). The steelmaking com-
munity lost a very talented metallurgist when Keith Brimacombe died early 
at the age of 54 in 1997. His memory is honored in a 2000 Symposium (Ref 
19.9) and in the annual J. Keith Brimacombe Memorial Lecture of AIST.

Longitudinal mid- face surface cracks (Fig.19.1) tend to form in con-
tinuously cast slabs, cast at high speeds, typically in steels with carbon 
contents in the range of about 0.08 to 0.18 wt% carbon, depending on 
alloy content. These steels solidify by the formation of bcc ferrite crystals 
which on cooling must transform to fcc austenite or combine with liquid 
steel by the peritectic reaction to form austenite as described generally in 
Chapter 3, “Phases and Structures,” and as characterized in detail in Fe- 
0.14% C and 0.42% C steels by Shibata et al. (Ref 19.10). The decrease in 
volume when the ferrite transforms to austenite creates uneven shell 
growth and stresses that lead to cracking of the thin layer of very low 
strength solid steel at high solidification temperatures.

Samarasekera, in the Brimacombe Symposium (Ref 19.11), states:

One of the most profound discoveries in the history of continuous 
casting of steel was the influence of steel carbon content on mould 
heat transfer and shell growth. The result of a path- breaking study on 
a pilot caster at U. S. Steel, Singh and Blazek established the role of 
delta to gamma (austenite) phase transformation on the formation of 
the solid shell. In the case of peritectic steels, the above transforma-
tion takes place close to the meniscus, and is accompanied by a large 
local shrinkage, which causes the newly formed shell to wrinkle. 
The accompanying gaps that form on the surface are non- uniform, 
and give rise to low heat transfer and non- uniform solidification. 
Steel grades, with carbon contents in the range 0.08–0.14%, are most 
affected by this phenomenon, and the consequences are profound. In 
billet casting, these grades transfer less heat to the mould, have lower 
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overall shrinkage, and require less taper. In slab casting the peritectic 
grades are susceptible to longitudinal mid- face cracking because of 
non- uniform shell growth and shrinkage at the meniscus. It is thus 
extremely difficult to cast peritectic grades at high casting speeds 
without longitudinal facial cracking in conventional or thin slab 
casting machines.

Figure 19.2 shows a transverse section through a longitudinal mid- face 
crack in low- carbon plate steel. The irregular subsurface branched shape 
of the crack may be related to the crack following interdendritic areas of 
the steel shell. The crack has been heavily oxidized and by exposure to air 
is filled with iron oxide. Energy- dispersive spectroscopy (EDS) in the 
scanning electron microscope showed that the oxide was wüstite or FeO, 
the oxide of iron that forms only at high temperatures, above 570 °C, 
(1060 °F) confirming that the crack was present during high temperature 
processing. Surrounding the oxide- filled crack is a zone of very fine par-
ticles, faintly visible in Fig. 19.2. Figure 19.3 shows this zone at higher 
magnification, and EDS shows that the fine spherical particles are oxides 
of manganese, silicon, and chromium, all elements with higher oxidizing 
potentials than iron. These oxides have formed by high- temperature diffu-
sion of oxygen through the solid steel adjacent to the oxygen filled crack. 
Cracks filled with FeO and adjacent layers of fine alloy oxide particles are 
markers of all of the various surface cracks that may occur during high 
temperature primary processing. 

Brimacombe and Sorimachi identified not only the high- temperature 
zone of fracture associated with solidification but also lower- temperature 
zones of fracture that are associated with cracking during hot working. 
Others have reviewed mechanisms of reduced hot ductility (Ref 19.12, 
19.13). Figure 19.4, taken from Crowther (Ref 19.13), shows schemati-

Fig. 19.2  Transverse section through a mid- face longitudinal crack in a low- 
carbon plate steel. As- polished section, light micrograph

100 µm
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cally microstructural features and operating temperature ranges for four 
types of cracking identified during high- temperature tensile testing. The 
various mechanisms of cracking severely lower hot ductility, as shown by 
the troughs in reduction of area over various temperature ranges. Type I 
cracking is associated with incipient melting in interdendritic regions 
where S and MnS particles may be in high concentration. Although phos-

Fig. 19.4  Schematic diagram of ductility troughs that might develop during 
hot work. Source: Ref 19.13

Fig. 19.3  Higher magnification of the zone of spherical oxide particles im-
bedded in steel adjacent to the crack shown in Fig. 19.2. As pol-
ished surface, light micrograph

20 µm
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phorus at lower temperatures has been shown to improve hot ductility, its 
strong tendency to segregate to interdendritic regions lowers solidus tem-
peratures, and the resulting liquid films at austenite grain boundaries at high 
temperatures may severely lower hot ductility of as- cast steel (Ref 19.12).

Types IIa and IIb hot shortness are associated with precipitation of par-
ticles at austenite grain boundaries: (Mn,Fe)S particles at higher tempera-
tures, and Nb(CN), V(CN), Ti(CN) and Al(N) at lower temperatures, with 
the extent of precipitation depending on the amounts of the various ele-
ments present and their temperature- dependent solubility products. Crack-
ing develops by microvoid formation at the precipitate particles arrayed on 
austenite grain boundaries. Examples of the reduction in hot ductility as-
sociated with low- carbon V/N steels and Nb and Nb/V steels are shown in 
Fig. 19.5 and 19.6, respectively (Ref 19.14). Type III hot shortness is as-
sociated with ferrite formation at austenite grain boundaries, together with 
grain boundary precipitates. Strain is concentrated in the high- ductility 

Fig. 19.5  Hot ductility curves showing changes of reduction of area (R of A) 
as a function of test temperature for steels containing various com-
binations of V and N. Source: Ref 19.14



Chapter 19: Low Toughness and Embrittlement Phenomena in Steels / 445

ferrite, and microvoid formation develops around particles in the ferrite 
layers.

Hot Shortness Associated with Copper

The incorporation of copper into steel represents a special case of a 
chemical factor that leads to reduction of hot ductility and surface crack-
ing of steel products during primary processing. Although copper in high 
concentrations has long been recognized as an undesirable residual ele-
ment in steel, the ductility problems associated with copper continue be-
cause of the increasing use of scrap that may be rich in copper for electric 
arc furnace steel production, and the fact that copper is not readily oxi-
dized and removed from liquid steel during steelmaking operations. In 
recognition of the continuing problems related to copper buildup in steel, 
a special issue of ISIJ International was devoted to this subject in 1997 
(Ref 19.15).

Copper does not dissolve in iron- oxide mill scale that develops during 
reheating and early stages of hot rolling during primary processing. There-
fore, as surface iron is oxidized, copper is rejected to and concentrates in 

Fig. 19.6  Hot ductility curves showing changes in reduction of area (R of A) 
as a function of test temperature for steels containing various 
amounts of Nb and Nb and V. Source: Ref 19.14
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austenite at the steel/scale interface. At temperatures above its melting 
point, the copper melts and penetrates the steel surface along austenitic 
grain boundaries, leading to tearing and cracking during hot deformation. 
Figure 19.7 shows copper penetration from the surface of a medium- 
carbon steel. The copper is shown in the fine- oxide zone adjacent to an 
oxide- filled crack assumed to have formed because of copper- induced hot 
shortness. 

Copper- induced cracking is most severe at around 1100 °C (2010 °F). 
At lower temperatures, copper and copper- rich phases do not melt, and at 
higher temperatures the copper is incorporated into the mill scale. A recent 
study shows that the surface scale of steel consists of layers of hematite 
(Fe2O3), magnetite (Fe3O4), and wüstite (FeO). Wüstite is the oxide adja-
cent to the steel, and at 1200 °C (2190 °F), it was found that copper dif-
fuses along grain boundaries in the wüstite and concentrates in the Fe3O4 

layer (Ref 19.16).
Other elements affect the severity of copper hot shortness. The ele-

ments cobalt, nickel, and aluminum increase the solubility of copper in 
solid steel and the elements vanadium, chromium, manganese, silicon, 
and tin decrease it (Ref 19.17). With increased solubility of copper, as 
with nickel, the formation of liquid copper- rich phases and surface crack-
ing is suppressed (Ref 19.18, 19.19). In contrast, tin increases the forma-
tion of liquid copper- enriched phases and enhances surface cracking. 
Additions of 0.4% Si and 0.02% P have been found to reduce the suscep-
tibility to surface hot shortness but increase the rate of surface oxidation 
(Ref 19.20).

Fig. 19.7  Copper (copper- colored features) penetration adjacent to high 
temperature oxidized crack in a medium carbon steel. As polished 
surface, light micrograph

20 µm
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Overheating and Burning during Forging

Forgings are made from as- rolled bar steels and are shaped by deforma-
tion at temperatures high in the austenite phase field, typically around 
1200 °C (2190 °F) (Ref 19.21). Heating to higher temperatures may create 
the phenomenon termed overheating, and at temperatures in excess of 
1400 °C (2550 °F), the phenomenon is referred to as burning. These con-
ditions, especially that of overheating, are sensitive to sulfur content, and 
Fig. 19.8 shows temperature ranges for overheating and burning as a func-
tion of sulfur content (Ref 19.22) Burning is caused by melting and oxida-
tion at temperatures high in the austenite phase field, causing severely 
reduced hot ductility and cracking. While heating at too high a tempera-
ture during forging might cause burning, another cause might be interden-
dritic segregation that has not been sufficiently reduced by soaking and 
hot mill deformation. The interdendritic regions have higher concentra-
tions of alloying and impurity elements and possibly carbon than dendritic 
core regions, are the last to freeze on solidification, and accordingly are 
the first to melt on heating. Thus these regions may have compositions 
that significantly lower the austenite/liquid two- phase field, causing inter-
dendritic melting and oxidation at temperatures not expected for the same 
steel grade with more homogeneous composition. 

Overheating is caused by the solution of MnS particles at high austen-
itizing temperatures and the subsequent reprecipitation of MnS particles 
on austenite grain boundaries during cooling. After quenching and tem-
pering, overheated steel may fracture by microvoid coalescence at the 
MnS particle arrays on the coarse austenite grain boundaries formed at the 
high forging temperatures. The resulting intergranular facets, covered 
with microvoids formed around the MnS particles, are the characteristic 

Fig. 19.8  Influence of sulfur content and steelmaking practice on tempera-
ture ranges for overheating and burning. Steelmaking practices

are: consumable- electrode vacuum arc remelted (CEVAM), basic- electric (BE), 
and open- hearth (OH). Source: Ref 19.22
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fracture morphology of overheated steels (Ref 19. 22–19.25). Although 
etches have been used to characterize overheating, impact testing fol-
lowed by scanning electron microscope examination of the fracture sur-
faces is considered to be the best way to identify overheating (Ref 19.22).

Sulfide particle size and spacing in overheated specimens are a function 
of manganese and sulfur contents, maximum forging temperature, and 
cooling rates and determine the severity of reduced toughness due to over-
heating. High- temperature tempering of hardened forgings increases sen-
sitivity to overheating intergranular fracture (Ref 19.23). This observation 
is explained by the fact that the plastic zones at notches or crack tips in 
stressed low- strength, well tempered microstructures encompass large 
areas of coarse intergranular sulfide networks. In higher- strength micro-
structures, the plastic zones are smaller and may act only on small frac-
tions of the sulfide networks.

Overheating can be reduced or eliminated in a number of ways. Control 
of forging temperatures is essential, but sometimes reducing temperature 
may not be the most efficient approach for complex forgings. Strong 
sulfide- forming elements such as rare earths, calcium, or zirconium could 
be added to stabilize sulfides and prevent their resolution, but care must be 
taken not to use steels with coarse particle dispersions, which by them-
selves reduce ductile fracture and fatigue resistance. Increased manganese 
would also stabilize MnS particles but is not recommended for heavy sec-
tions because, as discussed later in the section on temper embrittlement, 
increased manganese promotes temper embrittlement. An attractive solu-
tion to overheating, now possible with advanced steelmaking techniques, 
is the reduction of manganese and sulfur to very low levels, as is being 
done in steels for very heavy forgings (Ref 19.26.–19.28). Care must be 
taken to reduce both the manganese and sulfur to sufficiently low levels. 
Reduction of sulfur alone results in dispersions of very fine MnS particles, 
which rapidly dissolve and reprecipitate during forging, and may contrib-
ute to overheating as indicated in Fig. 19.8.

Aluminum Nitride Embrittlement

Aluminum nitride embrittlement is another low- toughness phenomenon 
associated with primary processing, most often with carbon steel castings 
(Ref 19.29–19.31). This type of embrittlement is caused by the precipita-
tion of sheet- shaped aluminum nitride particles on austenite grain bound-
aries during cooling after solidification of cast steel, or reprecipitation 
after solution of AlN at high austenitizing temperatures. Toughness is re-
duced significantly because of intergranular fracture along austenite grain 
boundaries covered with aluminum nitride. Because of high- temperature 
austenite formation, the austenite grains are generally quite coarse, and the 
intergranular fracture facets are readily visible to the unaided eye, leading 
to the term rock candy fracture for this type of embrittlement.
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Figure 19.9 shows aluminum nitride and carbide particles extracted 
from the intergranular fracture surface of a medium- carbon steel casting. 
The aluminum nitride particles are characteristically very thin, with a 
plate-  or sheet- like morphology, and the hexagonal crystal structure of 
AlN is readily identified by electron diffraction. The solubility products, 
morphologies, and many effects of AlN in cast and wrought steel are com-
prehensively reviewed by Wilson and Gladman (Ref 19.32).

Reheat or Stress Relief Cracking

Welded structures are often given post- weld heat treatments to relieve 
residual stresses developed during welding, and during those heat treat-
ments cracking may develop in the coarse- grain heat- affected zones or 
welds of low- carbon steels as a consequence of the relief of the residual 
stresses. This type of cracking, accordingly, has been termed stress- relief 

cracking or reheat cracking, and in view of its importance to welding, has 
received considerable attention in the welding literature (Ref 19.33, 19.34).

The cracking typically occurs in stress- relief treatments performed at 
500 to 650 °C (930 to 1200 °F) and occurs when relaxation strains exceed 
creep ductility. Fracture develops along very coarse prior austenite grain 
boundaries in heat- affected zones that have previously reached tempera-
tures up to the melting point of steel during welding. The fracture mor-
phology is therefore intergranular, and depending on temperatures and 
stress level sometimes the prior austenitic grain boundary surfaces are 

Fig. 19.9  Thin aluminum nitride particles (arrows) extracted from an inter-
granular fracture surface of an as- cast medium- carbon steel. Dark

particles are carbides. Transmission electron micrograph from a carbon extraction 
replica, original magnification 82,500×; shown here at 75% of original



450 / Steels—Processing, Structure, and Performance, Second Edition

smooth and featureless and sometimes are covered with very fine micro-
voids or cavities associated with grain- boundary dispersions of fine par-
ticles (Ref 19.35). 

Sulfur and boron contents of low- carbon steels have been associated 
with stress- relief cracking (Ref 19.36). With respect to sulfur, the very 
high temperatures reached in weld heat- affected zones cause manganese 
sulfides to dissolve and make the sulfur available to contribute to high- 
temperature fracture. McMahon et al. propose that sulfur is adsorbed on 
cavities or crack surfaces and is driven ahead of a crack by high stresses 
at crack tips where, when it reaches a critical concentration, it causes de-
cohesion and crack advance (Ref 19.37). This mechanism is referred to as 
dynamic embrittlement and has been found to operate not just in steels but 
also in a number of non- ferrous systems.

Intergranular Embrittlement in Hardened Steels—
General Comments

High- strength quenched and tempered steels, as indicated in Chapter 
18, “Deformation, Mechanical Properties and Fracture of Quenched and 
Tempered Carbon Steels,” are susceptible to a variety of embrittlement 
phenomena, including quench embrittlement, tempered- martensite em-
brittlement, temper embrittlement, hydrogen embrittlement, and liquid- 
metal- induced embrittlement. All of these mechanisms are associated in 
some way with intergranular fracture along prior austenite grain boundar-
ies in quenched and tempered microstructures, and although second- phase 
particles may be present, the grain boundary fractures are smooth with 
little or no evidence of plastic deformation or microvoid formation, in 
contrast to the intergranular facets with microvoids typical of low- 
toughness ductile fracture produced by overheating or some of the hot 
shortness fracture mechanisms described previously. Generally, the ef-
fects of the various embrittlement phenomena are measured at room tem-
perature by the various toughness testing approaches. However, the 
embrittlements cause increases in ductile- to- brittle transition tempera-
tures, and therefore the apparent severity of an embrittlement may depend 
on test or loading temperature, as shown in Fig. 19.10.

Quench Embrittlement

The conditions for quench embrittlement, an intergranular mechanism 
of brittle fracture, develop in high- carbon steels during austenitizing or 
quenching; tempering is not required. Thus, the term has been used to 
describe a form of brittle fracture in order to differentiate it from embrit-
tlement mechanisms that require tempering (Ref 19.39). Hardened steels 
that contain more than 0.5% C are most sensitive to quench embrittle-
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ment, and the same microstructural features that cause quench embrittle-
ment may also be responsible for the intergranular quench cracking that 
develops in higher- carbon steels when high surface tensile stresses de-
velop during quenching. Figure 19.11 shows the percent intergranular 
fracture on CVN fracture surfaces for 52100 and 4340 steels as a function 
of tempering temperature (Ref 19.39). The 52100 steel was austenitized 
above its ACM temperature, a condition not commercially applied, as dis-

Fig. 19.10  Changes in impact transition curves for two hypothetical steels 
in tough and embrittled conditions. Large differences in room

temperature toughness due to embrittlement are noted for the two steels. Source: 
Ref 19.38

Testing temperature, °F

−200 −100 0 100 200 −200 −100 0 100 200

Testing temperature, °C

−130 −75 −20 210 390 −130 −75 −20 210 390

Fig. 19.11  Percent of intergranular fracture on CVN specimen fracture sur-
faces as a function of tempering temperature for fully austen-

itized and quenched 52100 steel and 4340 steel. Shaded regions show fracture 
after tempering at temperatures usually used to produce high strength and reason-
able toughness. Source: Ref 19.40, 19.41

Quench
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cussed subsequently. The 4340 hardened steel develops large amounts of 
intergranular fracture only after tempering above 300 °C (570 °F), a con-
dition associated with tempered martensite embrittlement, as discussed in 
the next section. However, the 52100 steel fractures almost completely by 
intergranular fracture in the as- quenched condition and even after temper-
ing at 200 °C (390 °F) and even higher temperatures. Examples of the 
intergranular fracture in the as- quenched 52100 steel and the tempered 
4340 steel are shown in Fig. 19.12 and 19.13, respectively.

Fig. 19.12  Intergranular fracture surface of CVN- tested as- quenched 52100 
steel austenitized above ACM at 965 °C (1770 °F). SEM micro-
graph. Source: Ref 19.40

Fig. 19.13  Intergranular fracture surface of CVN- tested 4340 steel oil 
quenched and tempered at 350 °C (660 °F). SEM micrograph.
Courtesy of J. Materkowski. Source: Ref 19.41
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As noted, the intergranular fracture surfaces of quench- embrittled spec-
imens are quite smooth, only occasionally showing acicular- shaped car-
bide particles. Further, light and scanning electron microscopy show no 
resolvable features on prior austenite grain boundaries. However, auger 
electron spectroscopy (AES), an analytical technique that has high depth 
resolution (i.e., it can establish chemistries of very shallow, near- surface 
regions), has been effective in establishing causes of quench embrittle-
ment. The application of AES to quench- embrittled intergranular surfaces 
has shown that the prior austenite grain boundaries are associated with 
strong cementite peaks and phosphorus peaks (Ref 19.42–19.45). Figure 
19.14, an isothermal section of the Fe- C- P equilibrium phase diagram, 
shows that even small amounts of phosphorus reduce the solubility of 
carbon in austenite and promote cementite formation during austenitizing. 
Also, experiments have shown that phosphorus enhances cementite allo-
triomorph formation in 52100 steel held in the two- phase austenite/cemen-
tite phase field. Although phosphorus exacerbates quench embrittlement, 
the key structural factor for embrittlement appears to be the formation of 
critical amounts of cementite on prior austenite grain boundaries.

The interaction of carbon and phosphorus that produces intergranular 
crack formation has been evaluated by examination of the depth of inter-
granular crack formation in low- temperature- tempered carburized steels 
with various phosphorus contents (Ref 19.39). Higher phosphorus con-
tents were associated with deeper intergranular crack propagation and, 

Fig. 19.14  Fe- rich portion of the Fe- C- P system at 950 °C (1740 °F) showing 
decreases in the solubility of C and Fe3C formation as P content 
increases. Source: Ref 19.46
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therefore, lower carbon contents. From the latter experiment, Fig. 19.15 
was constructed. Shown are carbon- phosphorus combinations that pro-
mote intergranular fracture and those that promote ductile fracture. In-
tergranular fracture develops even with very low levels of phosphorus at 
around 0.5% C, and the higher the phosphorus content, the lower is the 
carbon content at which intergranular fracture develops.

Figure 19.16 presents a map showing regions of ductile and intergranu-
lar fracture as a function of tempering temperature and steel carbon con-
tent. The transition from ductile transgranular to brittle intergranular 
fracture at 0.5% C in low- temperature- tempered (LTT) steels is noted. 
Despite the sensitivity of higher carbon hardened steels to quench em-
brittlement, such steels can be used depending on heat treatment and ap-
plication. Intergranular fracture is avoided when high- carbon steels such 
as 52100 are intercritically austenitized in the austenite/cementite phase 
field prior to quenching. The carbide particles retained during such aus-
tenitizing treatments lower carbon content to below that which produces 
intergranular fracture. Carburized steels, in which carbon is introduced at 
temperatures in the austenite phase field, are usable because of the surface 
compressive stresses produced during quenching, as described in Chapter 
21, “Surface Hardening.” Crack initiation in direct- quenched carburizing 
steels is still associated with intergranular fracture but at stresses higher 
than the low stresses that initiate intergranular fracture in through- hardened 
high- carbon steels with surface tensile residual stresses. High- carbon hard-

Fig. 19.15  Combinations of C and P that are associated with transgranular 
and intergranular fracture in low- temperature tempered hard-
ened steels. Source: Ref 19.39
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ened steels subjected to compressive or Hertzian loading, instead of tensile 
or bending stresses, are also not sensitive to intergranular cracking.

Figure 19.17 plots peak stress measured by tensile testing versus hard-
ness for a number of medium- carbon steels austenitized for 30 min at 
temperatures between 830 and 890 °C (1530 and 1630 °F), depending on 
carbon content, and tempered in either oil or salt baths for times of 10 or 
60 min at temperatures between 150 and 250 °C (300 and 480 °F) or rap-
idly induction- tempered (Ref 19.47). These data show the extent to which 
strength can be reduced by quench embrittlement. For specimens with 
hardness below 52/53 HRC, peak stress corresponds to ultimate tensile 
stress, and tensile deformation produces strain hardening, necking, and 
post- uniform deformation to ductile fracture. Below 53 HRC, increasing 
hardness correlates with increasing ultimate tensile strength as expected. 
However, for specimens with higher hardness, peak stress was set by in-
tergranular fracture short of an ultimate tensile strength. The higher the 
hardness, especially for steels with higher carbon and phosphorus con-
tents, the more brittle is the response to stress, and the lower the peak 
stress. As specimens were tempered at higher temperatures, hardness de-

Fig. 19.16  Map of fracture modes in hardened steels produced by tensile and bending loads as a 
function of tempering temperature and steel carbon content. The transition from ductile

to brittle intergranular fracture in low- temperature- tempered (LTT) steels at 0.5% C is shown and ap-
proaches that minimize intergranular fracture in high- carbon steels are listed
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creased, and the effects of quench embrittlement gradually decreased, at a 
rate depending on carbon and phosphorus content, until ductile deforma-
tion was established.

Tempered Martensite Embrittlement

Tempered martensite embrittlement (TME) is a microstructural condi-
tion that lowers toughness and fracture resistance in hardened steels tem-
pered between 200 and 400 °C (390 and 750 °F). Figure 19.18 shows 
CVN impact energy absorbed as a function of tempering temperature for 
three medium- carbon steels, 4130, 4140 and 4150, and a high- carbon 
steel, 52100, each with high and low levels of phosphorus (Ref 19.40, 
19.48). The phosphorus levels in the 41xx steels were 0.02 and 0.002% 
and for the 52100 steel, 0.09 and 0.23%. The 52100 steel has been inter-
critically austenitized at 850 °C (1560 °F) to produce a microstructure 
with spheroidized carbide particles not sensitive to intergranular fracture. 
Charpy V- notch energy is low in as- quenched specimens as described in 
Chapter 18, “Deformation, Mechanical Properties, and Fracture of 
Quenched and Tempered Carbon Steels,” increases to a low- temperature 
maximum after tempering at 200 °C (390 °F), and drops after tempering 
at 300 °C (570 °F), in the middle of the tempering temperature range that 
produces TME.

A striking feature of Fig. 19.18 is the strong effect of steel carbon con-
tent on impact toughness under all tempering conditions, even in the low- 

Fig. 19.17  Peak stress versus hardness for quench and tempered 10xx and 
5160 steels. For microstructures with hardness below HRC 52/ 53,

the peak stress corresponded to ultimate tensile strengths. For microstructures 
with hardness above HRC 52/53, peak stress corresponded to a brittle fracture 
stress. Source: Ref 19.47
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temperature maxima around 200 °C. The hardened 4130 steel, even after 
tempering in the TME range, has higher toughness than any of the other 
steels with higher carbon contents even in unembrittled conditions. For 
the high- carbon 52100 steel, the impact toughness is so low after temper-
ing at 200 °C that any microstructural changes associated with TME are 
almost not noticeable. This strong effect of carbon is related to the high 
rates of strain hardening in higher- carbon steels, as discussed in Chapter 
18, that reduce the amount of deformation required to reach critical frac-
ture stresses at the roots of notches in Charpy specimens. Lateral contrac-
tion of the width of Charpy specimens at the notch root and expansion at 
the compressive side of CVN specimens correlate well with the amount of 
plastic deformation required to achieve fracture.

The reduced impact toughness associated with TME is associated with 
three different modes of fracture that depend on the various carbon and 
phosphorus contents of the hardened steels. The common feature of all the 
fracture mechanisms is the formation of cementite in the second and be-
ginning third stage of tempering. Figure 17.17 in Chapter 17, “Tempering 
of Steel,” has shown that the transformation of retained austenite to ce-
mentite and ferrite in martensitic 4130 and 4340 steels starts at 200 °C and 

Fig. 19.18  CVN energy absorbed in fracture of 41xx steels and 52100 steels 
tempered at various temperatures. Each set of steels had heats

with low and high P contents. Data are from Ref 19.40 and 19.48
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is effectively complete after tempering at 300 °C (570 °F). Cementite 
forms at interlath sites as retained austenite transforms, within martensite 
crystals as the transition carbide arrays are replaced by cementite particles, 
and at prior austenite grain boundaries.

In medium- carbon steels containing 0.4% C, the transformation of re-
tained austenite produces two mechanisms of fracture depending on phos-
phorus content. Figure 19.19 shows several characteristics of the effect of 
TME on impact toughness in two 4340 steels of the same composition 
except for phosphorus content (Ref 19.41, 19.49). The impact toughness 
of the steel with the higher phosphorus content (0.03%) is inferior to that 
of the steel with the lower phosphorus content (0.003%) after tempering 
over the entire range of temperatures up to 500 °C (930 °F). Also, both 
steels show a trough or plateau in energy absorbed after tempering be-
tween 200 and 400 °C (390 and 750 °F). The lower toughness of the higher 
phosphorus- containing steel was related to a sharp increase of intergranu-
lar fracture after tempering between 300 and 400 °C (570 and 750 °F), as 
has been shown in Fig. 19.11. Similar increases in intergranular fracture 
with tempering of 4340 in the TME range have been shown by Bandyo-
padhyay and McMahon (Ref 19.50). Figure 19.20 shows the intergranular 
fracture along prior austenite grain boundaries of the high- phosphorus 
4340 steel broken at room temperature after tempering at 400 °C.

The intergranular mode of fracture associated with TME is common and 
has been related to phosphorus segregation to austenite grain boundaries 

Fig. 19.19  Room temperature CVN energy absorbed for hardened 4340 
steel specimens containing either 0.03 or 0.003% P, austen-

itized at 870 °C (1598 °F), oil quenched, and tempered at temperatures shown for 
1 h. Source: Ref 19.49

J
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during austenitizing (Ref 19.51–19.53). Phosphorus, therefore, is present at 
prior austenite grain boundaries in as- quenched martensitic microstructures, 
and although in the relatively high- phosphorus 4340 steel there is a degree 
of quench embrittlement, as demonstrated by low impact toughness and 
20% intergranular fracture in LTT specimens, it is only after tempering at 
temperatures where cementite forms that intergranular TME fully develops.

In contrast to the high- phosphorus- containing 4340 steel, the low- 
phosphorus- containing 4340 steel shows higher impact toughness and no 
intergranular fracture in all tempered conditions. Figure 19.21 shows that 

Fig. 19.20  Intergranular fracture of 4340 steel containing 0.03% P and tem-
pered at 400 °C (750 °F). Specimen was broken by impact load-
ing at room temperature. Source: Ref 19.49

Fig. 19.21  Flat cleavage facets and microvoids on fracture surface of 4340 
steel containing 0.003% P and tempered at 350 °C (662 °F).

Specimen was broken by impact loading at room temperature. Source: Ref 19.49

10 µm
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flat transgranular cleavage facets interspersed between regions of ductile 
fracture were associated with the decrease in impact toughness after tem-
pering in the TME range. The cleavage facets are oriented across laths of 
a packet of martensite (Ref 19.49) and are attributed to cracking initiated 
at interlath cementite crystals, as proposed by Thomas (Ref 19.54). Figure 
19.22 shows interlath carbides in the low- phosphorus- containing 4340 
steel tempered at 350 °C (660 °F).

A third mode of TME fracture develops in the lower- carbon- containing 
4130 steels. Although there is a significant decrease in impact toughness, 
Fig. 19.18, the fracture is not brittle and is associated with the ductile 
fracture in turn associated with coarse carbide particles introduced by 
tempering (Ref 19. 48, 19.55). Figure 19.23 shows the overload or unsta-

Fig. 19.22  Interlath carbides formed during tempering of 4340 steel containing 0.003% P at 350 °C (660 °F). 
(a) Bright- field image. (b) Dark- field image taken with a cementite diffracted beam. Transmission 
electron microscope micrographs. Source: Ref 19.49

0.2 µm 0.2 µm(a) (b)

Fig. 19.23  Fracture surface of low- phophorus- containing 4130 steel tem-
pered at 300 °C (570 °F). SEM micrograph. Source: Ref 19.55

5 µm
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ble fracture from a CVN specimen of low- phosphorus 4130 steel tem-
pered at 300 °C (570 °F). The fracture consists largely of microvoids, on 
the average larger than those observed in specimens tempered at 200 °C 
(390 °F). The overload fractures of the 4130 steel are preceded by shear 
initiation and stable crack growth by microvoid coalescence and ductile 
tearing (Ref 19.48).

Typically, no matter what the appearance of the unstable fracture sur-
face of a CVN specimen, fracture is initiated by shear along the slip line 
field at the root of CVN specimen notches. For example, Fig. 19.24 shows 
shear fracture at the root of the notch in a 4340 steel specimen quenched 
and tempered at 200 °C. Load- time curves obtained by instrumented CVN 
testing show energy absorption associated with crack initiation, crack 
propagation, and shear lip formation during fracture (Ref 19.48, 19.55–
19.57). The lower the ability of a microstructure to plastically deform, the 
lower the toughness, and the greater the fraction of absorbed energy as-
sociated with crack initiation.

The discussion of TME to this point has concentrated on high strain rate 
CVN impact fracture. Impact testing applies loads at strain rates of about 
103 s–1 and enhances stress- controlled brittle fracture mechanisms (Ref 
19.58). Loading at lower strain rates also reduces fracture resistance in 
specimens tempered in the TME range. For example, a study (Ref 19.59) 
of hardened 4140 steel tensile specimens tested at a strain rate of 2.7–3 s–1 
showed evidence of reduced toughness for specimens tempered at 300 and 
400 °C (570 and 750 °F). Compared with specimens tempered at 200 °C, 
the specimens tempered in the TME range showed reduced strain harden-
ing, lower uniform elongations, and lower ultimate tensile strengths, lower 
fracture stresses, and no improvements in total elongation. The fractures 
were ductile, in contrast to the brittle TME fractures produced by high- 
strain- rate testing. The reduced fracture resistance was shown to be asso-

Fig. 19.24  Shear fracture (curved region) along slip line field at notch root 
of CVN specimen (flat area at top of micrograph) of 4340 steel 
quenched and tempered at 200 °C (390 °F). Source: Ref 19.56

100 µm
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ciated with higher densities of microvoids that formed not only at carbides 
retained after austenitizing but also at new carbides produced by temper-
ing in the TME range. Differences in phosphorus content in the 4140 steel 
specimens subjected to tensile testing had no apparent effect on reduced 
ductile fracture resistance produced by 300 and 400 °C tempering.

In summary, TME is manifested by ductile, cleavage, and intergranular 
modes of fracture. Although phosphorus makes worse the reductions in 
fracture resistance produced by TME, the root cause of TME is the forma-
tion of new distributions of cementite produced by second and beginning 
third- stage tempering. The carbide formation at temperatures above 200 °C 
is relatively rapid, and the microstructural changes in small sections occur 
typically in a time of one hour at temperature.

The fact that TME is related to cementite formation has led to the de-
velopment of 300M steel, a steel with chemistry nominally the same as 
4340, but containing high silicon, between 1.45 and 1.8%. Silicon is a 
non- carbide- forming element and its solubility in cementite is very low. 
Therefore, nucleation and growth of cementite in the second and third 
stages of tempering is severely retarded because silicon must diffuse away 
from nucleating cementite crystals (Ref 19.60, 19.61). The benefits of the 
fine structure produced by first- stage tempering persist in 300M steels 
tempered at higher temperatures than steels without silicon and TME oc-
curs only after tempering at higher temperatures (Ref 19.62).

Temper Embrittlement

Temper embrittlement (TE) is an embrittlement condition that develops 
in hardened carbon and alloy steels after tempering for relatively long 
times in or cooling slowly through the temperature range 375 to 575 °C 
(710 to 1070 °F). In view of the relatively long times required for TE to 
develop, heavy steel sections, such as large shafts and rotors for power- 
generating equipment, that cool slowly and operate at high temperatures 
have been sensitive to TE. Catastrophic failures have been attributed to TE 
and have driven theoretical and analytical efforts to determine the causes 
of and solutions to TE. Many review articles review the tempering and 
chemical factors that induce TE (Ref 19.63 to 19.69), and approaches to 
preventing TE, primarily by control of steel chemistry, are now available.

TE is manifested primarily by an increase of impact transition tempera-
ture, as shown in Fig. 19.25 for a 3140 steel, containing nominally 1.15% 
Ni and 0.65% Cr, embrittled by both isothermal tempering and slow cool-
ing through the critical tempering temperature range (Ref 19.38). Embrit-
tling kinetics follow C- curve behavior with tempering time and temperature, 
with a nose or minimum time for embrittlement at about 550 °C (1020 °F). 
Fig. 19.26 shows an early C- curve for TE based on isoembrittlement 
curves (Ref 19.67,19.70). It takes about an hour at 550 °C for the first in-
crease in transition temperature to be noticeable, and several hundred hours 
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Fig. 19.25  Shift in impact transition curve to higher temperatures as a result 
of temper embrittlement of SAE 3140 steel subjected to isother-

mal holding and furnace cooling through the critical temperature range for TE. 
Source: Ref 19.38

Fig. 19.26  Isoembrittlement curves for a Ni- Cr steel containing 0.39% C, 
0.79% Mn, 0.77%Cr, 1.26% Ni, and 0.015% P. Source: Ref 
19.67, 19.70
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for the first signs of embrittlement at around 375 °C , the lower tempera-
ture range for TE. TE is reversible, and de- embrittlement may occur on 
heating to about 575 °C for only a few minutes.

Chemical factors affecting TE include the requirement that specific im-
purities most be present for a steel to be susceptible. The impurities most 
detrimental are antimony, phosphorus, tin, and arsenic. Relatively small 
amounts of these elements, on the order of 100 ppm (0.01%) or less, have 
been shown to cause TE. Silicon and manganese in large amounts also ap-
pear to be detrimental. Plain carbon steels are not considered to be highly 
susceptible to TE, provided manganese content is held below 0.5%. Alloy 
steels are most susceptible, especially the chromium- nickel steels that are 
frequently used for heavy rotors. Molybdenum, however, reduces suscep-
tibility to TE and, in amounts of 0.5% or less, is an important alloying ele-
ment added to steels to minimize TE.

The causes of TE have been difficult to identify because, as with TME, 
there is no readily resolvable microstructural feature identifiable with the 
characteristic intergranular fracture of embrittled specimens. The only 
metallographic evidence of embrittlement has been the ability of certain 
etchants to reveal prior austenite grain boundaries containing segregated 
phosphorus (Ref 19.63). As for TME, AES has been extremely valuable in 
determining the chemistry of atomic layers adjacent to intergranular frac-
ture surfaces. Not only are high concentrations of impurity atoms detected 
at prior austenite grain boundaries, but also gradients of alloying elements 
such as nickel. Increased concentration of alloying elements may in fact 
stimulate impurity element segregation. For example, grain boundary car-
bides may reject nickel as they grow and therefore produce nickel concen-
tration gradients that in turn cause impurity atoms to concentrate (Ref 19.71).

The interactions of impurities and alloying elements associated with 
segregation have been treated in a thermodynamic model for TE by Gutt-
mann (Ref 19. 72). This research supports the explanation that not just 
impurity elements but the interaction of those elements with alloying ele-
ments is responsible for the segregation that leads to the grain boundary 
decohesion in temper- embrittled steels. For example, a quantitative as-
sessment of the interactive cosegregation of phosphorus and common al-
loying elements shows that manganese weakly segregates on its own, but 
the segregation of nickel, chromium, and molybdenum are driven by 
strong interactions with phosphorus (Ref 19.73). Grain boundary interac-
tion coefficients increase in the order nickel, manganese, chromium, and 
molybdenum. The very strong interaction between molybdenum and 
phosphorus correlates with the known beneficial effect of molybdenum 
on TE and supports the formation of (Mo, Fe)3P or Mo- P atom clusters, 
which prevent the segregation of phosphorus to grain boundaries. The 
Guttmann et al. study (Ref 19.73) also shows a strong repulsion between 
carbon and phosphorus, an interaction that is expected to oppose phos-
phorus segregation.
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As noted, the impurity elements phosphorus, antimony, tin, and arsenic 
have long been associated with TE. Phosphorus can be removed to low 
levels by modern steelmaking and ladle metallurgy (Ref 19.26), but the 
elements antimony, tin, and arsenic are not oxidizable during steelmaking 
and must be controlled by careful selection of scrap that is melted in elec-
tric furnaces. A relatively recent approach to eliminating TE is the reduc-
tion of manganese and silicon to very low levels, on the order of 0.01 to 
0.03% in rotor and nuclear reactor steels (Ref 19.27, 19.28). Manganese 
and silicon have been traditionally used for alloying and deoxidation, but 
considerable information now directly ties manganese and silicon, even in 
moderate amounts, to TE by direct segregation or cosegregation with 
phosphorus or other alloying elements. For example, Weng and McMahon 
(Ref 19.74) show that 0.3% Mn greatly increases the susceptibility of a 
Ni- Cr- Mo- V rotor steel to TE relative to a steel without manganese, and 
that manganese and phosphorus strongly cosegregate in an Fe- Mn alloy. 
Other references linking manganese and silicon to TE are reviewed by 
Bodnar et al. (Ref 19.28).

Liquid- Metal- Induced Embrittlement

The exposure of steels to liquid metals may also cause brittle fracture 
by intergranular cracking (Ref 19.75). Liquid- metal- induced embrittle-

ment (LMIE) is an embrittlement phenomenon that reduces ductility and 
fracture resistance in a steel exposed to a liquid low- melting point embrit-
tling metal while under tensile stress. Plain carbon and low- alloy steels 
may be embrittled by exposure to liquid lead, cadmium, brass, aluminum, 
bronze, copper, zinc, lead- tin solders, and lithium (Ref 19.76). The initia-
tion of fracture by liquid metal is not time dependent but begins immedi-
ately on wetting of the microstructure. Often, very low stress is sufficient 
to cause fracture by LMIE. Several mechanisms for liquid metal embrit-
tlement have been proposed, including an “adsorption- induced decohe-
sion” model, which shows that embrittling atoms at a crack tip lower the 
cohesive or bonding strength between atoms of the base metal (Ref 19.77).

Breyer and his colleagues have characterized in detail embrittlement of 
hardened steel by liquid lead (Ref 19.78–19.80). Lead may cause embrittle-
ment if externally applied or if present internally in steel, as is the case with 
lead added to steels to improve machinability. Figure 19.27 shows an ex-
treme example of the effects of lead embrittlement in a leaded 4145 steel 
heat treated to strengths close to 1380 MPa (200 ksi). At testing temperatures 
between 200 and 480 °C (400 and 900 °F), ductility is reduced significantly, 
with the most severe reduction to zero ductility occurring at and above the 
melting point of lead, 327 °C (620 °F). Generally, the embrittlement is more 
severe the higher the strength level of a steel, and therefore, quenched and 
tempered steels, if leaded, are especially susceptible. The fracture associated 
with the embrittlement is generally intergranular (Ref 19.80).
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In summary, three conditions are necessary for lead embrittlement: the 
presence of lead either externally or internally in a steel, tensile loading, 
and temperatures between 200 and 480 °C. The absence of any one of 
these three conditions will prevent the brittle fracture associated with liq-
uid lead embrittlement.

Hydrogen Embrittlement—General Considerations 
and Industrial Scenarios 

There are many low- toughness and embrittling effects of hydrogen in 
steels: brittle intergranular and transgranular fracture may occur, peak 
strengths may be reduced, ultimate tensile strengths may not be attained, 
ductility as measured by total elongation and reduction of area may be 
reduced, cracking may develop, crack growth may be greatly accelerated, 
and in low- strength steels blisters may form. In a review of hydrogen 
problems, Interrante states that “there are no favorable effects of hydrogen 
in steel” (Ref 19.81). A very large literature on hydrogen problems has 
developed, and many reviews, collections of papers, and conferences have 
been devoted to the effects of hydrogen in steel (Ref 19.82–19.87). More 

Fig. 19.27  Tensile properties of leaded 4145 steel quenched and tempered 
to strengths of 200 ksi (1380 MPa) as a function of tensile test 
temperature. Source: Ref 19.78
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recently, many other important collections of papers on martensite em-
brittlement have been published (Ref 19.88–19.91). 

This section briefly reviews some of the environmental or product- 
related effects of hydrogen in steels, including flaking in heavy sections, 
cold cracking of welds and weld heat- affected zones, hydrogen stress 
cracking in sour oil and gas environments, and hydrogen embrittlement of 
quenched and tempered steels. Other industrial scenarios for potential hy-
drogen embrittlement problems include pressure vessels and piping for 
hydrogen gas storage and transport, petrochemical refining applications, 
automotive hydrogen tanks, and nuclear waste disposal systems (Ref 
19.89). Atmospheric corrosion may be another source of hydrogen entry 
into steel (Ref 19.92). Fundamental to these problems are the temperature- 
related changes in solubility of hydrogen in steel, its very high mobility in 
steel even at room temperature, and its attraction to regions of localized 
triaxial tensile stresses and microstructural trapping sites. 

The solubility of hydrogen in liquid steel is high and hydrogen may be 
introduced into liquid steel during steelmaking or welding. Hydrogen sol-
ubility drops significantly in delta ferrite, increases in austenite, and de-
creases again in alpha ferrite. Fig. 19.28 shows hydrogen solubility in iron 
as a function of crystal structure and temperature (Ref 19.93). As shown, 
hydrogen solubility drops below one ppm at 600 °C (1110 °F), and ex-
trapolation from that temperature indicates that the solubility of hydrogen 
at and around room temperature should be almost negligible. Thus the 
question arises: why should hydrogen be a problem in slowly cooled 
steel? Answers to this question include facts that hydrogen is attracted to 
and retained by the many microstructural hydrogen traps in a steel (as 
discussed in the next section), hydrogen is attracted to regions of triaxial 

Fig. 19.28  Hydrogen solubility in iron as a function of temperature and 
crystal structure at one atmosphere pressure of hydrogen. Source: 
Ref 19.93
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tensile stresses present either as residual stresses or produced during load-
ing and deformation, and that perhaps a steel part cross section is too large 
for hydrogen, even with its high diffusivity, to diffuse from the section 
during typical high temperature processing steps. 

In heavy sections in which hydrogen has not been able to diffuse 
from the steel, hydrogen concentrates and causes internal cracking or 
fissures, variously known as flakes, hairline cracks, white spots, or shat-
ter cracks, which develop at temperatures around 200 °C (390 °F) (Ref 
19.81). The sensitivity of steels to flaking has traditionally been reduced 
by holding or cooling very slowly through the temperature range 500 to 
650 °C (930 to 1200 °F) in order to give time for hydrogen to diffuse 
from the steel and reduce its concentration to the lower levels associ-
ated with ferrite in this temperature range. Currently, hydrogen flaking 
problems have been significantly reduced by vacuum degassing of liq-
uid steel to reduce the content of trapped hydrogen to very low levels 
(Ref 19.26). Hydrogen is gettered by sulfide inclusions, and therefore 
the control of hydrogen in very clean steels is especially important. In 
view of the fact that manganese sulfides are strong traps for hydrogen, 
Fruehan recommends that steel sulfur content be reduced only to levels 
that will tolerate associated densities of sulfides in a final application 
(Ref 19.94). 

Cold cracking is the term given to hydrogen- induced cracking in welds 
and weld heat- affected zones (Ref 19.95). Hydrogen may be introduced 
into welds from moisture in the air, from fluxes, or from cellulosic and 
other types of electrode coatings, and can readily diffuse into heat- 
affected zones surrounding weld metal. The microstructural component 
most sensitive to cold cracking is martensite, and therefore, estimates of 
the tendency of base metal to form martensite in heat- affected zones, es-
sentially its hardenability, are made in terms of steel chemistry. Carbon 
most affects hardenability, and its effect and that of other elements have 
been included in carbon equivalent (Cequiv) formulas. An example follows 
(Ref 19.95):

Cequiv = C + Mn/6 + (Cr + Mo + V)/5 + (Cu + Ni)/15 (Eq 19.1)

Steels are generally considered to be weldable if Cequiv is less than 0.4. The 
formula shows the great importance of carbon and the need to select low- 
carbon steels for optimum weldability.

Oil- country steel products such as oil- well casing and tubing when ex-
posed to H2S- containing sour gas and oil undergo a type of hydrogen em-
brittlement variously referred to as hydrogen stress cracking, sulfide stress 
cracking, or hydrogen sulfide corrosion cracking. Various aspects of H2S 
corrosion have been addressed in over 100 papers compiled in a volume 
published by the National Association of Corrosion Engineers (19.96). 
High- strength tubulars are often made from quenched and tempered steels 
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such as 4130, containing chromium and molybdenum for hardenability, 
and for maximum resistance to sulfide stress cracking, tempering at high 
temperatures, above 620 °C (1150 °F), that produce a maximum hardness 
of around HRC 22, may be specified. In view of the high- temperature 
tempering the microstructures consist of highly recovered ferrite, with 
low dislocation density, and spheroidized carbide particles. However, be-
cause of such high tempering temperatures, nickel, which lowers AC1 tem-
peratures, is not recommended as an alloying element. A nickel- containing 
steel may form austenite during high- temperature tempering and intro-
duce during cooling martensite and a high density of dislocations into the 
tempered microstructure, lowering sulfide cracking resistance.

High- strength quenched and tempered steels are extremely sensitive to 
hydrogen embrittlement. Often hardened steels for fasteners or other struc-
tural applications have been electroplated with chromium or cadmium, 
and if such parts are not adequately baked, hydrogen introduced by the 
plating causes brittle fracture. Unique characteristics of such embrittlement 
have been documented by Troiano et al. (Ref 19.97, 19.98). In particular, 
their work has shown that there is a delay time required for hydrogen em-
brittlement failures. In their studies, specimens of 4340 oil quenched and 
tempered to 1585 MPa (230 ksi) were cathodically charged with hydrogen 
and immediately plated with cadmium, a procedure that delayed outgas-
sing of hydrogen and ensured a uniform distribution of hydrogen through-
out a specimen section after baking. Baking is a low- temperature heat 
treatment, typically performed at 150 °C (300 °F), which enables hydro-
gen to diffuse from steel.

Figure 19.29 shows the effect of baking for various times on the applied 
stress necessary to cause fracture of the hydrogen- charged 4340 speci-
mens. Increasing baking time lowers hydrogen content even in the plated 
specimens, and sufficient baking eventually restores the strength of 
charged specimens to that of uncharged specimens. The shorter the baking 
time is, and the higher the hydrogen content, the lower the stresses and the 
shorter the time required to cause fracture. The horizontal portions of the 
curves in Fig. 19.29 are designated static fatigue limits or endurance lim-

its, i.e., stress levels below which failure would not occur no matter what 
the duration of stress application. As hydrogen content decreases, the 
static fatigue limit increases.

The specimens used to obtain Fig. 19.29 were notched, and therefore 
the static fatigue limits hold for that particular notch geometry. In general, 
the sharper the notch, the lower is the static fatigue limit, an indication 
that a critical combination of hydrogen concentration and triaxial tensile 
stress state in the notch process zone is required for crack initiation. The 
Troiano studies also showed that an incubation period was necessary for 
crack initiation. This period is related to the time for hydrogen diffusion to 
the triaxial stress field at the root of a notch or tip of a crack. The need for 
an incubation period for hydrogen embrittlement means that high strain 
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rate tests might not effectively detect hydrogen embrittlement, just the 
reverse of TME and TE. Sustained loading is therefore the most sensitive 
means of detecting susceptibility to delayed hydrogen failure. The propa-
gation of a crack initiated by internal hydrogen is discontinuous, again 
because of the requirement for hydrogen diffusion to the stress field at a 
crack tip. Once a crack advances, it leaves behind the initial hydrogen 
concentration and is arrested until sufficient hydrogen has again diffused 
to the crack tip.

The Troiano studies show the importance of time in hydrogen failures. 
Hydrogen embrittlement failures are the only failures that develop over 
time with sustained loading, be it external loading or residual tensile 
stresses as produced, for example, by quenching. The latter situation is the 
reason for the recommendation of performing tempering as soon as pos-
sible after quenching, Thus, time- dependent fracture is an important char-
acteristic that helps to identify hydrogen embrittlement. The studies also 
show that electroplating can introduce hydrogen and keep hydrogen in a 
steel, but that with increasing baking time hydrogen can be driven from 
the steel even with a plated coating. The latter phenomenon is incorpo-
rated into a recommended procedure for removing hydrogen from plated 
high- strength hardened steel (Ref 19.99). Recommended temperatures 
range from 190 to 220 °C (370 to 430 °F) and times from 4 to 22 hours, 
depending on the tensile strength of the steel part. 

Fig. 19.29  Static fatigue curves for quenched and tempered 4340 notched 
specimens charged with hydrogen and baked at 150 °C (300 °F) 
for the times shown. Source: Ref 19.97
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Hydrogen Embrittlement—Mechanisms, 
Microstructure, and Fracture

The low strength associated with hydrogen brittle fracture of steel is 
attributed to the weakening and eventual breaking of the cohesive bond 
between iron atoms by hydrogen. Hydrogen is strongly attracted to dislo-
cation cores and may be transported through the microstructure of a steel 
by dislocation motion (Ref 19.84, 19.85). Within a microstructure there 
may be reversible trapping sites for hydrogen, such as alloying element 
atoms and dislocations, and irreversible traps, such as carbide and inclu-
sion interfaces (Ref 19.100). The irreversible sites will be sinks for hydro-
gen, but depending on conditions, reversible sites may be sources of 
hydrogen for embrittlement. Hydrogen also appears to increase the mobil-
ity of screw dislocations but reduces their ability to cross- slip, thus caus-
ing slip to concentrate on relatively few slip planes (Ref 19.101). When 
dislocations pile up at obstacles such as carbides or inclusions—which are 
also, as noted, strong traps for hydrogen—the combination of planar slip 
and hydrogen concentration lowers cohesive strength on the slip planes, 
leading to the hydrogen fracture mode that has been referred to as glide- 

plane decohesion (Ref 19.101).
The continuing search for characterizing hydrogen embrittlement has 

led to a number of terms and acronyms used to describe various aspects 
and forms of hydrogen embrittlement. These terms and their acronyms are 
listed here and focus on one or another aspect of hydrogen fracture. The 
references attached to the terms amplify those aspects and attempt to sort 
out the sometimes conflicting hypotheses and experimental observations 
regarding the mechanisms of fracture that develop at the tips of hydrogen- 
induced cracks. In several of the terms, plasticity as it relates to the effect 
of hydrogen on dislocation generation and mobility, is regarded as an im-
portant feature of hydrogen cracking. Dislocations are associated with the 
initiation of hydrogen fracture, but when screw dislocations, because of 
hydrogen, can no longer cross slip and applied loads can no longer be ac-
commodated by plastic deformation and strain hardening to ultimate ten-
sile strengths and ductile fracture, those loads are accommodated by brittle 
fracture at low stresses, low strains, and low ductilities. 

• HIC, Hydrogen- Induced Cracking (Ref 19.102)
• PRHIC, Plasticity- Related Hydrogen- Induced Cracking (Ref 19.102)
• IGHIC, Intergranular Hydrogen- Induced Cracking (Ref 19.102)
• HEAC, Hydrogen Environment- Assisted Cracking (Ref 19.103)
• IHAC, Internal Hydrogen- Assisted Cracking (Ref 19.103)
• HELP, Hydrogen- Enhanced Localized Plasticity (Ref 19.104)
• HEDE, Hydrogen- Enhanced Decohesion (Ref 19.104)

Fracture surface morphology due to hydrogen is an important charac-
teristic that helps to confirm that hydrogen embrittlement has in fact oc-
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curred. In high- strength quenched and tempered steels, hydrogen fracture 
is invariably intergranular along prior austenite grain boundaries. Of 
course other aspects of hydrogen embrittlement such as delayed fracture, 
sources of hydrogen, and differentiation from other embrittlement mecha-
nisms that produce intergranular fracture, must also be considered in a 
failure analysis. In steels with grain boundary structures sensitive to 
quench embrittlement or TME because of impurity atom segregation, hy-
drogen lowers fracture resistance even more (Ref 19.51). Even in hard-
ened steels, such as 4130, in which microstructures tempered at low 
temperatures or tempered at temperatures that produce TME where 
hydrogen- free fracture is associated only with ductile microvoid forma-
tion, hydrogen produces intergranular fracture. Figure 19.30 shows the 
amount of intergranular cracking as a function of tempering temperature 
for hydrogen- charged 4130 steel specimens broken by bending, and Fig. 
19.31 shows intergranular fracture in the 4130 steel tempered at two tem-
peratures (Ref 19.105).

Specimens tempered at low temperatures all failed by intergranular 
cracking. After high- temperature tempering at 600 and 700 °C (1110 and 
1290 °F), the fracture mode of the hydrogen- charged specimens was 
transgranular through the ferrite/spheroidized microstructure, character-
ized by flat fracture zones surrounded by ductile fracture and nucleated at 
inclusion particles (Ref 19.105, 19.106).

In low- carbon steels and highly tempered medium- carbon steels, as 
noted previously, there are several transverse fracture morphologies. Fig-
ure 19.32 shows large cleavage facets through hydrogen- charged as- 
quenched martensite formed in 10B22 steel (Ref 19.107). The relatively 

Fig. 19.30  Percent intergranular fracture as a function of tempering tem-
perature of 4130 specimens charged with hydrogen. Source: Ref 
19.105
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large facets span many martensite crystals and may correspond to fracture 
through blocks of martensite crystals with the same orientation. This frac-
ture developed in a tensile specimen by stress- induced fracture well below 
yield strength of the martensite. 

Figure 19.33 shows transgranular fracture through hydrogen- charged 
10B22 steel that has been quenched and tempered at 150 °C (300 °F). The 
fracture surface is brittle and characterized by many fine facets. The arrow 
points to areas in the fracture surface with parallel steps, perhaps corre-
sponding to fracture along and through parallel martensite crystals in a 
block or packet of lath martensite. During tensile testing this specimen 
failed above the yield strength with some plastic deformation, but well 
short of the ultimate tensile strength and ductility of non- hydrogen- charged 

Fig. 19.31  Intergranular fracture in hydrogen- charged quenched 4130 steel 
tempered at (a) 300 °C (570 °F), and (b) 400 °C (750 °F). Source: 
Ref 19.105

10 µ(a)

10 µ(b)
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Fig. 19.33  Brittle transgraular fracture surface in a hydrogen- charged sam-
ple of 10B22 steel quenched to martensite and tempered at 150 °C

(300 °F). The arrow points to a region of parallel steps in the fracture surface. SEM 
micrograph. Source: Ref 19.107

Fig. 19.32  Transgranular cleavage facets in as- quenched martensite of 
10B22 steel charged with hydrogen and subjected to tensile test-

ing. The arrows point to secondary fracture in the large cleavage facets. SEM mi-
crograph. Source: Ref 19.107

1.0 micron

samples. The small fracture facets are typical of fracture through a low- 
carbon martensitic microstructure. Cleavage facets in low- carbon steels 
with ferrite grain microstructures would be much larger, correlating to the 
size of the ferrite grains. 
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Figure 19.34 shows a circular zone of brittle fracture that has formed 
around an inclusion in another area of the fracture surface of the hydrogen- 
charged 10B22 steel quenched and tempered at 150 °C. The brittle frac-
ture area is surrounded by ductile fracture. As in this low carbon steel 
sample, this fracture morphology develops in low- carbon weld heat- 
affected zones and highly tempered medium- carbon steels. The limited 
zone of brittle fracture around inclusions may be related to the ability of 
hydrogen to diffuse to stress concentrations around inclusion particles 
during deformation at a given strain rate. 

Fracture surface morphologies point to the microstructural features that 
are sensitive to decohesion when critical amounts of hydrogen develop. In 
quenched and tempered martensitic microstructures in low- and medium- 
carbon steels, as discussed at the end of Chapter 18, “Deformation, Me-
chanical Properties, and Fracture of Quenched and Tempered Carbon 
Steels,” there are many microstructural components, all of which might be 
trapping sites for hydrogen. Pressouyre classified the traps into reversible 
and irreversible groups (Ref 19.100). The reversible traps have low inter-
action energy with hydrogen and the hydrogen can leave those traps at 
room temperature or slightly above room temperature. Solute atoms and 
dislocations are examples of reversible traps. Irreversible traps have high 
interaction energy with hydrogen and hydrogen cannot leave them unless 
the steel is heated to high temperatures. Carbide particles and inclusions 
are examples of irreversible traps. Wei and Tsuzaki give a good recent 
review of the trapping strength of many of the microstructural compo-

Fig. 19.34  Circular area of brittle fracture around an inclusion particle and 
surrounded by ductile fracture in a hydrogen- charged quench 
and tempered 10B22 steel. Source: Ref 19.107
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nents in quenched and tempered steels (Ref 19.108). They conclude that 
dislocations are probably the dominant trap site in martensitic carbon 
steels. As shown in Chapter 18, “Deformation, Mechanical Properties, 
and Fracture of Quenched and Tempered Carbon Steels,” dislocations are 
major contributors to the high strength of low- temperature- tempered ultra-
high strength steels, a major factor in limiting usable strength of quenched 
and tempered steels where hydrogen may be a problem. In order to reduce 
sensitivity to hydrogen cracking, quenched steels are tempered to tem-
peratures that reduce hardness and strength in microstructures with re-
duced dislocation densities.

Identification of trapping sites and their participation in hydrogen frac-
ture is an ongoing field of research. Hydrogen thermal desorption spec-
trometry, an experimental technique that measures hydrogen released 
during heating, is a powerful way to identify the strength of trapping sites. 
Figure 19.35 shows the results of desorption measurements in a hydrogen- 
charged medium- carbon Ti- alloyed steel (Ref 19.109). There are two peaks 
of hydrogen desorption: a low- temperature peak associated with reversible 
hydrogen traps, attributed to dislocations, grain boundaries, cementite/
martensite interfaces, and fine TiC precipitates, and a high- temperature 
peak associated with irreversible traps, attributed in the study to coarse 
TiC particles. 

Hydrogen Attack

A quite different type of damage associated with hydrogen, compared 
with the embrittlement mechanisms described previously, is the phenom-
enon referred to as hydrogen attack. Hydrogen attack is a damage process 
that occurs at high temperatures in steels exposed to high hydrogen partial 
pressures and is a major concern in the petrochemical industry regarding 

Fig. 19.35  Hydrogen desorption as a function of temperature for hydrogen- 
charged medium- carbon steel alloyed with titanium and quench 
and tempered at various temperatures. Source: Ref 19.109
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service of pressure vessel steels subjected to hydrogen and hydrocarbons 
at high pressures. The damage takes the form of grain boundary fissures or 
cracks that develop from the nucleation, growth, and coalescence of meth-
ane bubbles (Ref 19.110). A critical step of the process is the dissolution 
of cementite. The carbon made available then reacts with hydrogen to 
form the methane bubbles. The severity of hydrogen attack is determined 
by hydrogen pressure, temperature, time, and steel alloy content.

Understanding the mechanism of hydrogen attack, especially the step 
that requires the dissolution of cementite, has led to improved steels with 
higher carbide- forming alloy additions. More stable carbides resist disso-
lution and improve hydrogen attack resistance. The American Petroleum 
Institute provides guidelines for steel selection for hydrocarbon service in 
the form of Nelson diagrams (Ref 19.111). Figure 19.36 shows a Nelson 
diagram for a number of steels (Ref 19.112). The curves show maximum 
temperature/hydrogen partial pressure conditions for hydrogen- attack- 
free service for each steel. Carbon steels are limited to the lowest tempera-
tures and pressures, and the steels alloyed with the carbide- forming 
elements chromium and molybdenum, especially at high concentrations, 
show substantially better performance.
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CHAPTER 20

Residual Stresses, 
Distortion, and  
Heat Treatment

CHAPTER 19, “Low Toughness and Embrittlement Phenomena in 
Steels,” in this book describes causes of low toughness and embrittlement 
phenomena that could be directly attributed to chemical and microstruc-
tural features of steel. This chapter describes features of thermally or me-
chanically processed steel parts, namely, residual- stress distributions and 
distortion, that are not directly related to unique microstructural features 
but are very much dependent on the response of base microstructures to 
processing parameters. Residual stress and distortion are related to the 
response of manufactured parts to temperature and deformation gradients 
through macroscopic sections. Some residual stresses are beneficial, for 
example, the compressive surface stresses produced by carburizing or shot 
peening; others are detrimental, for example, surface tensile stresses intro-
duced by quenching of through- hardening steels. Such tensile stresses re-
duce fracture and fatigue resistance. This chapter describes the origin of 
residual stresses and some heat treatments designed to minimize undesirable 
residual stress, quench cracking, and distortion. Some comments and refer-
ences to modeling of residual stress and distortion conclude the chapter.

Origins of Distortion

Distortion of a part may be classified as size distortion or shape distor-
tion. Size distortion is caused by thermal expansion or contraction of a 
microstructure during heating and cooling, and in steels is significantly 
influenced by changes in crystal structure that accompany phase transfor-
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mations during heat treatment. For example, on heating of ferrite/cementite 
microstructures, there is a volume contraction when the close- packed atom 
structure of face- centered cubic austenite forms. On cooling, when the aus-
tenite transforms to more open body- centered crystal structures of ferrite 
and martensite, there is a volume expansion. The volume changes are a 
function of carbon content, and Table 20.1 lists the volume and dimen-
sional changes, including the effects of carbon content, for various micro-
structural changes produced by heat treatment (Ref 20.1). To offset size 
changes during heat treatment, allowances for expected dimensional 
changes can be made in machined part dimensions prior to heat treatment.

Shape distortion is caused by nonuniform thermal and transformation 
stresses due to temperature variations throughout parts of complicated 
shape or parts with large differences in section size within the part. Local-
ized regions, which expand or contract due to more rapid heating or cool-
ing relative to adjacent regions, develop stresses that may be high enough, 
especially at higher temperatures where microstructures have high ductil-
ity, to cause nonuniform plastic deformation that results in changes in 
shape within a part. If such stresses cannot be relieved by plastic flow, 
residual stresses may be incorporated into a part, as described subsequent- 
ly. Shape distortion, and residual stresses, are enhanced by non- uniform 
quenching, high rates of quenching, large section sizes, and variations in 
section sizes within a part, all factors that contribute to large variations in 
temperature throughout a part during heating and cooling. Good part design, 
minimizing abrupt changes in section size and shape, preheating, slower 
rates of cooling, interrupted cooling, and selection of high- hardenability 
steels that can be hardened by slower rates of quenching, even by air cool-
ing, as is the case for some tool steels, are all approaches that can be used 
to minimize distortion, residual stresses, and even quench cracking in sus-
ceptible steels.

Origins of Residual Stresses

Two types of physical changes cause the residual stresses produced dur-
ing cooling of heat treated parts. The one type of change is the thermal 

Table 20.1 Size changes associated with microstructural changes in carbon steels

Reaction Volume change, %

Dimensional change,  

mm/mm or in./in.

Spheroidite → austenite –4.64 + 2.21 (% C) –0.0155 + 0.0074 (% C)
Austenite → martensite –4.64 – 0.53 (% C) –0.0155 – 0.0018 (% C)
Spheroidite → martensite –1.68 (% C) –0.0056 (% C)
Austenite → lower bainite(a) –4.64 – 1.43 (% C) –0.0155 – 0.0048 (% C)
Spheroidite → lower bainite(a) –0.78 (% C) –0.0026 (% C)
Austenite → aggregate of ferrite and cementite(b) –4.64 – 2.21 (% C) –0.0155 – 0.0074 (% C)
Spheroidite → aggregate of ferrite and cementite(b) –0 –0

(a) Lower bainite is assumed to be a mixture of ferrite and e-carbide. (b) Upper bainite and pearlite are assumed to be mixtures of ferrite 
and cementite Source: Ref 20.1
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contraction that occurs during cooling of a single phase or microstructure 
consisting of a mix of phases in the absence of a phase transformation. 
The other type of change, as noted previously, is the transformation of 
austenite to the more open, higher- specific- volume crystal structures of 
ferrite, cementite, and martensite. The volume expansion due to austenite 
transformation is the dominant factor in any heat treatment that involves 
cooling from the austenite phase field, while thermal contraction is the 
dominant factor in subcritical heat treatment treatments. Residual stresses 
and distortion arise because cooling rate is a function of section size or 
position in a part, as noted previously and discussed in Chapter 16, “Hard-  
ness and Hardenability,” in this book, relative to hardenability; therefore, 
volume changes occur at different times and locations during cooling.

Figure 20.1, taken from Ebert (Ref 20.2), shows in a schematic series of 
diagrams all of the changes that take place as a function of time and tem-
perature in a cylindrical specimen cooled in a temperature range where 
there is no phase transformation. Sketches of the longitudinal stress pat-
terns developed across a slice through a cylinder are shown at four dif-

Fig. 20.1  Schematic diagrams showing the evolution of longitudinal residual stresses in steel cooled from subcriti-
cal temperatures where no austenite transformations operate. Source: Ref 20.2
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ferent stages in the cooling process. The horizontal line in each sketch 
indicates zero residual stresses; tensile stresses are plotted above the hori-
zontal line, and compressive stresses are plotted below the line. At the start, 
point A, there are no stresses, but immediately on cooling, temperature 
differences between the surface and center of the cylinder develop and the 
surface contracts more rapidly than the center. This contraction is opposed 
by the center microstructure, and the surface is placed in tension as it at-
tempts to shrink, as shown in the sketch for point B. Eventually, the center 
significantly cools and contracts, and the residual- stress profile reverses, 
point C, as the center is placed into tension and its contraction places the 
surface in compression, point D, on cooling to room temperature.

Figure 20.2 shows schematically the residual- stress evolution of parts 
that cool at different surface and interior rates from temperatures in the 
austenite phase field (Ref 20.2). Ebert made this sketch for a carburized 
steel in which the surface transforms to martensite before the interior 
transforms, but the diagrams are also valid to illustrate the principles of 
residual- stress evolution for through- hardened parts where the surface in-
variably transforms to martensite before the center transforms. In carbu-
rized parts, the carbon gradients typically cause the low- carbon core to 

Fig. 20.2  Schematic diagrams showing the evolution of residual stresses in carburized steels where the surface 
transforms to martensite before the core, or through-hardened steels where the surface transforms to 
martensite before the center of a part. CCT, continuous cooling transformation.  Source: Ref 20.2
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transform before transformation of case microstructures, resulting in sur-
face compressive stresses, as described in Chapter 21, “Surface Harden-
ing,” in this book. Figure 20.2 shows that when martensite forms first at 
part surfaces, due to the restraint of the volume expansion by the untrans-
formed center, surface compressive stresses initially develop. However, 
when the center eventually transforms, either to martensite, bainite, or 
other ferrite/cementite microstructure, the expansion of the interior puts 
the surface into residual tension.

High surface residual tensile stresses add to applied tensile stresses and 
reduce fatigue and fracture resistance of hardened steels. In high- carbon 
steels subjected to severe quenching, surface tensile stresses may be high 
enough to cause quench cracking by intergranular fracture mechanisms, 
as described for quench embrittlement in Chapter 19, “Low Toughness 
and Embrittlement Phenomena in Steels, in this book. Stress- relief heat 
treatments and tempering lower surface residual stresses, and several heat 
treatments, as described in the next section, are designed to minimize the 
effects of surface tensile stresses.

Heat Treatments to Reduce Surface Residual  
Tensile Stresses

Practically, the tendencies to distortion, quench cracking, and/or high 
residual surface tensile stress formation may be reduced by any change in 
processing that reduces the differences in the rates of cooling between the 
surface and interior of steel parts. Quite effective in this regard is a change 
to more moderate quenching for hardening, even to the point of air cool-
ing for tool steels, if problems are encountered with more severe quench-
ing. The effectiveness of a less severe quench in hardening may require 
the use of a more hardenable, more highly alloyed steel, and the matching 
of steel composition, section size, and cooling rates is an important ap-
plication of hardenability. Reducing the temperature difference between 
austenitizing and a quenchant is also sometimes effective in reducing dis-
tortion. For example, steel parts carburized at 950 °C (1750 °F) are often 
cooled to 840 °C (1550 °F) prior to quenching and may be quenched in oil 
heated to 70 °C (170 °F) instead of oil at room temperature.

Martempering or interrupted quenching is a hardening treatment that 
consists of quenching to a temperature just above the Ms temperature of a 
steel, usually by quenching into a molten salt bath, holding for a time suf-
ficient to equalize temperature through the part, and then air cooling 
through the Ms to room temperature (Ref 20.3). Figure 20.3 compares 
schematic diagrams for conventional quenching, martempering, and mod-
ified martempering (Ref 20.4, 20.5). The differences in the cooling rates 
at the surface and center of parts are shown. In conventional quenching, 
the differences in cooling rates follow through the transformation of aus-
tenite to martensite, leading to the development of surface tensile stresses 
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as described previously. In the martempering treatments, temperatures are 
allowed to equalize in order to effectively promote simultaneous transfor-
mation uniformly throughout a part.

An important requirement for martempering is that no transformation 
product other than martensite should form. Therefore, steels suitable for 
martempering must have sufficient hardenability not only with respect to 
higher- temperature transformation products such as ferrite and pearlite 
but also with respect to bainite that may form just above the Ms. Also, hot 
salt has a quenching severity somewhat lower than that of oil, and there-
fore, a steel for marquenching must have sufficient hardenability to com-
pensate for the reduced rate of cooling in salt. The lower temperatures of 
modified martempering serve to increase quench severity, making it pos-
sible to use steels with lower hardenabilities. Cooling through the mar-
tensite transformation range is also important. Water quenching, instead 

Fig. 20.3  Schematic time-temperature-transformation diagrams showing surface and center cooling rates for  
(a) conventional quenching, (b) martempering, and (c) modified martempering. Source: Ref 20.4
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of air cooling, even when temperature is uniform throughout a part just 
above Ms, will almost invariably lead to quench cracking (Ref 20.3).

Austempering is another hardening treatment designed to reduce distor-
tion and cracking in higher- carbon steels. The objective of austempering 

is to isothermally transform austenite to bainite rather than martensite. 
Figure 20.4 schematically compares conventional quenching with austem-
pering (Ref 20.4, 20.5). Uniform temperatures are again achieved by cool-
ing into molten salt, and the transformation to bainite is accomplished at a 
constant temperature. No tempering is required, and lower bainites may 
have comparable or better toughness than quenched and low- temperature- 
tempered microstructures.

As in martempering, a steel suitable for austempering must have suffi-
cient hardenability to avoid higher- temperature austenite transformation 
products when quenched into heated molten salt with a relatively low 
quench severity. Carbon steel parts for austempering are therefore limited 
in size to obtain sufficiently high cooling rates to avoid ferrite and pearlite 
formation. If an alloy steel is selected to compensate for the reduced 
quenching efficiency of hot molten salt, bainite hardenability may also be 
increased to the point where very long times are required for transforma-
tion. Thus, a major processing advantage of austempering, the fact that no 
tempering is required, may be offset by the increased holding time for 
bainite formation.

Residual stresses are produced not only during hardening heat treat-
ments but also during processing of parts with largely ferritic or ferrite/ 
pearlite microstructures. For example, machining and cold working may 
introduce residual stresses due to differences in the amount of deforma-
tion between the surface and interior regions of a part. Welding is another 
process that produces residual tensile stresses. As weld metal solidifies 
and contracts, it is restrained by the adjacent base metal and placed in ten-
sion. In hardened parts, final dimensions may be produced by grinding, 

Fig. 20.4  Schematic diagrams of time-temperature-transformation curves 
with superimposed surface and center cooling rates for conven-

tional quenching and tempering and austempering. Source: Ref 20.4
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but excessive grinding may cause heating that causes softening and even 
the formation of austenite that subsequently transforms to martensite, cre-
ating undesirable residual stresses and even grinding cracks. Electrodis- 
charge machining may also introduce unfavorable residual stresses in 
hardened steels (Ref 20.6).

Residual stresses produced by the processes just described are reduced 
or eliminated by stress- relief heat treatments applied at subcritical tem-
perature, between 550 and 650 °C (1020 and 1200 °F) for plain carbon 
and low- alloy steels and between 600 and 750 °C (1110 and 1380 °F) for 
hot work and high- speed steels (Ref 20.7). Heating to or cooling from 
stress- relief temperatures must be done slowly, especially in heavy sections 
or large welded assemblies, to avoid introducing new thermal stresses and 
possible cracking during stress- relief treatments. The objective of stress 
relieving is not to produce major changes in mechanical properties. There-
fore, the relief of stresses is accomplished by recovery mechanisms that 
rearrange and reduce densities of dislocations without causing recrystal-
lization, with its major changes in microstructure and mechanical proper-
ties. For example, investigation of stress relief in cold extruded mild steel 
bars showed that residual stresses were almost completely relieved with-
out any hardness decrease after heating at 500 °C (930 °F) for 1 h (Ref 
20.8).

Evaluation and Prediction of Residual  
Stresses and Distortion

Residual- stress profiles are measured by x- ray diffraction analysis (Ref 
20.9, 20.10). The residual stresses cause either compression or extension 
of the interplanar spacings of the crystal lattice planes of the phases in 
steel specimens, and the changes in interplanar spacings are used to calcu-
late stresses by use of Poisson’s ratio and Young’s modulus. Because of 
the limited depth of penetration of x- rays into steel, residual- stress profiles 
are obtained by serial examination of subsurface layers exposed by elec-
trolytic or chemical polishing.

The need to minimize distortion and detrimental residual stresses has 
stimulated intensive research into quantitative understanding, control, and 
modeling of quenching and its effects on the performance of steel parts. 
Although residual stress and distortion can be measured and the causes 
and cures are known qualitatively, quantitative predictions of these phe-
nomena in steel parts with complex shapes are extremely difficult. Re-
sidual stresses depend on part size and geometry, heat- transfer coefficients 
between a part and the quenchant, uniformity of the quench, heat flow 
within the steel, the transformation of austenite to various microstructures 
as a function of chemistry, position, time and temperature as determined 
by cooling rates, carbon concentration gradients in carburized steels, and 
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the temperature- dependent mechanical properties and plastic flow charac-
teristics of mixtures of austenite and its decomposition products.

All of the listed aspects of quenching are being incorporated into com-
puter models that predict residual stresses and distortion, and in ongoing 
efforts the models make valuable predictions of performance as a function 
of processing variables (Ref 20.5, 20.11–20.18). A detailed discussion of 
the modeling is outside the scope of this book, but a recent effort, showing 
the interdisciplinary and complex components of a predictive modeling 
program, is noted here. The effort was sponsored under the auspices of the 
National Center for Manufacturing Sciences and established a consortium 
team of corporations, national laboratories, and universities that brought 
extensive computing power and expertise to the problem (Ref 20.18) Fig-
ure 20.5 shows the various elements of the model for predicting residual 
stress and distortion in a small carburized helical gear. To go from what 
appears to be a straightforward carburizing and quenching heat treatment 
to calculations of distortion and residual stress requires a remarkable inte-
gration of thermal, microstructural, and mechanical interactions, all as a 
function of time, temperature, and location. Not only was the modeling 
effort intensive, but also the process required good input data, including 
heat- transfer boundary conditions in oil and salt, transformation kinetics 
of the 51xx model steel as a function of carbon content, and stress- strain 
data of austenite and its decomposition products as a function of tempera-
ture and strain rate. Some of the data were available in the literature, but 
some had to be determined experimentally as part of the modeling effort.
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Fig. 20.5  Elements of the National Center for Manufacturing Sciences pro-
cess model to predict distortion and residual stresses of a carbu-
rized helical gear. Source: Ref 20.18
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CHAPTER 21

Surface Hardening

SURFACES OF STEEL PARTS are subject to severe static and cyclic 
stresses, friction, wear, and corrosive environments. Surface modification 
treatments have evolved to enhance steel performance, as required by 
many applications. Figure 21.1 shows a number of surface modification 

Fig. 21.1  Classification and typical case depths of various surface modifica-
tion treatments. Source: Ref 21.1
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treatments and the range of depths to which each typically hardens steel 
surfaces (Ref 21.1). There are four classes of treatments. Plating or coat-

ing treatments deposit surface layers of completely different chemistries, 
structures, and properties on steel substrates. Ion implantation drives ions 
of atoms such as nitrogen into steel substrates, producing shallow but very 
high surface strengthening. Chapter 22, “Surface Modification,” describes 
a number of these treatments in detail.

The treatments of interest in this chapter are classified as thermal, dur-
ing which surfaces are heated and cooled with no change in composition, 
for example flame and induction hardening, and thermochemical, where 
surface chemistry is changed during heating, for example nitriding and 
carburizing. In this chapter carburizing and nitriding produced in conven-
tional gas atmospheres are discussed; plasma and vacuum carburizing and 
plasma nitriding are described in Chapter 22, “Surface Modification.” 
Many of these treatments rely in some way on tempered martensitic mi-
crostructures, and therefore are referred to as surface hardening treat-
ments. They are widely used for applications such as shafts, gears, and 
bearings that are used to transmit power and are subject to high bending, 
contact, and torsional stresses. The relatively deep- hardened cases pro-
duced by the thermal and thermochemical hardening treatments help to 
offset subsurface case/core fracture initiation, and surface crack initiation 
is reduced by treatment- induced surface compressive stresses. 

Flame Hardening

Flame hardening consists of austenitizing the surface of a steel by heat-
ing with an oxyacetylene or oxyhydrogen torch and immediately quench-
ing with water. A hard surface layer of martensite over a softer interior 
core with a ferrite- pearlite structure results. There is no change in compo-
sition, and therefore the flame- hardened steel must have adequate carbon 
content for the desired surface hardness. The rate of heating and the con-
duction of heat into the interior appear to be more important in establish-
ing case depth than having a steel of high hardenability (Ref 21.2). Figure 
21.2 shows hardness gradients produced by various rates of flame travel 
across a 1050 steel forging. The slower the rate of travel, the greater are 
the heat penetration and the depth of hardening.

A number of different methods of flame hardening have been developed 
(Ref 21.3). Localized or spot hardening may be performed by directing a 
stationary flame head to an area of a stationary workpiece. Progressive 
methods, in which the torch travels over the workpiece or the workpiece 
travels under a stationary torch and quenching fixture, are used for long 
bars. Spinning methods, in which the workpiece is rotated within an array 
of torches, are often used for small rounds. In this method heating is per-
formed first, then the flames are extinguished, and quenching is finally 
accomplished by water sprays or dropping the part into a quench tank. In 
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all cases, the quenched parts are tempered to improve toughness and re-
lieve stresses induced by the surface hardening.

Induction Heating

Induction heating is an extremely versatile method for hardening steel. 
Uniform surface hardening, localized surface hardening, through- hardening, 
tempering of hardened pieces, and heating for forging may all be per-
formed by induction heating. Heating is accomplished by placing a steel 
part in the magnetic field generated by high- frequency alternating current 
passing through an inductor, usually a water- cooled copper coil. The rap-
idly alternating magnetic field established within the coil induces current 
(I ) within the steel. The induced currents then generate heat (H ) according 
to the relationship H = I 2R, where R is the electrical resistance. Steel, con-
sisting primarily of ferrite or bcc iron, is ferromagnetic up to its Curie 
temperature (768 °C, or 1400 °F), and the rapid change in direction of the 
internal magnetization of domains in a steel within the field of the coil 
also generates considerable heat. When a steel transforms to austenite, 
which is nonmagnetic, this contribution to induction heating becomes 
negligible. A wide variety of heating patterns may be established by in-
duction heating depending on the shape of the coil, the number of turns of 
the coil, the operating frequency, and the alternating current power input 
(Ref 21.4). Figure 21.3 shows examples of the heating patterns produced 
by various types of coils.

Fig. 21.2  The effect of flame speed on depth of hardening of a 1050 steel 
forging. Source: Ref 21.3
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The depth of heating produced by induction is related to the frequency 
of the alternating current. The higher the frequency, the thinner or more 
shallow is the heating. Therefore, deeper case depths and even through- 
hardening are produced by using lower frequencies. The various types of 
commercial equipment and the selection of operating conditions for a 
given application are fully described in Ref 21.4 to 21.7.

As in flame hardening, induction heating does not change the composi-
tion of a steel, and therefore a steel selected for induction hardening must 
have sufficient carbon content and alloying for the desired surface hard-
ness distribution. Generally, medium-  and high- carbon steels are selected 
because the high surface strengths and hardness attainable in these steels 
significantly improve fatigue and wear resistance. Induction hardening in-
troduces residual compressive stresses into the surface of hardened parts. 
Therefore, the fatigue strengths of induction- surface- hardened parts may 
be higher than those of through- hardened parts in which quenching devel-
ops residual surface tensile stresses that may only be partly relieved dur-
ing tempering. The greater the depth of hardening by induction heating, 
however, the more the surface stress state approaches that of through- 
hardening. Too deep a hardened case may in fact cause surface tensile 
stresses and even cracking of susceptible steels (Ref 21.4).

The duration of high- frequency induction heating cycles for surface 
hardening is extremely short, often only a few seconds. As a result, the 
time for formation of austenite is limited, and compensation is made by 
increasing the temperature of austenitizing. Figure 21.4 shows how the 
Ac3 temperature in a 1042 steel is affected by heating rate and microstruc-
ture. The high heating rates of induction heating substantially raise Ac3. 
Microstructures with coarse carbides, such as the 1042 steel in the an-
nealed condition as shown, or steels with coarse spheroidized microstruc-

Fig. 21.3  Schematic diagram of the magnetic fields and induced currents 
produced by several types of induction coils. Source: Ref 21.4



Chapter 21: Surface Hardening / 503

tures or alloy carbides, require higher austenitizing temperatures for 
carbide solution than do steels with finer microstructures. Too high an aus-
tenitizing temperature, however, may result in austenite grain coarsening 
(see Chapter 8, “Austenite in Steel”). An interesting consequence of the 
very short austenitizing time for induction surface hardening is the devel-
opment of a hardness above that normally expected for through- hardened 
martensite. This higher hardness is sometimes referred to as superhardness 
(see Fig. 21.5) and, as discussed subsequently, may be a result of martens-
ite formed in very fine- grained, imperfect austenite produced by the short- 
time austenitizing treatments used in induction surface hardening.

As noted, the very short times, on the order of seconds, associated with 
induction hardening significantly influence austenite formation, case mi-
crostructures, and finished hardness profiles. Austenite formation is very 
much a function of starting microstructure. In view of the fact that starting 
microstructures consist of low- carbon ferrite and high- carbon cementite, 
sufficient time must be available for carbon diffusion to produce austenite 
of the steel carbon concentration. Austenite first forms at ferrite/cementite 
interfaces, as described in Chapter 8, “Austenite in Steel;” to continue 
austenite formation, cementite dissolves and supplies carbon, which dif-
fuses through austenite to austenite/ferrite interfaces in order to convert 
the low- carbon ferrite to austenite. The coarser the starting microstruc-
tures, the greater are the diffusion distances and the longer times required 
for complete austenite formation. Coarse cementite particles will take a 
longer time to dissolve than fine particles, and sometimes the parallel 
 cementite lamellae of pearlite are retained to produce regions of ghost 

pearlite in an induction- hardened case (Ref 21.8). Similarly, starting mi-
crostructures of coarse ferrite and pearlite sometimes result in retained 
ferrite islands in induction- hardened cases (Ref 21.9).

Figure 21.6 shows schematically a model of austenite formation in 
pearlite during induction heating. The sketch is based on TEM observa-

Fig. 21.4  Change in Ac3 temperature of 1042 steel as a function of micro-
structure and heating rate. Source: Ref 21.4
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Fig. 21.5  Superhardness produced by induction hardening compared with 
that produced by conventional furnace hardening (lower solid 
curve). Source: Ref 21.4

Fig. 21.6  Schematic representation of austenite formation in a microstruc-
ture of pearlite at two times. Time t1 represents nucleation of aus-

tenite grains with three orientations, A1, A2, and A3, and time t2 represents com-
plete austenite formation with some residual cementite lamellae. Source: Ref 
21.11
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tion of microstructures in an induction- hardened 10V45 steel containing 
0.44% C, 0.87% Mn, and 0.12% V (Ref 21.10, 21.11). Austenite nucleates 
either at pearlite colony interfaces or at individual cementite lamellae, 
consistent with observations of Speich and Szirmae (Ref 21.12). The 
coarser austenite nuclei sweep across the ferrite- cementite colonies, dis-
solving some but not all of the cementite, and incorporating austenite 
crystals that have formed around individual cementite lamellae. On 
quenching, the austenite transforms to martensite, some of which forms in 
very small crystals of austenite, possibly contributing to the enhanced 
hardness sometimes produced by induction hardening.

Not only is austenitizing affected by the short times and high tempera-
tures of induction heating, but also tempering is affected. A recent study 
shows that induction tempering produces hardness changes comparable to 
conventional furnace tempering, but notes that care must be taken not to 
overcompensate for the significantly shorter times of induction tempering 
by the use of higher tempering temperatures (Ref 21.13). For example, 
induction tempering that produced a temperature of 300 °C (570 °F) for 
effectively 6 seconds produced beginning third- stage tempering and 
second- stage tempering transformation of interlath austenite in hardened 
1053M and 5160 steels.

Figure 21.7 shows hardness profiles for induction- hardened 1550 steel, 
containing 0.52% C and 1.50% Mn, and 5150 steel, containing 0.50% C, 
0.82% Mn, and 0.83% Cr (Ref 21.8). Starting microstructures of both 
steels were either furnace- cooled ferrite/pearlite of hardness 25 HRC or 
quenched and tempered martensite of 32/33 HRC. The specimens were 

Fig. 21.7  Hardness profiles for 1550 and 5160 after induction hardening 
time of 1.0 s of two starting microstructures as described in text. 
Souce: Ref 21.8
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induction- hardened at 120 kW and 300 kHz for 1.0 second. Deeper case 
depths were produced in the specimens with tempered- martensite starting 
microstructures, which were much finer and more uniform than those of 
the specimens with furnace- cooled microstructures. However, for a given 
starting microstructure, deeper case depths were produced in the 1550 
steel than in the 5150 steel, a result attributed to the more sluggish dissolu-
tion of the chromium- containing carbides during austenitizing of the 5150 
steel. Shorter induction- heating times of 0.5 and 0.75 seconds produced 
shallower case depths and accentuated differences that were due to alloy 
contents of the steels. An induction- heating time of 1.5 seconds fully aus-
tenitized and through- hardened all 1 cm (0.4 in.) diameter specimens re-
gardless of steel chemistry or starting microstructure. Many other scenarios 
of the effects of time and temperature, as affected by induction processing 
parameters, and alloying response of course are possible, but the changes 
illustrated by the study that produced Fig. 21.7 show variations that can 
occur with subtle changes in alloying, starting microstructures, and pro-
cessing parameters.

Since induction hardening does not change chemistry, the carbon con-
tent of induction- hardened steels must be high enough to produce suffi-
cient high strength and hardness for demanding applications. Thus, steels 
with carbon concentrations of 0.40 to 0.50% are frequently selected for 
induction case hardening. Steels with this amount of carbon are sensitive 
to quench embrittlement, as discussed in Chapter 19, “Low Toughness 
and Embrittlement Phenomena in Steels,” and several cases of intergranu-
lar cracking have been reported in induction- hardened steels. One study 
documented intergranular fracture in induction- hardened axles of a modi-
fied 1050 steel under conditions of bending overload and rotating bending 
fatigue (Ref 21.14). Another fatigue study, of induction- hardened 1045 
steels specimens taken from a light- truck axle, showed not only inter-
granular fracture initiation but also intergranular fatigue crack propaga-
tion in specimens subjected to cyclic three- point bending (Ref 21.15).

Although tensile and bending strengths are important in many applica-
tions of induction- hardened parts, for shafts and axles the transmission of 
torque is a major requirement. In a study designed to optimize torsional 
strength, Ochi and Koyasu evaluated the effect of increasing carbon con-
tent on induction- hardened shafts (Ref 21.16). Figure 21.8, from their 
study, shows torsional strength as a function of steel carbon content and 
case- hardening depth ratio, t/r, where t is the depth of the case- hardened 
layer and r is the radius of a shaft. Torsional strength increases with in-
creasing depth of hardening, despite expected decreasing residual surface 
compressive stresses. Also, increasing carbon content increases torsional 
strength consistent with increases in the strength of LTT martensite with 
increasing carbon content, as described in Chapter 18, “Deformation, Me-
chanical Properties, and Fracture of Quenched and Tempered Carbon 
Steels.” In the Ochi and Koyasu work, all torsion fractures of induction- 
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hardened steel containing less than 0.6% C were mode III shear fractures 
that developed on planes of maximum shear. However, when carbon con-
centrations exceeded 0.6% mode I opening mode brittle fractures devel-
oped on planes of high normal stresses. The fractures were intergranular, 
consistent with quench embrittlement and low brittle fracture strengths of 
hardened high- carbon steels.

As noted previously, surface- initiated intergranular cracks may develop 
in induction- hardened steels with higher carbon contents, perhaps over- 
austenitized and with high phosphorus content. However, in medium- 
carbon steels not susceptible to quench embrittlement, cracking caused by 
fatigue may initiate not at the surface of induction hardened parts, but 
subsurface in the core close to the case/core interface. Figure 21.9, taken 
from the work of Nissan (Ref 21.17), shows the role that residual stresses 
play in fatigue performance of an induction- hardened 4145 steel subjected 
to fully reversed cantilever bending. At the surface the summation of the 
applied and high residual compressive stresses is slightly compressive, 

Fig. 21.8  Torsional strength as a function of case depth for various grades of 
steel. Source: Ref 21.16



508 / Steels—Processing, Structure, and Performance, Second Edition

but with increasing distance from sample surfaces, the effective stress 
gradually increases as residual stresses become less compressive, until at 
the case/core interface the effective applied stress, now substantially in-
creased by residual tensile stresses, exceeds the strength of the unhardened 
core microstructure and fracture is initiated there. The subsurface cracks in 
the 4145 steel were initiated mostly at large inclusion particles, but also in 
some cases in the ferrite of the unhardened core microstructure. 

Carburizing: Processing Principles

Carburizing is a heat treatment in which the carbon content of the sur-
face of a low- carbon steel is increased by exposure to an appropriate at-
mosphere at a temperature in the austenite phase field. Hardening is 
accomplished when the high- carbon surface layer is quenched to form 
martensite. The Fe- C diagram (see Chapter 3, “Phases and Structures”) 
shows that the maximum solubility of carbon in austenite ranges from 
0.8% at the eutectoid temperature to about 2% at the eutectic temperature. 
Although alloying elements reduce carbon solubility, more than enough 
carbon can be introduced into the austenite of plain carbon or alloy steels 
by carburizing to produce the maximum martensitic hardness after 
quenching. Complications of carbide formation, brittle microstructure, 
and excessive retained austenite develop if carbon content is too high, and 
for these reasons the maximum carbon content in a carburized steel is 
generally controlled to between 0.8 and 1%. Carburizing is most fre-

Fig. 21.9  Estimated strength (from hardness), applied experimental stress, 
and the summation of applied and residual stresses (from x-ray

diffraction) as a function of distance from the surface of induction hardened 1045 
steel with a ferrite/pearlite as-hot rolled core microstructure. The box in the upper 
right of the figure shows locations of crack initiation at the case/core and core 
locations of the induction hardened samples. Source: Ref 21.17
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quently performed between 850 and 950 °C (1550 and 1750 °F), but 
sometimes higher temperatures are used to reduce cycle times and/or pro-
duce deeper depths of the high- carbon surface layer.

Two important processes influence the introduction of carbon into aus-
tenite during carburizing. One is the environmental reaction that causes 
carbon to be absorbed at the surface of the steel. Another is the rate at 
which carbon can diffuse from the surface to the interior of the steel. Car-
bon is introduced by the use of gaseous atmospheres (gas carburizing), salt 
baths (liquid carburizing), solid compounds (pack carburizing), and plasma 
and vacuum carburizing (as discussed in Chapter 22, “Surface Modifica-
tion”) (Ref 21.18). All of these methods have limitations and advantages, 
but gas carburizing is widely used for large- scale production because it can 
be accurately controlled and involves a minimum of special handling.

Carbon is introduced into the surface of steel by gas- metal reactions 
between the various components of an atmosphere gas mixture and the 
solid solution austenite. Following Harvey (Ref 21.19), one of the most 
important carburizing reactions is:

CO2(g) + C  2CO(g) (Eq 21.1)

where C is carbon introduced into the austenite. At equilibrium, a carbon 
ratio of CO2 and CO has a certain carbon potential or maintains a certain 
level of carbon in the austenite. At any temperature, the relationship be-
tween the gaseous components and the carbon in solution of the austenite is 
given by the equilibrium constant K, which for reaction 21.1 is written as:

K P
a P

CO

c CO
=

2

2

(Eq 21.2)

where PCO and PCO2
 are the partial pressures of CO and CO2, respective- 

ly, and ac is activity of carbon. The activity of carbon is related to the 
weight percent carbon in the austenite by the activity coefficient of carbon 
( fc) according to the following equation:

ac = fc wt% C (Eq 21.3)

K is a function of temperature, and for the reaction represented in Eq 21.1 
can be determined from:

log .K T= +−8918 9 1148 (Eq 21.4)

where T is the absolute temperature in degrees Kelvin. The partial pres-
sures of CO and CO2 required to maintain a given surface austenite carbon 
content are given by combining Eq 21.2 and Eq 21.3 as follows:
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wt% /C P PKf CO COC
= 1 2

2
(Eq 21.5)

If the CO content of an atmosphere exceeds the partial pressure re-
quired to maintain a given carbon content, the reaction represented in Eq 
21.1, as written, will go to the left and carburizing will occur until a new 
equilibrium is reached. This is the case in commercial carburizing where 
the carbon content of a low- carbon steel is raised to some desirable higher 
level. On the other hand, if the CO2 partial pressure is too high relative to 
the CO content, the reaction in 21.1 will go to the right and decarburiza-
tion will occur. The latter condition is sometimes purposely introduced in 
commercial practice if initial carburizing produces too high a carbon con-
tent, say 1.2%, and it is desired to reduce surface carbon to a lower level, 
say 0.9%. This step in a carburizing cycle is referred to as a diffusion step, 
since much of initially high carbon in the austenite immediately adjacent 
to the surface diffuses into the interior of the part and produces a deeper 
case. Equation 21.5 requires a knowledge of the activity coefficient, which 
varies as a function of temperature and the composition of austenite. Har-
vey (Ref 21.19) tabulates relationships for the activity coefficients in 
 ternary Fe- X- C systems where X may be nickel, silicon, manganese, chro-
mium, molybdenum, or vanadium. Harvey also presents a system for 
evaluating the activity coefficient and carburizing potentials for steels 
with more than three components.

The preceding discussion describes the basic concept of gas equilib-
rium and carburizing. In conventional gas carburizing practice, carburiz-
ing atmospheres are produced by combustion of natural gas or other 
hydrocarbon gas in exothermic or endothermic gas generators and contain 
CO, CO2, CH4, H2, H2O, and N2 (Ref 21.20). Therefore, there are many 
other reactions that may occur in addition to that represented in 21.1, in-
cluding the following:

CH4  C + 2H2 (Eq 21.6)

CO + H2O  CO2 + H2 (Eq 21.7)

Much of the technology (Ref 21.18) of gas carburizing is based on re-
lationships determined by Harris (Ref 21.21) for Eq 21.1, 21.6, and 21.7 
according to the approach just described and with the assumption that the 
activity of carbon in saturated austenite (austenite with the carbon content 
given by the Acm at a given temperature) is unity. For carbon concentration 
in the austenite less than saturation, the activity is assumed to be propor-
tional to the degree of saturation. For example, if the carbon content of 
austenite at saturation is 1.33%, and one wants to know what partial pres-
sures of CO and CO2 will maintain 1.0% C in austenite, the activity is 
equal to 1.00/1.33 = 0.75. These assumptions appear to be valid for plain 
carbon and low- nickel steels, and within 10% for more highly alloyed 
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steels (Ref 21.18). A number of curves, based on the Harris approach, re-
lating the CO and CO2 contents required to maintain various surface car-
bon contents are given in Ref 21.22 for carburizing temperatures between 
825 and 1025 °C (1515 and 1875 °F) in 25 °C (75 °F) increments. Figure 
21.10 shows such a curve for 975 °C (1790 °F) increments. As shown, a 
much higher CO than CO2 content is required for carburizing, especially 
for higher surface carbon contents.

Equation 21.7 gives the equilibrium between CO, CO2, H2O, and H2 

and is used as the basis of control and determination of the carbon poten-
tial of carburizing atmospheres. For the latter purposes, measurements of 
the contents of H2O or CO2 are often used. Carbon dioxide is measured by 
infrared analyzers. The dew point is defined as the temperature, at a given 
pressure, at which a gas mixture will precipitate its moisture content and 
is used to determine the H2O content of an atmosphere. More recently, 
carbon potential has been determined by measurement of the partial pres-
sure of oxygen with instruments referred to as oxygen probes. Once the 
oxygen content is known, the CO and CO2 contents can be determined by 
means of the following equilibrium reaction:

CO + ½O2  CO2 (Eq 21.8)

The various approaches and instruments for control of carburizing poten-
tials are described in detail in Ref 21.18.

After a given carbon potential is established, the depth of case produced 
in a given carburizing treatment is determined by the time- dependent dif-
fusion of carbon from the surface to the interior of the steel part. Figure 
21.11 shows carbon profiles calculated for an Fe- C alloy carburized at  
925 °C (1700 °F) for times between 2 and 16 h, and Fig. 21.12 shows the 

Fig. 21.10  Equilibrium percentages of carbon monoxide and carbon diox-
ide required to maintain various carbon concentrations at 975 °C

(1790 °F) in plain carbon and certain low-alloy steels. Source: Ref 21.22
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Fig. 21.11  Carbon concentration in an Fe-C alloy as a function of distance 
calculated for various carburizing times at 925 °C (1700 °F), as-

suming the diffusion coefficient is independent of composition. Source: Ref 21.23

Fig. 21.12  Carbon concentration in an Fe-C alloy as a function of distance 
calculated for various temperatures for 8 h carburizing, assum-

ing the diffusion coefficient is independent of composition. Source: Ref 21.23
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effect of temperature on carburizing an Fe- C alloy when time is held con-
stant at 8 h. These figures demonstrate the important effect of time and 
temperature on the depth of case produced by carburizing.

Following Goldstein and Moren (Ref 21.23), the curves of Fig. 21.11 
and 21.12 were calculated by means of the Van- Ostrand- Dewey solution 
to the diffusion equation as follows:

C C
C C

XC S

O S
Dt−

− = ( )erf 2 (Eq 21.9)

where Cs is the surface concentration of carbon as maintained by the car-
bon potential of the atmosphere; Co is the initial carbon level in the Fe- C 
alloy prior to carburizing; D is the diffusion coefficient for carbon in aus-
tenite; Cc is the carbon concentration as a function of distance from the 
surface; and t is the time after the start of carburizing. The diffusion coef-
ficient was assumed to be independent of composition and to have an av-
erage value D

γ
C = 0.12 × exp(–32,000/RT) cm2/s Ref 21.24). The diffusion 

coefficient in fact varies with carbon concentration of the austenite.
Equation 21.9, while it demonstrates the basic diffusion principles in-

volved in carburizing, is highly idealized with respect to commercial prac-
tice. In particular, the diffusion coefficient of carbon in steels varies not 
only with carbon but also with alloy content, a situation for which Gold-
stein and Moren (Ref 21.23) have developed mathematical models that 
incorporate the effect of other alloying elements on the diffusion process. 
Apart from this approach, the equations based on empirical analysis of Eq 
21.6 by Harris have proven adequate for plain carbon and alloy steels. At 
any temperature, Eq 21.9 reduces to:

X(case depth) = K √t (Eq 21.20)

where K is a function of temperature and includes the temperature depen-
dence of the diffusion coefficient. Table 21.1 (Ref 21.3) lists values of case 
depths at various times for three commonly used carburizing temperatures.

Table 21.1 Case depth calculated by the Harris equation

Time, t, h

Case depth after carburizing at(a):

871 °C (1600 °F) 899 °C (1650 °F) 927 °C (1700 °F)

mm in. mm in. mm in.

2 0.64 0.025 0.76 0.030 0.89 0.035
4 0.89 0.035 1.07 0.042 1.27 0.050
8 1.27 0.050 1.52 0.060 1.80 0.071
12 1.55 0.061 1.85 0.073 2.21 0.087
16 1.80 0.071 2.13 0.084 2.54 0.100
20 2.01 0.079 2.39 0.094 2.84 0.112
24 2.18 0.086 2.62 0.103 3.10 0.122
30 2.46 0.097 2.95 0.116 3.48 0.137
36 2.74 0.108 3.20 0.126 3.81 0.150

(a) Case depth = 0.025 √t for 927 °C (1700 °F); 0.021 √t for 899 °C (1650 °F); 0.018 √t for 871 °C (1600 °F). 
For normal carburizing (saturated austenite at the steel surface while at temperature). Source: Ref 21.3
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Carburizing—Alloying, Processing, and 
Microstructure 

The objective of carburizing is to obtain a high- carbon martensitic case 
with good wear and fatigue resistance superimposed on a tough, low- 
carbon steel core. Carburizing steels usually have base- carbon contents 
around 0.2%. Therefore, if hardenability is low, as is the case for plain 
carbon steels, the core microstructure will consist of ferrite and pearlite of 
relatively low strength. Many applications, however, require high core 
strength to support the case in heavy- duty applications. In addition, core 
strength is required where the stress gradients between the surface and 
interior of a part in service are high enough to cause subsurface crack 
initiation in an unhardened core. For these reasons, alloy steels with good 
core hardenability that form martensite throughout a carburized part are in 
wide use. Table 21.2, taken from a study of fracture resistance of carbu-
rized steels (Ref 21.25), shows the compositions and the hardenabilities in 
DI of some commonly used alloy carburizing steels. The EX grades of 
steels are exchange grade steels not yet assigned standard SAE designa-
tions (Ref 21.26). In the case of the carburizing grades, these steels have 
been developed to match different hardenability ranges of standard grades 
(as shown in Table 21.2) by means of adjusting alloy content.

Depending on hardenability, i.e., the composition of a carburizing steel, 
specimen size, and quench severity, quite different hardness gradients 
may be associated with a given carbon gradient. Maximum hardness at 
any given carbon level will be associated with a fully martensitic micro-
structure, but bainite and other low- hardness microstructures might also 
form if cooling is not sufficient to form martensite at that location. Wyss 

Table 21.2  Compositions, grain sizes, and hardenabilities of some carburizing steels

Group I Group II Group III

Group 

IV

EX24

SAE  

862 EX29

SAE 

4320 20NiMoCr6

SAE 

4817

SAE 

4820 EX32 EX55

Composition, wt%

Carbon 0.20 0.20 0.20 0.21 0.22 0.17 0.19 0.19 0.17
Manganese 0.88 0.89 0.87 0.58 0.58 0.54 0.60 0.82 0.87
Silicon 0.34 0.34 0.34 0.33 0.54 0.33 0.28 0.27 0.28
Phosphorus 0.015(a) 0.015(a) 0.015(a) 0.015(a) 0.021 0.015(a) 0.016 0.017 0.015(a)
Silicon 0.02(a) 0.02(a) 0.02(a) 0.02(a) 0.027 0.02(a) 0.02 0.02 0.02(a)
Chromium 0.51 0.47 0.48 0.52 0.64 NA(b) NA(b) 0.53 0.49
Molybdenum 0.26 0.21 0.34 0.26 0.31 0.27 0.27 0.52 0.74
Nickel NA(b) 0.53 0.54 1.76 1.56 3.56 3.48 0.80 1.84
Aluminum 0.08(a) 0.08(a) 0.08(a) 0.08(a) 0.043 0.08(a) 0.075 0.082 0.08(a)

ASTM grain size 9½ 9½ 9½ 9½ 7½ 9½ 9½ 9 9½

D1 hardenability:

Inches 1.6 1.7 2.0 1.9 3.0 2.5 2.7 3.3 4.7
Millimeters 41 43 51 48 76 63 69 84 120

(a) Amount added. (b) NA, non added. Source: Ref 21.25
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(Ref 21.27) has developed a scheme for calculating hardness gradients 
from carbon gradients. The first step is to calculate Jominy curves for a 
given alloy composition at several carbon contents. Then, an equivalent 
distance from the quenched end of a Jominy specimen is obtained for a 
given bar diameter and quench severity according to Grossmann’s method. 
That equivalent distance, i.e., an effective cooling rate, is then used to 
obtain hardness values as a function of carbon content from the various 
Jominy curves. Then, if carbon content as a function of distance from the 
carburized surface is known or calculated, hardness as a function of dis-
tance can be plotted.

Once the proper surface carbon concentration and depth of case are 
established by control of the processing parameters, the carburized aus-
tenite is quenched to form martensite and tempered. The part may be hard-
ened directly after carburizing or may be cooled and reheated to refine the 
microstructure. Figure 21.13 shows the microstructure of an EX 24 steel 
carburized and diffused at 1050 °C (1920 °F) and cooled to 845 °C  
(1550 °F) prior to quenching in oil (Ref 21.28). This microstructure is 
typical of that produced in fine- grained steels by direct quenching of car-
burized cases containing in the range of 0.8 to 1% C at the surface. The 
martensite has a plate morphology, and as much as 20 or 30% retained 
austenite might be present, depending on carbon content. Lower carbon 
contents in a case would produce a finer martensite tending to a lath mor-
phology and would reduce retained austenite content. Figure 21.14 shows 
the case microstructure produced in an 8620 steel that has been reheated 
to a temperature below the ACM. The microstructure is highly refined by 
this treatment, so much so that the matrix martensite and retained austen-

Fig. 21.13  Microstructure adjacent to surface of an EX 24 steel carburized 
and diffused at 1050 °C (1920 °F), cooled to 845 °C (1550 °F),

and oil quenched. Original magnification at 1000×. Source: Ref 21.28
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ite are not resolvable in the light microscope. The fine circular white fea-
tures that are visible are carbides that have been retained because the case 
was not reheated into the single- phase austenite field.

Figures 21.13 and 21.14 show microstructures that are typical of the 
results of good commercial practice. Problems due to processing, how-
ever, may adversely affect microstructures and properties. One common 
feature of conventional gas carburizing is the internal surface oxidation 
that develops to a depth of about 0.025 mm (0.001 in.) from the carburized 
surface. The microstructures and effects of surface oxidation are discussed 
in the following sections of this chapter.

Figures 21.15 and 21.16 show the deleterious effects of too high a sur-
face carbon concentration on case microstructure. The high surface car-

Fig. 21.14  Microstructure adjacent to surface of 8620 steel carburized at 
1050 °C (1920 °F), oil quenched from 845 °C (1550 °F), and

reheated to 845 °C (1550 °F) and quenched. Original magnification at 1000×. 
Source: Ref 21.28

Fig. 21.15  High austenite (white phase) content in corner of an 8620 steel 
sample carburized and diffused at 1050 °C (1920 °F) and cooled 
to 845 °C (1550 °F) before oil quenching. Source: Ref 21.29
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bon concentration may be a result of too short a diffusion cycle after 
carburizing has first saturated the austenite, or a result of geometry, where 
carbon has good surface access to a portion of a steel (especially specimen 
corners) but diffusion to the interior is restricted (Ref 21.29). Figure 21.15 
shows a very high retained austenite content in an 8620 steel and Fig. 
21.16 shows grain- boundary carbides that have formed in an EX 24 steel 
that has been reheated for hardening after carburizing. The reheating has 
caused some agglomeration of the carbides and therefore reduced their 
detrimental effect on fatigue crack initiation (Ref 21.29).

Another microstructural feature that may adversely affect properties of 
carburized steels is the microcracking that develops in high- carbon mar-
tensitic microstructures because of plate impingement (Ref 21.30). Figure 
21.17 shows examples of microcracks that have formed in the case of a 
coarse- grained 8620 steel (Ref 21.31). The micrograph shows an extreme 
example of microcracking. Microcracking is much reduced when mar-
tensite forms in fine- grain austenite (Ref 21.32); when the martensite mor-
phology approaches that of lath martensite as carbon is reduced below 1% 
(Ref 21.33); and as a result of tempering (Ref 21.34). Many of the micro-
structural features described above and their influence on the properties of 
carburized parts have been extensively reviewed by Parrish (Ref 21.35).

Figure 21.18 shows the results of a study of the effect of martensite 
morphology, including the effects of microcracking, on fatigue resistance 
of a carburized coarse- grained 8620 steel (Ref 21.31). All specimens were 
chemically polished and, therefore, the influence of intergranular oxida-
tion on fatigue cracking was removed from the study. The specimens 
 directly quenched from the carburizing temperature had the coarsest struc-

Fig. 21.16  Cementite network in corner of an EX 24 specimen carburized 
at 1050 °C (1920 °F) oil quenched, and reheated to 845 °C 
(1550 °F). Source: Ref 21.28
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Fig. 21.17  Microcracks in the martensite of a carburized coarse-grained 
8620 steel. Source: Ref 21.31

Fig. 21.18  Maximum applied stress versus cycles to failure (S-N curve) for 
four-point bend fatigue specimens of 8620 steel given three dif-
ferent carburizing treatments. Source: Ref 21.31
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ture and the highest density of microcracks, some of which were directly 
exposed on the specimen surfaces by the chemical polishing. The single- 
reheated specimens had a finer austenite grain structure and therefore finer 
martensite plates and a lower density of microcracks. Because the retained 
austenite content and hardness profiles of the direct- quenched and single- 
reheated specimens were identical, the improved fatigue resistance of the 
single- reheated specimens is attributed to the smaller size of the micro-
cracks and their lower density in the finer structure. The best fatigue resis-
tance was shown by the double- reheated specimens with case microstructure 
similar to that shown in Fig. 21.14, i.e., a microstructure produced by re-
heating below the ACM. The virtual elimination of the surface microcracks, 
the much finer structure of the martensite, the higher hardness, and re-
duced retained austenite were probably all factors that contributed to the 
very high fatigue resistance of the double reheat specimens.

The study (Ref 21.31) of chemically polished carburized specimens 
showed that microcracks, or most likely as shown an embrittled austenite 
grain boundary, initiated fatigue fracture in specimens quenched from the 
austenite field. In specimens reheated to the austenite- cementite field, fa-
tigue cracks were initiated at pits produced by the chemical polishing. A 
study of fatigue crack origins in a steel carburized to 0.7% C showed that 
cracks in electropolished specimens initiated mainly at prior austenite 
grain boundaries and sometimes at inclusion particles (Ref 21.36). In 
commercially carburized specimens not subjected to any surface polish-
ing or removal treatment, fatigue cracks are most probably initiated at 
intergranular surface oxides, prior austenite grain boundaries, or surface 
roughness in one form or another, such as grooves produced by machin-
ing. In fine- grained steels or steels carburized to a carbon level that yields 
lath martensite, microcracking would not be expected to be a major cause 
of fatigue crack initiation.

The study of the carburized coarse- grained 8620 steel also revealed 
several characteristics of the fracture of carburized steels. Figure 21.19 
shows fatigue fracture origins in direct- quenched and double- reheated 
carburized specimens. The fatigue crack in the direct- quenched specimen 
(Fig. 21.19a) was initiated at an embrittled prior austenite grain boundary. 
The stable fatigue crack was quite smooth (area within dashed semicircle) 
but on overload and rapid propagation became intergranular. In contrast, 
both the fatigue and overload portions of the fracture surface of the double- 
reheated specimen are transgranular and quite smooth. Figure 21.20 shows 
higher magnification scanning electron micrographs of overload fracture 
in direct- quenched and double- reheated specimens. The intergranular 
fracture (see Fig. 21.20a) is frequently observed in direct- quenched carbu-
rized steels and is determined by Auger analysis (Ref 21.37–21.39) to be 
associated with higher phosphorus and carbon concentrations than those 
found in the bulk of the steel. The shape of the carbon Auger peak indi-
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cates that the carbon at the grain boundary is present in the form of ce-
mentite, and thus the intergranular fracture is a manifestation of quench 
embrittlement as described in Chapter 19, “Low Toughness and Embrit-
tlement Phenomena in Steels.” In carburized steels the conditions for in-
tergranular embrittlement are present in as- quenched and tempered 
conditions that would normally be considered to be immune to intergranu-
lar fracture in medium- carbon steels (Ref 21.37).

Fig. 21.19  Fatigue crack initiation in carburized coarse-grained 8620 steel (a) quenched directly from carburiz-
ing at 927 °C (1700 °F) and (b) reheated after carburizing to 788 °C (1450 °F). Both specimens 
tempered at 145 °C (300 °F). Scanning electron micrographs. Source: Ref 21.31

Fig. 21.20  Overload case fracture surfaces in carburized 8620 steel  
(a) quenched directly after carburizing at 927 °C (1700 °F) and

(b) reheated to 788 °C (1450 °F). Both specimens tempered at 145 °C (300 °F). 
Scanning electron micrographs. Source: Ref 21.37
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Carburizing—Surface Oxidation in Gas Atmospheres

The section on carburizing processing shows that oxygen is available in 
the H2/H2O and CO/CO2 partial pressure equilibria in the gas atmospheres 
used for carburizing. As a result, some of the alloying elements in carbu-
rizing steels are selectively subject to oxidation by H2O and CO2, in par-
ticular silicon, manganese, and chromium, as shown in Fig. 21.21 (Ref 
21.40). Other elements, including molybdenum and nickel, often added to 
carburizing steels are not oxidized. Chatterjee- Fischer, in an early system-
atic study, confirmed that indeed surface dispersions of Cr, Mn, Si, and Ti 
oxides formed during gas carburizing, and that removal of Si from carbu-
rizing steels tended to eliminate the surface oxidation (Ref 21.41). 

Surface oxide dispersions are best shown on as- polished surfaces, and 
Figures 21.22 and 21.23, show respectively light and scanning electron 
micrographs of surface oxide dispersions in gas carburized steels (Ref 
21.42). There are two zones of oxidation: a continuous shallow zone about 
5 microns deep of fine dispersed particles, and a deeper zone, typically 
between 10 to 20 microns deep, apparently formed on prior austenite grain 
boundaries. The latter zone is sometimes referred to as being produced by 
intergranular oxidation (IGO). Energy dispersive spectroscopy in the SEM 
showed that the outer zone consisted of oxides rich in chromium, and the 
grain- boundary oxides were rich in silicon and manganese. 

The grain boundary oxides are not continuous on the as- polished sur-
faces. Scanning electron microscopy of fracture surfaces of gas- carburized 

Fig. 21.21  Oxidation potentials of various elements in an endothermic gas 
atmosphere at 930 °C (1700 °F). Source: Ref 21.40

O
x
id

a
ti
o
n
 p

o
te

n
ti
a
l 
fo

r 
re

a
c
ti
o
n
s
 1

 a
n
d
 2

14

12

10

8

6

4

2

0

−2

−4

−6

−8

Ti

Si
Mn

Cr

Fe
W Mo

Ni

Cu

Reduction of metal oxides

Oxidation of metals

Calculations based on
Me + H

2
O � MeO + H

2
 (1)

Calculations based on
Me + CO

2
 � MeO + CO (2)



522 / Steels—Processing, Structure, and Performance, Second Edition

zones (Fig. 21.24) shows that the grain boundary oxides do not uniformly 
cover the prior austenite grain boundaries but instead form in a lamellar 
morphology with parallel oxide lamellae alternating with the steel matrix 
(Ref 21.42). This morphology is responsible for the discontinuous grain 
boundary oxide appearance in Fig. 21.22 and 21.23. In those micrographs 
the plane of polish has intersected the alternating oxide and matrix lamel-
lar structure that has formed on the austenite grain boundaries. 

Surface oxidation is invariably present to some degree in gas carburized 
steels. In view of the susceptibility of prior austenite grain boundaries to 
quench embrittlement independent of oxidation, the grain boundary oxi-
dation has a real but relatively low additive impact on fatigue resistance of 
direct quenched carburized parts if surface residual stresses are compres-
sive (Ref 21.43). As a result many applications can tolerate some surface 
oxidation. The surface- oxidized zone can be removed by grinding, and of 

Fig. 21.22  Surface oxidation in a gas carburized 8627 steel containing 
0.92% Mn, 0.27% Si, 0.51%Cr, 0.22% Mo, and 0.52% Ni. As-

polished, Ni-plated surface (for edge retention), light micrograph. Source: Ref 21.42 

10 µm

Fig. 21.23  Surface oxidation in a carburized 20MnCr5 steel containing 
1.29% Mn, 0.44% Si, 1.24% Cr, 0.25% Ni, and 0.0015% B. As-
polished, Ni-plated surface, SEM micrograph. Source: Ref 21.42

3µm
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course does not form during plasma or vacuum carburizing (Ref 21.44). 
However, because oxidation removes chromium, silicon, and manganese 
from solid solution, hardenability may be reduced in steel with low hard-
enability to the point at which surface compressive stresses are reduced or 
eliminated, severely lowering fatigue resistance (Ref 21.45- 21.47), as dis-
cussed in the section on residual stresses. 

Carburizing: Residual Stresses and Microstructure

The high- carbon case microstructures of steels directly quenched after 
carburizing in the austenite phase consist of plate martensite and retained 
austenite. In Chapter 19, “Low Toughness and Embrittlement Phenomena 
in Steels ,” Figure 19.16 showed that such high carbon contents, typically 
around 0. 8% carbon, places those microstructures into the quench em-
brittlement range where low- stress brittle intergranular fracture occurs 
because of carbon and phosphorus segregation to austenitic grain bound-
aries. Consistent with this susceptibility to intergranular cracking, as 
shown in Fig. 21.19, bending and tensile fatigue failures of direct quenched 
carburized steels are invariably initiated at austenite grain boundaries. 
However, fracture initiation is offset to high stresses and strengths be-
cause of the favorable compressive stresses produced during quenching of 
austenite with the carbon gradients produced by carburizing.

Koistinen first clearly showed the basis for the formation of the surface 
compressive stresses (Ref 21.48). Figure 21.25 shows two sets of curves 
as a function of distance from the carburized surface: cooling curves at 
increasing times in the quench process, and MS curves for two carburized 
steels. The MS curves follow the carbon gradients. Close to the surface, 

Fig. 21.24  Fracture at the surface of a carburized 20MnCr5 steel containing 
1.29% Mn, 0.44% Si, 1.24% Cr, 0.25% Ni and 0.0015% B after

single tooth bending fatigue testing. Lamellar oxide structure on austenite grain 
boundaries formed during gas carburizing is shown. SEM micrograph. Source: 
Ref 21.42 

6µm
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MS temperatures, because of the high carbon content of the austenite, are 
quite low, and as carbon content decreases with increasing distance from 
a carburized surface, MS temperatures increase. Because of this gradient in 
MS temperatures, in the early stages of quenching, as shown by the inter-
section of the two sets of curves, the interior of the carburized samples 
transforms to martensite and hardens while the high carbon case remains 
austenitic. However, when the surface case microstructure eventually 
transforms to martensite, the expansion that accompanies the austenite to 
martensite transformation is restrained by the hard interior microstructure 
and the surface martensitic microstructure is placed into compression. 

The differences in residual stress profiles developed in carburized steels 
and uncarburized quenched and tempered steels are shown in Fig. 21.26 
(Ref 21.49). As shown by the Koistinen explanation, the residual surface 
stresses in carburied samples are compressive. In contrast the surface res-
diual stresses in uncarburized quenched and tempered steels are tensile 
because the surface forms martensite first, and when the interior austenite 
eventually transforms to martensite, the expansion caused by that trans-
formation puts the surface martensite into tension.

Figure 21.27 shows the variation of residual stress profiles that devel-
oped from the carburized surfaces of seventy (70) different heats and sets 
of carburized steels (Ref 21.50). A few of the individual profiles are shown 
as the dashed lines in the relatively broad band of profiles. A major char-
acteristic of the residual stress profiles is that a maximum in compressive 

Fig. 21.25  MS curves for two carburized steels, and cooling curves at in-
creasing times during quenching, as a function of distance from

the carburized surface. Adapted by Lee Rothleutner, Colorado School of Mines 
from Ref 21.48

Depth below surface, 10−3 in.

Depth below surface, mm

0 20 40 60 80 100 120 140 160 180

0 0.5 1 1.5 2 2.5 3 3.5 4 4.5

T
e

m
p

e
ra

tu
re

, 
°F

T
e

m
p

e
ra

tu
re

, 
°C

800

700

600

500

400

300

200

400

350

300

250

200

150

100

Cooling curves: temperature with depth at

various times (t) after being quenched

Ms Temperatures with depth

Curve A:

Curve B:

Carburized case

on SAE 8620

Carburized case

on SAE 5140

Curve A

Curve B

t = 25 sec

t = 30

t = 35

t = 40

t = 45

t = 50

t = 60

Cooling curves



Chapter 21: Surface Hardening / 525

Fig. 21.26  Residual stress as a function of distance through the thickness of 
carburized and uncarburized chromium-carbon steel specimens. 
Source: Ref 21.49

Fig. 21.27  Residual stress as a function of distance from carburized surfaces 
of 70 different heats of carburized steels. Adapted by Lee Roth-
leutner, Colorado School of Mines, from Ref 21.50. 
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stresses is reached at some distance from carburized surfaces. Consistent 
with the Koistinen explanation of residual stress development, carburized 
surfaces have the highest carbon content and therefore the most stable 
austenite, and if this austenite or some fraction of the austenite does not 
transform to martensite, there is less basis for creating compressive 
stresses because of restrained martensite expansion (Ref 21.51). Another 
feature of the residual stress profiles is the transition to residual tensile 
stresses at the total case depth at which the carbon content falls to that of 
the uncarburized core. The large variation in the residual stress profiles 
depends on many factors, including surface carbon content, hardenability, 
quenching, case depth, and as described below, surface oxidation in gas- 
carburized steels.

If surface oxidation lowers case hardenability substantially, instead of 
the surface austenite transforming to martensite at low temperatures, the 
surface transforms to non- martensitic, diffusion- controlled structures at 
higher temperatures. As a result, the near surface microstructure is al-
ready in place when the interior structure eventually transforms to mar-
tensite, and the associated interior expansion puts the surface into tension. 
The effects of such a transition in surface residual stresses were clearly 
documented in a study by Dowling et al (Ref 21.52). They showed that 
bending fatigue resistance was significantly decreased, Fig. 21.28, in a 
carburized, surface- oxidized low hardenability 8620 steel (0.92% Mn, 
0.50% Cr, 0.38% Ni and 0.16% Mo) in comparison to that in a 4615 steel 
of higher hardenability (0.52% Mn, 0.12% Cr, 1.75% Ni, and 0.54% Mo) 
and containing nickel and molybdenum not sensitive to oxidation. Figure 
21.29 shows the differences in the surface residual stresses in the two 
steels. Transmission electron microscopy showed that the surface micro-
structure of the 8620 steel consisted of pearlite.

Fig. 21.28  Stress versus cycles to failure for gas-carburized 8620 and 4615 
steels. Source: Ref 21.52
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Residual stresses in carburized steels are also affected by the 
deformation- induced transformation of retained austenite to martensite. 
When large amounts of austenite are present, strain- induced transforma-
tion of retained austenite occurs ( Ref 21.53, 21.54). Figure 21.30 shows 
by etching differences how retained austenite transforms to martensite as 
a function of compressive strain in a high- carbon plate martensite/retained 
austenite microstructure. Such deformation- induced transformation of re-
tained austenite may be a result of shot peening or cyclic stresses during 
application. Figure 21.31 shows the dramatic increases in compressive 
surface stresses that occurred in a carburized 4320 steel as a result of shot 
peening (Ref 21.55) and Fig. 21.32 shows the reduction in retained aus-
tenite that caused the increases in the surface compressive stresses. As the 
surface retained austenite mechanically transformed to martensite, the 
volume expansion associated with that transformation was severely re-
strained by the interior microstructure. 

Carburizing: Bending Fatigue and Fracture

This section describes additional observations concerning bending fa-
tigue and fracture of carburized steels, and applies to carburized micro-
structures of good commercial quality, as shown in Fig. 21.13 and 21.14. 
The two major types of fatigue fracture described in the previous section 
appear to be quite reproducible (Ref 21.53, 21.54, 21.56- 21.58). One (Fig. 
21.19a) is associated with low to moderate fatigue strengths, while the 
other (Fig. 21.19b) is associated with very high fatigue strengths. The 
hardened case microstructures of carburized steels are in fact composite 
microstructures consisting of retained austenite and tempered martensite, 
and both the amount of retained austenite and the refinement of the mar-
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tensite significantly influence the nucleation and growth of the two types 
of fatigue fracture.

The low- stress type of fracture characteristically forms under low- 
cycle, high- strain fatigue conditions and is related to high retained austen-
ite contents and coarse austenite grain sizes, both microstructural features 
that favor plastic deformation. The fatigue crack invariably has its initia-
tion at austenite grain boundaries (Ref 21.31, 21.36, 21.57, 21.58). Thus a 
sharp crack, one or two grain facets in size, initiates the fatigue crack. This 
grain- boundary crack is related to boundary embrittlement caused by 
phosphorus segregation during austenitizing and cementite formation dur-

Fig. 21.30  Strain-induced transformation of retained austenite to martensite 
as a function of strain. As-quenched tempered martensite is dark,

retained austenite is white, and strain-induced martensite is orange. Sodium 
metabisulfite etch, 1000×, light micrographs. Courtesy of Marc Zaccone, Colo-
rado School of Mines. Source: Ref 21.53
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Fig. 21.31  Residual stress profiles in shot peened carburized 4320 steel. 
Source: Ref 21.55
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ing cooling, i. e., as a result of quench embrittlement (Ref 21.37–21.39), 
and Zaccone (Ref 21.53) has shown that it forms in the first cycle of fa-
tigue but is arrested by the transformation of retained austenite. The strain- 
induced formation of martensite induces favorable compressive stresses, 
and not only arrests the grain boundary crack but also slows the propaga-
tion of low- cycle fatigue cracks (Ref 21.58, 21.59). Nevertheless, the 
grain boundary crack initiates a flat, transgranular fatigue crack (Fig. 
21.19a), which grows to a size commensurate with the relatively low frac-
ture toughness of high- carbon hardened steel, 20 to 27 MPa√m (18 to 25 
ksi√in.) (Ref 21.54). When the critical flaw size is reached, overload frac-
ture develops, again typically with a large fraction of intergranular frac-
ture, the fracture mode characteristic of the high- carbon microstructural 
state conducive to this mode of fatigue crack nucleation and growth.

The high- strength type of fatigue fracture is developed over many stress 
cycles, typically at surface defects, inclusions, or oxides (Ref 21.31, 21.36, 
21.53, 21.54), in contrast to immediate grain- boundary crack initiation in 
the first few cycles of loading. Thus, microstructural conditions that resist 
plastic deformation and prevent grain boundary cracking—namely, low 
retained austenite content and fine austenite grain sizes, which translate 
into fine mixtures of retained austenite and tempered martensite—prevent 
the nucleation of fatigue cracks (i.e., contribute to high fatigue limits) or 
defer fatigue crack initiation to very high stress levels. The roles that aus-
tenitic grain size and retained austenite play in high- cycle fatigue were 
clearly demonstrated in experiments performed by Pacheco (Ref 21.56, 
21.57). Figure 21.33 shows results of bending fatigue tests performed on 
gas-  and plasma- carburized specimens of SAE 8719 steel. High fatigue 
limits correlated with fine austenitic grain sizes (Fig. 21.34) and low 
retained- austenite contents (Fig. 21.35). The effects of the two microstruc-
tural parameters on fatigue limits are shown together in Fig. 21.36.

Carburizing/Through- Hardening— 
Contact Fatigue, Microstructure, and Fracture

The high- carbon case of carburized steels must be resistant to not only 
the cyclic tensile stresses generated by bending in rotating shafts and the 
roots of gear teeth but also to the cyclic contact and sliding shear stresses 
generated in bearings and in the contact surfaces of gear teeth that trans-
mit power. Heinrich Hertz in 1882 first analyzed stress distributions due to 
contact loading (Ref 21.60), and since that time in his honor shear stress 
magnitude and orientation as a function of distance from contact surfaces 
are referred to as Hertzian stress distributions. Wulpi gives a good practi-
cal explanation of Hertzian stress distributions, and points out that pure 
rolling contact is never obtained in view of the sliding that develops due 
to elastic deflection under contact loading (Ref 21.61). Hertzian analysis 
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shows that maximum shear stresses are developed subsurface, and consis-
tent with that fact, many failures due to high contact loads are initiated 
subsurface in hardened parts. However, when sliding is present, the asso-
ciated shear stresses may initiate surface cracking. 

The microstructures most resistant to rolling- contact fatigue damage in 
low- alloy carbon steels are those produced by quenching high- carbon aus-
tenite with carbides to martensite and tempering the martensite at low 
temperatures to hardness around HRC 60, either in the case of carburized 
steels or through the sections of through- hardening high carbon steels, 
Both approaches resist subsurface crack initiation, the carburized ap-
proach because the case depths are deeper than the Hertzian maximum 
shear stress depths. A widely used through- hardening steel for bearings is 
52100 containing nominally 1.5% chromium and 1.00% carbon. In view 
of the high carbon content, 52100 steel is intercritically austenitized in the 
austenite/carbide two- phase field, and therefore dispersed retained carbide 

Fig. 21.33  Stress versus cycles for bending fatigue of 8719 steel. Specimens 
were either gas carburized or plasma carburized and direct

quenched after carburizing or reheated as marked. Source: Ref 21.57
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particles are a major component of the final heat treated microstructure. 
Figure 21.37 shows a spheroidized carbide distribution in 52100 steel aus-
tenitized at 850 °C (1650 °F). Retained carbides are distributed through-
out the matrix of low- temperature- tempered martensite and retained aus-
tenite, and their function is to reduce austenite carbon content and move 
martensite morphology more to lath type than plate type, maintain fine 
austenitic grain size, and reduce retained austenite. Strengthening is not a 
major function of retained carbides. That function is provided by the much 
finer eta- transition carbide and dislocation distributions produced by low- 
temperature tempering of martensite. Similar microstructures to those in 
through- hardening steels are produced in the high- carbon case of carbu-
rized steels after reheating to and quenching from intercritical austenitiz-
ing temperatures.

The damage produced by sliding-  and rolling- contact fatigue takes the 
form of surface pitting, either macropitting or micropitting, as described 

Fig. 21.34  Fatigue limits as a function of austenitic grain size for 8719 steel 
carburized and hardened as marked. Source: Ref 21.57
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by Hyde (Ref 21.63). Many factors influence resistance to rolling- contact 
fatigue damage, but key are the strain- induced microstructural changes 
that develop with increasing cycles of contact stress in the low- temperature- 
tempered martensitic matrix of hardened parts. These changes are revealed 
by etching differences of the microstructure. Long associated with rolling- 
contact fatigue damage are white- etching features surrounding subsurface 
inclusions. Most frequently the inclusions are hard oxides, not the more 
plastic manganese sulfides. Figure 21.38 shows an example of such dam-
age in a hardened steel. The two white- etching sides around the initiating 
inclusion give the impression of wings, and hence these features are com-
monly referred to as butterflies. Cracking develops around the white- 
etching areas, may even precede the development of the white- etching 
areas (Ref 21.64- 21.66), and eventually propagates to the part surface to 
produce surface pitting. Recognition that butterfly formation at inclusions 
is associated with rolling- contact fatigue damage has driven the produc-
tion of very clean steels by advances in steelmaking. 

Fig. 21.35  Fatigue limits as a function of retained austenite in 8719 steel 
carburized and hardened as marked. Source: Ref 21.57
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Fig. 21.36  Fatigue limits as a function of austenitic grain size and retained 
austenite in carburized 8719 steel. Source: Ref 21.57

Fig. 21.37  Spheroidized carbides retained after intercritical austenitizing 
52100 steel at 850 °C. Carbon extraction replica, transmission 
electron micrograph. Courtesy of Ken Hayes, Colorado School 
of Mines. Source: Ref 21.62

1.0 µm
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Even in the absence of inclusions, high contact stresses cause micro-
structural changes that ultimately lead to surface pitting. These changes 
are reflected in the development of dark-  and white- etching bands at 30-  
and 80- degree angles to the contact surface and eventual cracking along 
the bands that leads to surface pitting (Ref 21.67). Figure 21.39 shows an 
example of this damage in a carburized steel. Much must still be learned 
about contact fatigue, but the etching differences show that the low- 
temperature- tempered martensitic substructure is being altered by cyclic 
shear stresses. The substructure in the martensite crystals consists of dis-
locations and fine transition carbides and is capable of high rates of strain 
hardening associated with dislocation generation; it is this substructure 
that is being altered by the contact shear stresses. 

Etching and the reflection of light from etched surfaces reflect under-
lying microstructures. Dark etching tends to be a result of particle distri-
butions within a matrix, where the particles after etching cause surface 
roughing and scatter light; white etching tends to be associated with ho-
mogeneous structures that etch uniformly, producing flat surfaces that re-
flect light in the light microscope. Thus an explanation for the formation 
of white- etching structures might be in part related to an early proposal by 
Wilson that carbon atoms may have greater binding energy to dislocations 
than to iron- carbide particles (Ref 21.68). He supported this proposal by 
showing white- etching regions around hardness indentations of quenched 
0.70% carbon steel. Further removed from the hardness indentation where 
temper carbides had formed and etching created surface roughness, the 

Fig. 21.38  White-etching features in a butterfly morphology around an in-
clusion particle in a quench and tempered steel subjected to

cyclic contact stresses. Light micrograph. Reprinted with permission from ASTM 
STP987 Effect of Steel Manufacturing Processes on the Quality of Bearing Steels, 
copyright ASTM International, 100 Barr Harbor Drive, West Conshohocken, PA 
19428. Source: Ref 21.64

10 µm
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sample etched dark. He attributed the white etching to the increased dislo-
cation density surrounding the hardness indentation which absorbed the 
carbon and prevented the formation of carbides normally formed on tem-
pering, resulting in a highly deformed but single- phase martensitic micro-
structure. Similar substructural changes due to plastic deformation and 
dislocation multiplication may occur as the result of high shear stresses 
generated during contact loading. 

In view of the fact that the etching differences produced by rolling- contact 
fatigue occur in the hardened substructure and the structural changes are 
accordingly very fine, transmission electron microscopy has been applied 
to identify the substructural changes. Highly deformed martensite, carbon- 
free ferrite structures, and various carbide distributions have all been ob-
served in the regions with etching differences, and investigations are ongoing 
to correlate the changes to the progress of rolling- contact fatigue damage 
and the formation of the etching differences, and to identify the atomic- 
scale mechanisms of the changes (Ref 21.67, 21.65). The performance of 
bearing- steel microstructures under conditions of sliding and contact stress 
has been and remains an important research and development area. Recently 
Bhadeshia has extensively reviewed all aspects of the bearing steel litera-
ture, including contributions regarding damage mechanisms (Ref 21.69). 

Nitriding

Nitriding is a surface- hardening heat treatment that introduces nitrogen 
into the surface of steel while it is in the ferritic condition. Nitriding, 
therefore, is similar to carburizing in that surface composition is altered, 
but different in that the nitrogen is added into ferrite instead of austenite. 
The fact that nitriding does not involve heating into the austenite phase 
field and subsequent quenching to form martensite means that nitriding 
can be accomplished with a minimum of distortion and excellent dimen-
sional control.

Fig. 21.39  Cracking along 30 and 80 degree bands and formation of micropitting in a carburized steel subjected 
to contact fatigue testing. Light micrograph, nital etch. Courtesy of T. Ochi, Nippon Steel Company.
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Steels that are nitrided are generally medium- carbon steels that contain 
strong nitride- forming elements such as chromium, aluminum, vanadium, 
and molybdenum. Aluminum, especially, as already discussed with re-
spect to austenite grain size controls (see Chapter 8, “Austenite in Steel”), 
is a very powerful nitride former and is used in amounts between 0.85 and 
1.5% in nitriding steels (Ref 21.70). Prior to nitriding, the steels are aus-
tenitized, quenched, and tempered. Tempering is usually performed at 
temperatures between 540 and 750 °C (1000 and 1300 °F), a range above 
that at which the nitriding is performed. Tempering above the nitriding 
temperature provides a core structure that will be stable during nitriding.

Gas nitriding is accomplished with ammonia gas, which dissociates on 
the surface of the steel according to the following reaction:

NH3  N + 3H (Eq 21.11)

The resulting atomic nitrogen is absorbed at the surface of the steel.
Depending on temperature and the concentration of nitrogen that dif-

fuses into the ferrite of iron or plain carbon steels, a number of phases may 
form. Low concentrations of nitrogen cause α", Fe16N2, to precipitate 
from the ferrite in the form of fine, coherent precipitates. Higher concen-
trations of nitrogen produce γ', or Fe4N, the phase that constitutes the 
brittle white layer of nitrided steels. Even higher concentrations of nitro-
gen produce e nitride, which when combined with carbon, is considered to 
be a tribologically desirable phase. Figures 21.40 and 21.41 show respec-
tively the Fe- N diagram (Ref 21.71) and the NH3 concentrations in NH3- 

Fig. 21.40  Iron-nitrogen phase diagram. Source: Ref 21.71
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H2 gas mixtures that produce the various nitride phases (Ref 21.72). 
Nitriding of alloy steels produces diffusion zones of fine precipitates, as 
discussed subsequently.

The nitriding may be accomplished by either a single- stage or a double- 
stage process. The single- stage process is performed at 500 to 525 °C (930 
to 975 °F) with 15 to 30% dissociation of the ammonia, i.e., with an atmo-
sphere that contains 70 to 85% NH3, the source of the nitrogen. This pro-
cess produces brittle γ' iron nitride. A patented process developed by Floe 
(Ref 21.73) uses a two- stage process to minimize the thickness of the 
white layer. The first stage is similar to that described previously, but in 
the second stage the dissociation is increased to 65 to 85%, thereby reduc-
ing the NH3 content of the atmosphere that supplies nitrogen to the surface 
according to the reaction represented in Eq 21.11. As a result, the iron ni-
tride does not grow as rapidly, and in fact dissolves as it supplies nitrogen 
into the interior of the steel. Nitriding times are quite long, anywhere from 
10 to 130 h depending on the application (Ref 21.70), and the case depths 
are relatively shallow, usually less than 0.5 mm (0.020 in.).

The microstructure of a nitrided steel is shown in Fig. 21.42. The white 
layer is clearly visible. Below the white layer, fine alloy nitrides have 
formed but are much smaller than can be resolved in the light microscope. 
Jack and his colleagues have studied many alloys of iron, nitrogen, and 
other substitutional alloying elements (Ref 21.74). At the temperatures at 
which commercial nitriding is performed, very fine clusters or precipitate 
zones of substitutional alloying elements and the interstitial nitrogen are 
proposed to form. The substitutional- interstitial zones remain quite fine 
and do not coarsen readily on heating because of the sluggish diffusion of 
the substitutional atoms. At lower temperatures only iron nitrides form, 
and at higher temperatures alloy nitrides form.

Fig. 21.41  Ammonia concentration in ammonia-hydrogen mixtures and 
temperature ranges for the formation of various Fe-N phases. 
Source: Ref 21.72
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Nitrided cases are harder than those produced by carburizing and are 
quite stable in service up to the temperature of the nitriding process. Ni-
triding, therefore, produces excellent wear, seizing, and galling resistance 
under conditions where heat is generated by friction between moving 
parts in contact. Improved fatigue life is also an important benefit of ni-
triding. Spies and Dalke have written an excellent comprehensive review 
of the microstructures and properties produced by nitriding (Ref 21.75).

Carbonitriding

Carbonitriding is a surface- hardening heat treatment that introduces 
carbon and nitrogen into the austenite of steel. This treatment is therefore 
similar to carburizing in that the austenite composition is changed and 
high surface hardness is produced by quenching to form martensite. Car-
bonitriding surface hardening, however, is dependent to some extent on 
nitride as well as martensite formation.

The process of carbonitriding utilizes an atmosphere containing ammo-
nia plus a carbon- rich gas or vaporized liquid hydrocarbon that is a source 
of carbon as in carburizing. The various gas- interchange and gas- metal 
reactions involved in carbonitriding have been reviewed by Slycke and 
Ericsson (Ref 21.76). The ammonia dissociates on the surface of the steel 
and introduces atomic nitrogen. The nitrogen inhibits the diffusion of 
 carbon and this factor, plus the fact that carbonitriding is performed at 
lower temperatures (705 to 900 °C, or 1300 to 1650 °F) and shorter times 
than carburizing, results in relatively shallow case depths, from 0.075 to 

Fig. 21.42  White layer and diffusion zone in nitrided steel. Steel is Nitralloy 
135 Modified containing 0.4% C, 1.6% Cr, 0.35% Mo, and

1.13% Al. Base microstructure is tempered martensite of hardness 30 HRC. 
Etched in 1.5% nital. Original magnification at 500×. Courtesy of D. Stratford, 
Sundstrand Corp., Denver
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0.75 mm (0.003 to 0.030 in.). At higher temperatures, the thermal decom-
position of ammonia is too rapid, limiting the supply of nitrogen. The 
lower carbonitriding temperatures are not often used because of the haz-
ard of explosion and the brittle structures formed at the lower tempera-
tures (Ref 21.18). However, a lower- temperature variant of carbonitriding, 
referred to as austenitic nitrocarburizing, now appears to be well devel-
oped (Ref 21.77). The latter process is optimally applied in the tempera-
ture range 675 to 775 °C (1247 to 1427 °F) and should be controlled to 
produce a surface compound layer of epsilon carbonitride. Figure 21.43 
shows the carbon and nitrogen contents that produce the tribologically 
desirable (e) epsilon phase at 700 °C (1290 °F).

The nitrogen in carbonitrided steels also enhances hardenability and 
makes it possible to form martensite in plain carbon and low- alloy steels 
that initially have low hardenability. The nitrides formed due to the pres-
ence of nitrogen also contribute to the high hardness of the case. Nitrogen, 
similar to carbon, lowers Ms temperatures. Therefore, considerable aus-
tenite may be retained after quenching a carbonitrided part. If the retained 
austenite content is so high that it reduces hardness and wear resistance, it 
may be controlled by reducing the ammonia content of the carbonitriding 
gas either throughout the cycle or during the latter portion of the cycle 
(Ref 21.18). Another consequence of excessive nitrogen content in the 
carbonitrided case is porosity (Ref 21.76).

Fig. 21.43  Fe-C-N isothermal section at 700 °C (1290 °F)
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Ferritic Nitrocarburizing

Another type of surface hardening that involves the introduction of car-
bon and nitrogen into a steel is ferritic nitrocarburizing. In contrast to 
carbonitriding but similar to the nitriding process, the carbon and nitrogen 
are added to ferrite below the Ac1 temperature. Bell (Ref 21.78) describes 
a number of ferritic nitrocarburizing processes, both liquid and gaseous. 
The common beneficial result in all the processes again is a very thin 
single- phase layer of epsilon carbonitride—a hexagonal ternary com-
pound of iron, nitrogen, and carbon—formed between 450 and 590 °C 
(840 and 1095 °F) (Ref 21.78).

The epsilon carbonitride compound layer has excellent wear and anti- 
scuffing properties and is produced with minimum distortion. The layer 
can be formed on inexpensive mild steels with ferrite- pearlite microstruc-
tures, thereby greatly improving their wear and fatigue resistance. Figure 
21.44 shows the hardness profiles of various steels subjected to a gaseous 
ferritic nitrocarburizing treatment. The very high hardness and shallow 
case depths produced by the process in alloy steels are apparent, and even 
the plain steel benefits significantly. Some of the increased hardness of the 
case is due to a diffusion zone beneath the compound layer, especially in 
the more highly alloyed steels with strong nitride formers such as Nitral-
loy N (1.00 to 1.30% Cr, 0.85 to 1.20% Al, and 0.20 to 0.30% Mo). In this 
diffusion zone, nitrides or precipitate zones similar to those that form as a 
result of nitriding are developed as nitrogen diffuses into the interior of 
the steel from the compound layer. As a general rule, the compound layer 
gives good tribological properties, but a substantial diffusion zone is re-
quired for good fatigue resistance.

Fig. 21.44  Microhardness profiles in various types of steels after gaseous 
ferritic nitrocarburizing (Nitemper process). Source: Ref 21.78
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Somers and Mittemeijer (Ref 21.79) have documented the following 
complex sequence of layers formed by nitrocarburizing iron at 570 °C 
(1058 °F) in an atmosphere of 53.1 vol% NH3, 43.9 vol% H2, and 3 vol% 
CO. Starting at the surface, the following layers form: ε carbonitride 
(Fe2(N,C)1- x), cementite (θ, or Fe3C) with a high degree of porosity, e car-
bonitride with a lower carbon content, and finally carbon- poor γ' carboni-
tride (Fe4(N,C)1- x) adjacent to the substrate iron. These layers and the 
nitrogen and carbon concentration profiles produced by nitrocarburizing 
15 h are shown in Fig. 21.45, and a similar layered structure produced by 
nitrocarburizing 24 h is shown in Fig. 21.46. The work by Somers and 
Mittemeijer shows that compound formation starts with γ' nucleation and 
subsequent ε formation on the γ'. The formation of the cementite is caused 
by pores produced by the recombination of dissolved nitrogen atoms and 
preferential carbon uptake along pore channels. Further mechanisms and 
the kinetics of the compound layer formation are also described (Ref 
21.79), and Somers has written a thorough review of compound- layer and 
diffusion- zone structures formed during nitriding and nitrocarburizing 
(Ref 21.80).

Summary

This chapter has described microstructures and performance of steels 
subjected to what may be considered to be traditional or conventional 
surface- hardening heat treatments based on their long histories of applica-
tion. Newer methods of surface modification that use high- energy beams, 
plasmas, vacuums, and vapor- deposition processing are discussed in Chap-
ter 22, “Surface Modification.” Despite the long history of the conven-
tional techniques, advances in processing, improved properties, and increased 
understanding of performance continue. Recent references on induction 
hardening are given in the induction- hardening section of this chapter. Ad-
ditional reviews of the microstructure and properties of carburized steels 
are given in Ref 21.81 to21.83. Reference 21.84 reviews bending fatigue 
and fracture in carburized steel, and Ref 21.63 reviews contact fatigue and 
fracture of hardened steels, including carburized steels. Advances in the 
state of the art regarding conventional and new techniques of surface 
hardening and modification are given in Ref 21.85 to 21.87.
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CHAPTER 22

Surface Modification

THE NEWER SURFACE- MODIFICATION PROCESSES are a logi-
cal extension of heat treatment technology to steels. The objectives re-
main the same as in the established surface heat treatments: enhanced 
surface wear, fatigue, corrosion, and oxidation resistance. The use of 
 high- energy beams, plasmas, and vapor- deposition techniques in vacuum 
environments, however, offers the potential of much more controlled, 
higher- quality surface modifications than heretofore possible. Also, the 
possibility of creating new engineered surface structures and surface- core 
systems is almost limitless because of the ability to deposit almost any 
material by vapor deposition and the ultrahigh heating and cooling rates of 
thin surface layers heated by electron and laser beams. This chapter de-
scribes some of the newer processes used to apply thermochemical modi-
fications, coatings, and high- energy- density surface modifications to steels. 
Included are descriptions of plasma nitriding, plasma carburizing, ion im-
plantation and mixing, physical vapor- deposition techniques, chemical 
vapor deposition, and transformation hardening and melting by laser and 
electron beams.

Introduction

Surface and near- surface microstructures in load- bearing machine com-
ponents, tools, and other structural components manufactured from steels 
and cast irons are directly subjected to much higher static and cyclic 
stresses, friction, wear, and corrosive environments than interior micro-
structures. Thus, there are compelling economic and engineering reasons 
to develop and apply surface modifications that prevent surface- related 
failures and that extend the range of operating conditions for bulk engi-
neering materials. Long- established but still evolving surface- modification 
techniques such as induction hardening, gas carburizing, and gas nitriding 
have already been discussed in Chapter 21, “Surface Hardening,” in this 
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book. However, in the 1980s a large number of new surface- modification 
processes were developed. The various techniques in this new generation 
of processes often use high- energy beams (electron, laser, and ion), elec-
tric or magnetic fields, and vacuum environments and thus constitute a 
significant increase in technology applied to surface modification. Many 
of the newer techniques were first developed and are still extensively used 
for thin- film electronic applications (Ref 22.1). However, the new tech-
niques are increasingly being applied to steels and irons, as well as to 
aluminum, titanium, and high- temperature alloys.

The structural changes and property improvements due to the new sur-
face technologies are process dependent and quite diverse. Types of sur-
face modifications include surface melting and cladding, plating or the 
formation of hard layers on a substrate, and modification of workpiece 
subsurface chemistry. The proper selection and application of the various 
surface processes have led to the development of the interdisciplinary ac-
tivity of surface engineering, defined as follows (Ref 22.2):

Surface engineering involves the application of traditional and innova-
tive surface technologies to engineering components and materials in 
order to produce a composite material with properties unattainable in ei-
ther the base or surface material. Frequently, the various technologies are 
applied to existing designs of engineering components, but ideally, sur-
face engineering involves the design of the component with a knowledge 
of the surface treatment to be employed.

At least two journals are currently exclusively devoted to surface engi-
neering (Ref 22.3, 22.4), and a large number of books and conference 
proceedings describe the many new surface- modification techniques (Ref 
22.1–22.12).

The following sections of this chapter briefly describe processing prin-
ciples, surface characteristics, and examples of applications of some of the 
newer surface- modification techniques.

Plasma Nitriding

The objectives of plasma nitriding, also referred to as ion nitriding, 
are the same as that of gas nitriding described in Chapter 21, “Surface 
Hardening,” in this book; that is, the process should produce a hardened 
surface zone, typically on the order of 0.1 mm (0.004 in.) in depth, in a 
variety of steels. Nitrogen is adsorbed on the surface of the steel, dif-
fuses inward at temperatures of approximately 500 °C (930 °F), and 
hardening is accomplished by precipitation of very fine nitride particles 
in the diffusion zone. Depending on nitrogen concentration, surface lay-
ers of face- centered cubic g′ Fe4N or close- packed hexagonal ε Fe2N1–x 
may form, as shown in the iron- nitrogen phase diagram (Fig. 21.40) in 
Chapter 21, “Surface Hardening” (Ref 22.13). In view of the diffusion- 
controlled increase in nitrogen content of a steel surface produced by 
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plasma nitriding, the process is categorized as thermochemical, just as is 
gas nitriding.

Plasma nitriding, however, uses much different equipment than does 
gas nitriding. Processing is accomplished in a vacuum- tight, cold- wall 
chamber with the workload made the cathode (negative) and the chamber 
walls the anode and grounded. First, hydrogen and then a mixture of nitro-
gen and hydrogen are added to the chamber. An applied direct current (dc) 
potential across the cathode workpiece and chamber wall creates a plasma, 
defined as a gaseous state of matter with good electrical conductivity and 
consisting of ions, electrons, and charged and neutral atoms and mole-
cules. The initial hydrogen stage creates a glow discharge that heats and 
cleans the surface of the workpieces, and the addition of the nitrogen initi-
ates and sustains the nitriding action.

Figure 22.1 shows voltage- current relationships for nitrogen- hydrogen 
mixtures (Ref 22.14, 22.15). Plasma nitriding is performed with current 
densities in the abnormal glow discharge range. Under these conditions, 
current increases with voltage, and a uniform purple glow is established 
around the cathodic workpieces. The visible glow is caused by collisions of 
electrons with gas molecules in the electric field immediately adjacent to 
the cathode, that is, in the cathode fall region (Ref 22.16). In this region, 
ions and neutral atoms acquire high kinetic energy and are accelerated to the 
cathode, while electrons are accelerated to the anode. Generally, the heating 
of the workpiece is generated by the plasma- driven impact of the nitrogen 
ions, and no additional heat source is required. However, in newer system 
designs, convective heating is used to reduce cycle times (Ref 22.17).

A major advantage of plasma nitriding is the enhanced mass transfer of 
high- energy nitrogen molecules and ions to the surface of the steel under 
the action of the electric field (Ref 22.16, 22.17). The kinetics of nitrogen 

Fig. 22.1  Voltage-current characteristics of various discharges in argon. 
Plasma nitriding is performed in the abnormal glow discharge range. 
Source: Ref 22.14, 22.15
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penetration into the steel of course remain controlled by solid- state diffu-
sion and nitride precipitation. Safety, reduced gas consumption, reduced 
energy consumption in cold- wall chambers, clean environmental opera-
tion, and good control of gʹ white layer structures are other advantages of 
plasma nitriding (Ref 22.16, 22.17). Temperature variations due to radia-
tion losses in parts stacked closest to cold chamber walls, and the “hollow 
cathode” effect, a concentration of plasma that causes local over- heating 
at holes and cavities, may be problems in commercial plasma nitriding 
operations (Ref 22.18).

Plasma nitriding is widely applied and is the oldest plasma surface tech-
nology used commercially. Improvements in friction, scuffing resistance, 
and fatigue resistance are produced on a wide variety of materials, espe-
cially alloy and stainless steels, in a wide variety of machine components 
that require high surface hardness and good dimensional control (Ref 
22.3, 22.5, 22.6). Plasma or ion carbonitriding, in which methane as well 
as hydrogen and nitrogen are added to the plasma, is also used where ter-
nary Fe- C- N compound surface layers with good scuffing resistance are 
desired (Ref 22.19).

Plasma Carburizing

Plasma carburizing, similar to plasma nitriding, is another thermo-
chemical glow discharge surface treatment. Carbon is brought to the sur-
face of low- carbon steel in the austenitic state and diffuses to the interior 
of the workpiece to produce a high- carbon case, as described in Chapter 
21, “Surface Hardening,” in this book. The workpieces in plasma carbu-
rizing are made cathodes in a dc electric circuit. In the presence of a car-
burizing gas, the resulting glow discharge plasma increases the mass 
transfer of carbon to the steel surface. Thus, some acceleration of the car-
burizing process is possible (Ref 22.16, 22.17, 22.20). Case depth is still 
largely controlled by solid- state diffusion of carbon in the steel, a time- 
temperature- dependent process that proceeds independently of the plasma. 
Unlike plasma nitriding, where the impact of ions in the glow discharge is 
sufficient to heat workpieces to nitriding temperatures (approximately 500 
°C, or 930 °F) without an external source of heat, plasma carburizing must 
be performed in internally heated chambers because of the higher tem-
peratures (approximately 930 °C, or 1700 °F) required to produce austen-
ite with its high solubility for carbon. Relatively little heating of the 
specimen is generated by energy input of the plasma at normal current 
densities of approximately 0.2 mA/cm2 (1.3 mA/in.2) (Ref 22.17).

Plasma carburizing is accomplished by establishing a vacuum, heating 
the load to carburizing temperatures while sputter cleaning in a hydrogen 
plasma, and carburizing in a hydrocarbon (propane or methane)- hydrogen- 
argon plasma (Ref 22.17) at relatively low gas partial pressures (0.1 to 10 
torr). The carbon transfer is complex, but it appears that ionized and neu-
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tral hydrocarbon molecules strike the steel surface, where they are first 
weakly attached (physisorbed) by Van der Waal’s forces and then chemi-
cally bonded by the loss of a hydrogen atom from the gas molecule  
(chemisorbed) (Ref 22.21). Hydrogen atoms are then released from the 
molecules, leaving carbon atoms that diffuse into the steel. Following the 
carburizing, which may include several alternate carburize- diffuse cycles, 
the specimens are oil quenched in a tank incorporated into the furnace 
(Ref 22.17).

In addition to reduced carburizing times, plasma carburizing produces 
very uniform case depths, even in parts with irregular surfaces (Ref 22.17, 
22.20). This uniformity is caused by the glow discharge plasma that 
closely envelops the specimen surface, provided recesses or holes are not 
too small (Ref 22.20). Also, because plasma carburizing is performed in a 
vacuum, there is no surface oxidation. Figure 22.2 compares plasma- 
carburized and gas- carburized 8719 steel (1.0% Mn, 0.5% Cr, 0.5% Ni, 
and 0.17% Mo) specimens (Ref 22.22). Both specimens are as- polished 
and have been nickel plated to prevent edge rounding during mechanical 
polishing. Below the nickel plate, no oxidation is visible in the plasma- 
carburized specimen, while a well- developed surface oxide layer has 
formed in the gas- carburized specimen. Surface oxidation may be detri-
mental to fatigue, especially if surface compressive residual stresses are 
reduced, but other factors, such as a very fine austenite grain size, can 
offset the detrimental effect of oxides, provided only martensite forms on 
quenching, as discussed in Chapter 21, “Surface Hardening,” in this book.

Low- Pressure (Vacuum) Carburizing

Carburizing in vacuum furnace systems without the use of plasma tech-
nology is being increasingly used. The carburizing is performed at low 

Fig. 22.2  (a) Plasma-carburized 8719 steel. (b) Gas-carburized 8719 steel. Both specimens nickel plated and un-
etched. Light micrographs. Source: Ref 22.22

10 µm(a) 10 µm(b)
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pressures, below 20 torr, well below atmospheric pressure, 760 torr, and 
hence is most accurately described as low- pressure carburizing (LPC) 
rather than vacuum carburizing. Hydrocarbon gases such as acetylene 
(C2H4) are used to supply carbon to steel surfaces, and initially surface 
carbon content reaches that of the Acm of the steel. Repeated boost /diffuse 
steps are used to reach lower surface carbon contents and appropriate case 
depths. Quenching can be done in oil or by quenching in pressurized inert 
gas, such as helium. Heat- transfer rates during gas quenching may be low, 
so hardenability may be a consideration. As noted for plasma carburizing, 
the use of LPC in vacuum chambers prevents surface oxidation and asso-
ciated difficulties, as discussed in Chapter 21, “Surface Hardening,” in 
this book. Other microstructural factors, such as grain- size control and 
residual stresses, remain the same as in gas- carburized steels. Herring de-
scribes in detail all aspects of the technology of vacuum heat treatment 
and carburizing (Ref 22.23).

Ion Implantation and Ion Mixing

Ion implantation is a surface- modification process in which ions with 
very high energy are driven into a substrate (Ref 22.14, 22.24, 22.25). 
Ions of almost any atom species can be implanted, but nitrogen is widely 
used to improve corrosion resistance and tribological properties of steels 
and other alloys. Although the nitrogen content of alloy surfaces is in-
creased by both nitrogen ion implantation and plasma nitriding, major 
differences exist between the two processes and the surface modification 
that they create.

Ion implantation machines accelerate ions, generated by specially de-
signed sources (Ref 22.25), at very high energies, from 10 to 500 keV. In 
contrast, the energy of ions and atoms in plasma nitriding is much lower, 
less than 1 keV. Ion implantation is carried out with the substrate close to 
room temperature, thus minimizing diffusion- controlled formation of pre-
cipitates and coarsening of the subsurface microstructure. The low tem-
perature of application and the fact that the process is carried out in 
accelerators with very good vacuums (10–5 torr or better) ensure clean 
surfaces and reduce undesirable surface chemical reactions such as oxida-
tion. Ion implantation is a line- of- sight process; that is, only relatively 
small areas directly exposed to the ion beam are implanted. For coverage 
of areas larger than the beam, either the specimen must be translated or the 
ion beam must be rastered over the specimen surface.

Figure 22.3 shows ion- implanted nitrogen distributions in iron as a 
function of ion beam energy (Ref 22.14). The nitrogen concentrations are 
quite high and have a slightly skewed gaussian distribution. However, the 
depth of ion penetration is relatively shallow, generally less than 0.25 µm, 
compared with gas-  or plasma- nitrided case depths, which are 100 µm and 
deeper. This difference in case depth is due to diffusion- controlled case 
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formation in the nitriding processes and the virtual absence of this mecha-
nism in ion implantation.

Compensating for the shallow case depths of ion implantation are very 
high strengths or hardness of the nitrogen- implanted surface layers. Ion im-
plantation is a complex, nonequilibrium process that creates significant 
 lattice damage in the form of vacancies and interstitial point defects. Con-
centrations of implanted species much higher than equilibrium solubility 
limits may be introduced. In fact, the incorporation of high densities of 
atoms of significantly different size compared with the substrate lattice may 
produce amorphous structures or metastable phases (Ref 22.25). Figure 22.4 
shows schematically some characteristics of ion implantation by 100 keV 
nitrogen ions in iron (Ref 22.26). Each ion creates a large number of point 
defects, and the lower right of Fig. 22.4 illustrates the formation of a cascade 
of vacancy- interstitial pairs or Frenkel defects by a nitrogen ion. The im-
planted ions, the lattice defects, and the resulting compressive stresses all act 
to produce very high strength and hardness of the implanted layer.

The properties of ion- implanted surfaces and shallow case depths make 
ion implantation suitable for very special applications. Because the sur-
face of the part itself is modified, there are no adhesion problems as are 
sometimes encountered with coated layers of high hardness. Also, because 
ion implantation is usually accomplished with very little heating, dimen-
sional stability is excellent. Examples of applications of ion implantation 
include surface hardening of razor blades (Ref 22.17) and knives (Ref 
22.25), a variety of tool steel applications (Ref 22.27), and implantation  
of 52100 and 440C bearings with titanium and/or nitrogen to improve 
rolling- contact fatigue resistance (Ref 22.28–22.30). In the latter applica-

Fig. 22.3  Nitrogen concentration versus depth for implantation of iron per-
formed at various beam energies. Source: Ref 22.14
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tions, titanium was found to reduce the coefficient of friction, and nitrogen 
was found to raise hardness by intermetallic compound formation.

Ion- beam mixing is an extension of the use of ion beams to produce 
coating- ion implanted systems with enhanced properties (Ref 22.14, 
22.31). In this process, a surface layer or coating, deposited on a substrate 
by another technique, is subjected to a high- energy ion beam, as shown 
schematically in Fig. 22.5 (Ref 22.14). Ions are deposited and transmitted 
through the coating and into the substrate, producing the same changes 
produced by direct ion implantation. Moreover, the atoms of the coating 
are mixed with the substrate, leading to improved adhesion of the coating 
on the substrate. Ion- beam mixing for improved wear and corrosion per-
formance has been applied to a variety of metal substrates (Ref 22.31). 
Applications for steels include ion mixing of gold layers on 15.5 PH stain-
less steel for improved resistance to fretting corrosion and ion mixing of 
layers on high- carbon steels for improved oxidation resistance.

Fig. 22.4  Schematic illustration of implantation of iron with nitrogen ions 
(top). Nitrogen and damage profiles (lower left). Cascade region of 
high-defect-density generation (lower right). Source: Ref 22.26
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Physical Vapor Deposition: Processing

Physical vapor deposition (PVD) surface- modification techniques pro-
duce layers or coatings on substrates, in contrast to the previously dis-
cussed thermochemical techniques that modify substrate surface composition 
and structure without layer formation. Physical vapor deposition techniques 
are used to enhance properties of a great variety of materials, and the tech-
nology has again been driven by thin- film electronic applications (Ref 
22.1). However, these techniques are being increasingly applied to steels, 
in particular to extend the life of tools and dies that are used to machine 
and form steels and other materials.

The term physical vapor deposition refers to any process that physically 
generates and deposits atoms or molecules on a substrate in a high- vacuum 
environment (Ref 22.32). The atom flux that impinges on a substrate may 
be generated by evaporation, sputtering, or ion plating. These mechanisms 
and their modifications lead to a multiplicity of PVD processes (Ref 22.14, 
22.16, 22.32). Evaporation is accomplished by heating source materials in 
high vacuums (7.5 × 10–6 torr or better). At sufficiently high temperatures, 
atoms or molecules are thermally evaporated from the source, travel 
through the vacuum, and deposit on a substrate (Ref 22.32). For many 
 applications, deposition processes that are based solely on thermal evapo-
ration are being replaced by sputtering and ion plating, more efficient pro-
cesses that use glow discharge plasmas.

Sputtering is a coating process in which atoms are ejected mechanically 
from a target by the impact of ions or energetic neutral atoms. Figure 22.6 
shows schematically the mechanism of sputtering in a simple diode sys-
tem (Ref 22.14). The chamber is initially evacuated, back filled with argon 
gas, and the target is made cathodic or negative by the application of a dc 
potential (between –500 and –5000 V). A low- pressure glow discharge 

Fig. 22.5  Schematic diagram of ion-beam mixing process. Source: Ref 22.14
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plasma is created around the target cathode, creating positively charged 
argon ions that are accelerated to the target. The momentum transfer due to 
the impact of the argon ions is sufficient to eject target atoms that travel to 
the substrate and other parts of the chamber. The mechanical transfer of 
atoms by sputtering is more readily controlled than thermal transfer by 
evaporation, and sputtered atoms have higher energies than thermally 
evaporated atoms (Ref 22.32). Even insulators or semiconductors may be 
sputtered, but to eliminate charge buildup on a nonconducting target, radio 
frequency (RF) voltages are applied to the system rather than dc voltages.

Simple diode sputtering systems have relatively low rates of deposition. 
Thus, improved sputtering systems, with magnetic fields applied at the tar-
gets, have been developed. The resulting sputtering process is referred to 
as magnetron sputtering and is schematically illustrated in Fig. 22.7 (Ref 
22.14). The magnetic fields, applied by permanent magnets, trap secondary 
electrons generated by the target and greatly increase ionization in the 
cathode plasma. Thus, more argon ions strike the target, and sputtering and 
deposition rates are significantly increased relative to diode sputtering.

Ion plating, also referred to as plasma- assisted PVD or evaporative- 
source PVD coating, generates coating atoms by thermal evaporation from 
an appropriate source (Ref 22.14, 22.16, 22.32). The source may be an 
electrically heated wire, an electron beam, or of hollow cathode design 
and is made the anode in the system. The substrate is made the cathode by 
the application of a dc or RF voltage ranging from –500 to –5000 V. In the 
resulting substrate cathode glow discharge, atoms and ions are accelerated 
at high energies to the substrate coating. Dense coatings and excellent 
adhesion because of the bombardment of highly energetic particles, and 

Fig. 22.6  Schematic diagram of mechanisms of sputtering. RF, radio fre-
quency; dc, direct current. Source: Ref 22.14
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good coverage because of the cathode glow discharge, are important char-
acteristics of coatings produced by ion plating systems.

The diode ion plating systems have been further improved by designs 
that enhance ionization with ion currents that can be controlled indepen-
dently of the bias voltage between the evaporative source and the sub-
strate (Ref 22.14). These modified designs are referred to as triode ion 
plating systems.

In most PVD sputtering and ion plating systems, gases such as nitrogen, 
methane, or oxygen may be introduced to react with metal atoms gener-
ated by sputtering or evaporative source. Such reactive PVD produces 
metal nitride, carbide, or oxide ceramic coatings.

Physical Vapor Deposition: Microstructures

Coating microstructures produced by PVD processes tend to be quite 
fine because of extremely rapid effective quench rates. Moreover, coating 
morphology and adhesion are quite variable, depending on such factors as 
substrate temperature, pressure of the sputtering gas, and the energy of the 
incident atoms (Ref 22.32–22.34). The coatings are created by nucleation 
and growth processes that first involve the adsorption of incident atoms, 
referred to as adatoms, on a substrate surface. The adatoms then diffuse on 
the substrate surface to preferred bonding sites such as ledges or vacancies 
or to growing clusters or nuclei. Three different coating nucleation and 
growth processes, as reviewed by Rigsbee (Ref 22.32), have been identi-
fied: (1) three- dimensional island or Volmer- Weber growth, (2) two- 
dimensional layer- by- layer or Frank- van der Merwe growth, and (3) initial 
layer- by- layer growth followed by island growth. This mixed- mode growth 
is referred to as Stranski- Krastanov growth. The first mode consists of the 
formation of clusters, the growth of clusters that reach critical size, and 

Fig. 22.7  Schematic diagram of magnetron sputtering mechanisms. Source: 
Ref 22.14
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the eventual impingement of the islands to produce a continuous film. 
Layer growth is typical of systems where adatoms have high surface mo-
bility and bind more strongly to substrate atoms than to each other. The 
mixed- mode growth may be due to initial epitaxial layer growth termi-
nated by the buildup of residual stresses that eventually produce defect 
sites for island nucleation and growth.

Two useful diagrams that classify the effects of processing conditions 
on PVD coating microstructure and morphology have been developed. 
The first diagram (Fig. 22.8) shows schematically the effect of substrate 
temperature, T, relative to the melting temperature, Tm, of the coating ma-
terial. This diagram was developed by Movchan and Demchishin (Ref 
22.33) for evaporated metal and oxide coatings. The second diagram (Fig. 
22.9) incorporates the effect of sputtering system gas pressure and was 

Fig. 22.9  Schematic diagram of structural zone model for coating growth as 
a function of deposition temperature and argon pressure as pro-
posed by Thornton. Source: Ref 22.34, 22.36

Fig. 22.8  Schematic diagram of structural zone model for coating growth as 
a function of deposition temperature as proposed by Movchan 
and Demchishin. Source: Ref 22.33, 22.36
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developed for sputtered coatings by Thornton (Ref 22.34, 22.35). The 
schematic diagrams show that various zones or ranges of operating condi-
tions produce quite different coating morphologies. Recognizing that ther-
mal evaporation and sputtering may produce quite different fine structures 
within similar microstructures, zone 1 in the Movchan and Demchishin 
diagram is sometimes referred to as zone 1′ in the Thornton diagram (Ref 
22.36).

The coating morphologies that develop in zone 1, at low substrate tem-
peratures, are porous and consist of conical arrays of crystallites that taper 
from narrow clusters of nucleating crystallites to broader, dome- shaped 
arrays with increasing film thickness. The rounded tips of these tapered 
arrays produce relatively rough coating surfaces. The unique tapered mor-
phology is a result of low adatom surface diffusivity at low substrate tem-
peratures (Ref 22.32, 22.36). As a result, relatively few nuclei develop. 
Those nuclei that do grow effectively shield or shadow intervening areas 
from incident atoms, and consequently, a high degree of porosity is incor-
porated between the growing tapered crystallite arrays. Moreover, there is 
accumulating evidence that the tapered zone microstructures contain a 
very high density of atomic- scale microvoids and that sputtering produces 
a more imperfect fine structure than does thermal evaporation (Ref 22.36). 
Higher argon pressures shift the boundaries of zone 1′ to higher tempera-
tures (Fig. 22.9), because vapor scattering of incident sputtered atoms ef-
fectively reduces adatom energy and therefore adatom surface mobility 
(Ref 22.32, 22.35).

Zone T microstructures, formed at higher substrate temperatures, are 
denser and the coating surfaces are smoother than zone 1 or zone 1′ micro-
structures because of increased adatom surface diffusion. These transition 
microstructures are still very fine and are characterized by columnar 
growth. Increased substrate surface diffusion and bulk diffusion in the 
coatings is reflected in zone 2, where coarser, columnar crystals nucleate 
and grow, and in zone 3, where coarse columnar and even equiaxed grains 
may grow. Increasing crystal perfection within the growing crystallites 
and grains accompanies increasing substrate temperatures.

Very high residual stresses develop in zone- 1- type PVD coatings and 
may be either tensile or compressive. Thermal evaporation, a process 
where the atoms possess thermal energy but relatively low kinetic energy, 
produces exclusively tensile stresses, while sputtering may produce either 
tensile or compressive stresses, depending on sputtering conditions (Ref 
22.35–22.37). It now appears that the stress state of most sputtered coat-
ings undergoes a transition from tension to compression with decreasing 
sputtering gas pressure or with increasing sputtering current density at 
constant pressure. The tensile and compressive stresses are both quite 
high, on the order of several GPa, and may lead to coating cracking or 
buckling, respectively (Ref 22.36). The processing and mechanistic rea-
sons for this transition are complex (Ref 22.35–22.37), but the compres-
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sive stresses are associated with dense, less columnar coating structures 
formed by the deposition of highly energetic atoms. Thus, low sputtering 
gas pressures, which minimize incident atom energy loss by scattering 
and collisions within the gas phase, favor the formation of dense films and 
compressive stresses by maintaining high rates of adatom surface diffu-
sion. Likewise, minimizing, by bias sputtering, the content of impurity 
atoms that limit adatom diffusivity is also beneficial. Thus, processing 
conditions that produce dense coatings at low substrate temperatures ap-
pear to yield the most favorable residual stresses. Deposition at higher 
substrate temperatures, while producing denser and more perfect coatings 
as discussed relative to Fig. 22.8 and 22.9, result in coarser microstruc-
tures and lower residual stresses.

The most striking application of PVD coatings in ferrous metallurgy is 
the titanium nitride (TiN) coating of high- speed steels for cutting and ma-
chining and tool steels for hot and cold working molds and dies. Many of 
the commercial PVD processes, dramatic improvements in TiN- coated 
tool performance, and causes of variability of TiN coatings have been re-
viewed by Matthews (Ref 22.38). The coatings produced by the various 
processes range from less than 1 μm to as thick as 6 μm and give the tools 
a uniform gold color. Deposition temperatures are 500 °C (930 °F) or 
lower. Hardness of the coatings increases with nitrogen content, with a 
peak hardness associated with off- stoichiometric compositions of approx-
imately 40 at.% N (Ref 22.39). Typical hardness of commercial TiN coat-
ings is approximately 2500 HV compared with the typical hardness of 
hardened tool steels of approximately 800 HV (Ref 22.39). Thus, signifi-
cant improvements in wear resistance are possible with properly applied 
coatings.

Figures 22.10 to 22.12 show examples of PVD metal nitride coatings 
that have been deposited on high- speed steel and type 304 stainless steel 

Fig. 22.10  (Ti33Al17)N coating deposited by triode ion plating at low sub-
strate current density. Scanning electron micrograph. Courtesy

of A.S. Korhonen, Helsinki University of Technology. Source: Ref 22.40, 22.41

1 µm
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substrates by reactive triode ion plating (Ref 22.39–22.41). The metal 
atoms were evaporated into a chamber with an atmosphere of nitrogen and 
argon by heating suitable metal targets with an electron beam gun. The 
substrates were biased negatively, and a glow discharge was created and 
controlled with heated tungsten filaments. The coatings are between 2 and 
3 μm thick, and fracture cross sections of the coatings and adjacent under-
lying substrates are shown. Figure 22.10 shows a typical zone 1 micro-
structure of a (Ti33Al17)N coating. The crystallite arrays are tapered with 
rounded tops, and the coating surface is relatively rough. As discussed 
previously, increasing the substrate current density while holding all other 
processing parameters constant (Ref 22.41) produces a much denser, 
smoother (Ti,Al)N coating (Fig. 22.11). The latter coating consists of two 

Fig. 22.11  (Ti,Al)N coating deposited by triode ion plating at high substrate 
current density. Courtesy of A.S. Korhonen, Helsinki University 
of Technology. Source: Ref 22.40, 22.41

1 µm

Fig. 22.12  ZrN coating deposited by triode ion plating. Scanning electron 
micrograph. Courtesy of A.S. Korhonen, Helsinki University of 
Technology. Source: Ref 22.40, 22.41

1 µm
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layers. The surface layer structure is columnar, while the layer adjacent  
to the substrate has a virtually featureless fracture surface. Figure 22.12 
shows a zirconium nitride (ZrN) coating that is very smooth and almost 
featureless within the resolution of the scanning electron microscope. 
High- resolution transmission electron microscopy shows that the struc-
ture of the ZrN coating consists of very fine columnar grains, 30 to 60 nm 
(300 to 600 Å) in diameter and approximately 200 nm (2000 Å) long (Ref 
22.41). Tests of cutting performance ranked ZrN, (Ti,Al)N, and TiN coat-
ings in order of decreasing performance (Ref 22.40).

Chemical Vapor Deposition

Chemical vapor deposition (CVD) is a coating process in which all re-
actants are gases. A chemical reaction takes place in the vapor phase adja-
cent to or on a substrate, depositing the reaction products on the substrate. 
An example of a CVD process is the deposition of tungsten according to 
the following reaction (Ref 22.42):

WF vapor H gas W deposit HF gaHeated substrate
6 23 6( ) ( ) ( ) (+  → + ss)

Usually the substrate must be heated to thermally activate the reaction.
Chemical vapor deposition is used to apply metal and ceramic com-

pound coatings for a variety of electronic, corrosion protection, oxidation- 
resistant, heat- resistant, and machining applications (Ref 22.42, 22.43). 
The throwing power or ability to cover complex shapes by CVD is good 
compared with some of the line- of- sight PVD processes, but the chemi-
cals used may be quite toxic.

The CVD technique has been used to coat cemented carbides and tool 
steels for machining applications. A pertinent study (Ref 22.44) has evalu-
ated wear and failure of ceramic CVD coatings applied to cemented car-
bide tools used to machine stainless steels. The coatings consisted of 
various amounts of Al2O3, ZrO2, TiC, and TiN and ranged in hardness 
from 1540 to 1850 HV. Commonly used TiN CVD coatings are produced 
by the reaction of titanium tetrachloride and ammonia substrates heated to 
approximately 1000 °C (1830 °F) (Ref 22.45). As a result of the high sub-
strate temperatures, CVD- coated tools must be hardened after coating, a 
sequence of operations that produces some distortion. In contrast, PVD 
coatings, as described in the previous section, are applied to hardened 
tools at 500 °C (930 °F), and the coated parts need not be heat treated 
subsequent to deposition.

Salt Bath Coating Process

Hard alloy carbide, nitride, and carbonitride coatings can be applied  
to steels by means of salt bath processing. One such technique, the Toy- 
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ota Diffusion (TD) coating process, uses molten borax with additions of 
carbide- forming elements, such as vanadium, niobium, titanium, or chro-
mium, which combine with carbon from the substrate steel to produce 
alloy carbide layers (Ref 22.46–22.49). The growth of the layers is there-
fore dependent on carbon diffusion, and the process requires a relatively 
high temperature, from 800 to 1250 °C (1472 to 2282 °F), to maintain ad-
equate coating rates. Carbide coating thicknesses of 4 to 7 µm are pro-
duced in 10 min to 8 h, depending on bath temperature and type of steel, 
and coating hardnesses over 3000 HV have been reported for VC and NbC 
layers (Ref 22.48). The coated steels may be cooled and reheated for hard-
ening, or the bath temperature may be selected to correspond to the steel 
austenitizing temperature, permitting the steel to be quenched directly after 
coating. To lower salt bath deposition temperatures, techniques to produce 
alloy carbonitride coatings have been developed (Ref 22.49). Such coat-
ings are applied to hardened and nitrided steels in vanadium- containing 
chloride baths at temperatures of 550 to 600 °C (1022 to 1112 °F).

Figure 22.13 shows examples of salt- bath- applied coatings. The NbC 
coating (Fig. 22.13a) was produced on a martensitic stainless steel (14% Cr, 
1.5% C, 0.6% Mo, 0.4% Co) by immersion for 4 h in a borax bath contain-
ing 20% ferro- niobium. The NbC- coated steel was air cooled after coating 
and then reheated to 1060 °C (1940 °F) for hardening. The Cr(C,N) coat-
ing (Fig. 22.13b) was produced by immersion of a previously hardened 
and nitrided (austenitized at 850 °C, or 1562 °F; tempered at 600 °C, or 
1112 °F; and nitrided at 570 °C, or 1058 °F) AISI 1045 steel in a chloride 
bath containing 15% Cr at 570 °C (1058 °F). At the latter temperatures, 
carbide growth is negligible, and the growth rate of coatings is accelerated 
by salt treatment of nitrided steels. This approach produces a coating layer 
and a diffusion layer, as shown in Fig. 22.13(b).

The salt bath coating methods produce hard coatings for applications 
similar to those for which CVD and PVD coatings are considered. In par-

Fig. 22.13  (a) NbC coating deposited on a martensitic stainless steel by a salt bath process. (b) Chromium carbo-
nitride coating deposited on nitrided AISI 1045 steel by a salt bath process. Light micrographs. Cour-
tesy of T. Arai, Toyota Research Laboratories

10 µm10 µm
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ticular, the TD coatings have significantly improved the life of mold and 
die steels for sheet steel stamping, aluminum die casting, and cold forging 
and extrusion.

Laser and Electron Beam Surface Modification

Laser and electron beams provide very high energy, directed sources of 
heat, and are used for many surface- modification techniques. Depending 
on power input, high- energy beams may be used for cutting and welding, 
surface melting and alloying, and localized surface heat treatment (Ref 
22.7, 22.8, 22.10). Welding and cutting require the highest power, and the 
ability to focus laser and electron beams makes possible very deep, narrow 
welds of high quality. This technology is highly developed and has fol-
lowed the continuous development of high- energy density power sources 
(Ref 22.8, 22.10). Of the laser and electron beam surface- modification 
techniques, localized surface heat treatment is the most highly developed 
and commercially applied. Surface melting and alloying, accompanied by 
very rapid solidification rates, offer unique opportunities for surface mod-
ification and now constitute a highly active field of research and develop-
ment (Ref 22.7).

Heating by laser and electron beams is accomplished by photon interac-
tions of the incident radiation with the electronic structures of the sub-
strate material. The incident energy is very rapidly converted into heat just 
below the surface, on the order of a few tens of nanometers for laser light 
and a few micrometers for electron beams, depending on the accelerating 
voltage, which generally varies between 10 and 100 keV (Ref 22.26, 22.50). 
Electron beam treatments must be conducted in vacuum, but laser light is 
not subject to this constraint and therefore offers considerable flexibility 
in manufacturing operations.

The term laser stands for light amplification by stimulated emission of 
radiation, and three different types of lasers have been developed: Nd:YAG 
(neodymium dissolved in yttrium aluminum garnet), CO2, and excimer. 
An excellent review of the operation and characteristics of the various 
types of lasers is presented by Bass (Ref 22.50). The Nd:YAG lasers oper-
ate at wavelengths of 1.06 µm and are widely used for welding and drill-
ing applications. The CO2 lasers have the highest power commercially 
available and operate in the infrared range, frequently at a wavelength of 
10.6 μm, while the more recently developed excimer lasers operate at 
wavelengths in the near- ultraviolet range, between 0.193 and 0.351 μm. 
Laser light may be reflected, depending on material and wavelength. 
Therefore, for effective laser heating, wavelengths that are absorbed by 
the workpiece must be selected, or the irradiated workpiece must be 
coated with a light- absorbing material.

Laser surface heat treatment is widely used to harden localized areas of 
steel and cast iron machine components (Ref 22.51). The heat generated 
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by the absorption of the laser light is controlled to prevent melting and 
therefore is used to selectively austenitize local surface regions that trans-
form to martensite as a result of rapid cooling by the conduction of heat 
into the bulk of the workpiece. This process is sometimes referred to as 
laser transformation hardening to differentiate it from laser surface melt-
ing phenomena. There is no chemistry change produced by laser surface 
heat treatment, and laser heating presents, in addition to induction and 
flame hardening, an effective processing technique to selectively harden 
ferrous materials.

Laser heat treatment produces thin surface zones that are heated and 
cooled very rapidly, resulting in very fine martensitic microstructures, 
even in steels with relatively low hardenability. High hardness and good 
wear resistance with less distortion result from this process. The laser can 
be located at some distance from the workpieces, unlike induction and 
flame heating, and the laser light is reflected by mirrors to the focusing 
lens where the width of the heated spot or track is controlled (Ref 22.50, 
22.51).

Molian (Ref 22.51) has tabulated the characteristics of 50 applications 
of laser transformation hardening. The materials hardened include plain 
carbon steels (1040, 1050, 1070), alloy steels (4340, 52100), tool steels, 
and cast irons (gray, malleable, ductile). The energy- absorbing coatings 
are listed, and typical case depths for steels are 250 to 750 μm and for cast 
irons approximately 1000 μm. The flexibility of laser delivery systems, 
low distortion, and high surface hardness have made lasers very effective 
in selective hardening of wear-  and fatigue- prone areas on irregularly shaped 
machine components such as camshafts and crankshafts (Ref 22.50). Elec-
tron beams, similar to laser heat treatment, are also used to harden the 
surfaces of steels. The processing considerations, microstructures, and 
property changes produced by electron beam hardening of steel have been 
reviewed by Zenker et al. (Ref 22.52).

A completely different spectrum of surface modifications results when 
lasers and electron beams are used to melt the surface of a material. Figure 
22.14 shows this process schematically (Ref 22.26, 22.53). Differences in 
energy absorption of electron (e) and laser (V) beams are shown qualita-
tively in the top illustration, and the melting and resolidification of the 
surface layers are shown in the bottom illustrations. Heating may be ex-
tremely rapid, on the order of nanoseconds, and cooling, accomplished by 
thermal conduction into the unheated mass of the substrate, is similarly 
very rapid. Exact rates of heating and cooling are dependent on many fac-
tors, such as power input, time of irradiation, laser pulsing, and surface 
and bulk characteristics of the heated substrate (Ref 22.53, 22.54). The 
very high heating and cooling rates attainable (108 to 1010 °C/s) produce 
extremely rapid solidification and therefore make possible very fine non- 
equilibrium microstructures. In the extreme, new metastable crystalline 
phases, glassy or amorphous structures, or highly supersaturated phases 
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may be developed in rapidly cooled surface layers. The various degrees of 
equilibrium possible in materials systems have been characterized by Per-
epezko and Boettinger (Ref 22.55) (Table 22.1). True equilibrium, where 
coexisting phases have uniform compositions according to the equilib-
rium phase diagrams, is achieved only by high- temperature, long- time an-
nealing or by very slow cooling. During rapid cooling, equilibrium may 
be attained only at the interfaces between stable or metastable phases, and 
in the extreme even such local equilibrium breaks down, greatly modify-
ing or suppressing phase transformations dependent on diffusion. Thus, 
many new microstructures with unique properties may be produced by 
rapidly solidified surface- melted alloys.

Laser surface alloying incorporates laser surface melting and cooling, 
as just described, but in addition changes composition to effect changes in 
surface structure and properties. The alloying may be accomplished by 
producing a surface layer of chemistry different from the substrate by an-
other surface- modification technique prior to laser melting or by injecting 
powders into the laser- melted zone (Ref 22.55).

When the object of laser treatment, either by direct laser melting or by 
laser surface alloying, is to produce an amorphous or glassy layer, that 
process is referred to as laser glazing. Glass formation in Si, Pd- Cu- Si, 
and Fe- Ni- P- B alloys is readily accomplished but is much more difficult 
in metals and alloys. For example, a study (Ref 22.56) of laser glazing of 
iron and tool steels, which had been pack boronized prior to laser glazing 

Fig. 22.14  Schematic diagram of the effects of laser- and electron beam 
heating, melting, and solidification. Source: Ref 22.53
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to promote amorphization, did not produce evidence of amorphous struc-
tures. Apparently, nucleation of crystalline phases occurs too readily at the 
interface of the molten layer and the unmolten substrate crystal structure. 
Nevertheless, the laser surface alloying produced layers of very high hard-
ness (2100 HV), containing very fine boride particles, on the tool steels. 
Cracking and porosity were problems sometimes encountered in the laser 
glazing study.

The dramatic changes in surface microstructure produced by laser sur-
face melting of M42 high- speed tool steel are shown in Fig. 22.15 and 
22.16 (Ref 22.57). The M42 steel contains nominally 1% C, 8% Co, 1.5% W, 
1.1% V, 3.75% Cr, and 9.5% Mo and because of the high content of 

Table 22.1 Hierarchy of equilibrium

III. Full diffusional (global) equilibrium

III. A. No chemical potential gradients (compositions of phases are uniform)
III. B. No temperature gradients
III. C. Lever rule applicable
III. Local interfacial equilibrium

III. A. Phase diagram gives compositions and temperature only at liquid-solid interface
III. B. Includes corrections made for interface curvature (Gibbs-Thomson effect)
III. Metastable local interfacial equilibrium

III. A. Relevant if stable phase cannot nucleate or grow sufficiently fast
III. B.  Interface conditions given by a metastable phase diagram that is a true thermodynamic phase diagram con-

strained to be missing the stable phase or phases
III. C. Also relevant if phases are constrained by elastic stresses
IV. Interfacial nonequilibrium

III. A. Phase diagram fails to give temperature and compositions at interface
III. B. Chemical potentials are not equal at interface
III. C. Free-energy functions of phases useful to yield criteria for the impossible

Source: Ref 22.55

Fig. 22.15  (a) Laser-melted dendritic structure of M42 tool steel. (b) Chill-
cast dendritic structure of M42 steel. Light micrographs. Cour-
tesy of T. Bell, University of Birmingham. Source: Ref 22.57

10 µm(a) 10 µm(b)
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carbide- forming elements, the wrought microstructure contains a high vol-
ume fraction of coarse primary carbides. Figure 22.15 shows the consider-
able refinement of the microstructure of laser- melted M42 relative to 
chill- cast M42 and shows the absence of primary carbides in the laser melt 
zone. Dissolution of the carbides was a function of traverse speed, and at 
higher speeds, carbides were not dissolved. Figure 22.16 shows the laser- 
melted surface and melting around primary carbides in the matrix below the 
fine solidification structure of the melt zone. Melting of the carbides is due 
to a low- melting eutectic reaction. The laser- melted surface layer, produced 
by slow traverse speeds, apparently because of greater solution of alloying 
elements for subsequent carbide precipitation, showed much higher peak 
hardness after triple tempering than conventionally treated steel.

Summary

This chapter has briefly reviewed a number of the newer, high- technology 
surface- modification treatments that are beginning to be applied to ferrous 
alloys. Process principles, terminology, coating characteristics, and exam-
ples of application have been described in order to provide a comparison 
of the various techniques. For more information regarding the equipment 
and processing details, applications, or theoretical aspects of the deposition 
process, the reader is referred to the references cited throughout the text. 
That literature is only a sampling and is certain to grow at an increasing 
rate in view of the very active interdisciplinary research and development 
now in progress regarding surface- modification techniques of all types.

A number of surface- modification processes, in various stages of matu-
rity and growth, have not been discussed. These processes have evolved 
somewhat removed from traditional heat treatment and include such pro-

Fig. 22.16  (a) Laser-melted surface layer on M42 tool steel. (b) Higher-magnification view of (a) showing partial 
melting of carbides at melt interface. Light micrographs. Courtesy of T. Bell, University of Birmingham. 
Source: Ref 22.57

100 µm(a) 2 µm(b)
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cesses as electrodeposition, hot dipping, cementation, cladding, thermal 
spraying, and hardfacing. Each of the processes has a highly developed 
technology and may be useful in solving a given wear, corrosion, or high- 
temperature oxidation problem.

Many of the newer surface- modification processes are only now being 
applied to ferrous alloys. Plasma nitriding, laser hardening of machine 
components, and PVD coating of cutting tools and dies appear to be the 
most widely applied at this time. Paralleling the electronics industry, the 
first applications are to high- value or critical components where the in-
creased costs of higher technology are justified by higher quality and im-
proved performance. Nevertheless, applications of the newer techniques 
to low- carbon sheet steels are in progress. For example, large- scale, high- 
deposition- rate electron beam evaporation of aluminum on strip steel has 
been used to produce aluminum- coated steel with corrosion characteris-
tics comparable to tin plate (Ref 22.58).

The future should see much wider application to a great variety of 
structural applications. For optimum application and economy of any 
surface- modification technique, it should be incorporated at the start into 
the mechanical and materials design and manufacturing sequence of a 
given component.
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CHAPTER 23

Stainless Steels

STAINLESS STEELS are a large group of special alloys developed 
primarily to withstand corrosion. Other desirable features may include ex-
cellent formability, high room- temperature and cryogenic toughness, and 
good resistance to scaling, oxidation, and creep at elevated temperatures. 
Chromium is the alloying element that imparts corrosion resistance to 
stainless steels, but many other elements may be added to stabilize other 
phases, provide added corrosion resistance, or produce enhanced mechan-
ical properties. Austenitic, ferritic, and duplex stainless steels cannot be 
hardened by heat treatment, and therefore, alloying and thermomechani-
cal processing are designed to minimize the formation of phases detrimen-
tal to corrosion resistance or toughness. In austenitic stainless steels, strength 
is also developed by cold work and strain- induced martensite formation. 
Martensitic stainless steels can be heat treated by quench and tempering to 
high hardness and strength. Precipitation- hardening grades of stainless 
steel have also been developed. This chapter describes alloy design, mi-
crostructure, and thermomechanical processing used for optimum perfor-
mance of the various classes of stainless steels.

Alloy Design and Phase Equilibria

Chromium in excess of 12% by weight is required to impart “stainless” 
characteristics to iron alloys. Enhanced corrosion resistance relative to 
other steels is attributed to the ability of chromium to produce tightly ad-
herent oxide layers on stainless steel surfaces. The layer is very thin, on 
the order of only a few atom layers in thickness, and effectively protects 
or passivates stainless steels in many corrosive environments (Ref 23.1, 
23.2). Thus, all stainless steels contain large amounts of chromium, and  
an important starting place to understand the phase relationships and mi-
crostructures in stainless steels is the iron- chromium (Fe- Cr) equilibrium 
phase diagram.
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Figure 23.1 shows the iron- chromium equilibrium phase diagram. As in 
the iron- carbon system, the allotropic forms of iron constitute the iron end 
of the diagram. Chromium is an element that stabilizes the body- centered 
cubic (bcc) ferrite structure of iron; therefore, with increasing chromium 
content the high- temperature and low- temperature delta and alpha ferrite 
fields expand. At approximately 12% Cr, bcc ferrite is completely stable 
from room temperature up to the melting point. As the ferrite field ex-
pands, the austenite field contracts, producing what is often referred to  
as the gamma (γ) loop. Figure 23.2 shows that other ferrite- stabilizing  
elements such as vanadium and molybdenum act similarly to chromium 
when alloyed with iron and also form gamma loops.

Fig. 23.2  Gamma loops formed in various binary systems of iron. Source: 
Ref 23.4

Fig. 23.1  The iron-chromium phase diagram. Source: Ref 23.3
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The iron- chromium diagram directly produces the basis for martensitic 
and ferritic stainless steels. The martensitic stainless steels must be able to 
form austenite, which will transform to martensite on cooling. Therefore, 
the compositions of martensitic stainless steels must lie within the gamma 
loop (as expanded by other alloying elements) and contain sufficient chro-
mium to impart stainless corrosion behavior. Ferritic stainless steels are 
alloyed with much higher amounts of chromium than martensitic stainless 
steels; therefore, ferrite is stable at all temperatures, as shown in Fig. 23.1. 
Martensitic and ferritic stainless steels contain alloying elements other 
than chromium; the effects of these elements are discussed in following 
sections.

Next to chromium, nickel is the alloying element that most strongly 
influences alloy design of certain classes of stainless steels. Nickel stabi-
lizes the face- centered cubic (fcc) structure of iron and therefore expands 
the austenite or gamma phase field when alloyed with iron. The iron- 
nickel (Fe- Ni) equilibrium phase diagram (Fig. 23.3) shows that with suf-
ficient nickel, austenite is stable at all temperatures above room temperature. 
In binary iron- nickel alloys, approximately 30 wt% Ni is required to com-
pletely stabilize austenite, partly because close to room temperature the 
diffusion of iron and nickel is too sluggish to form a mixture of ferrite and 

Fig. 23.3  The iron-nickel phase diagram. Source: Ref 23.3
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austenite. However, if chromium is also present, in amounts sufficient for 
stainless corrosion behavior, much less nickel is required to stabilize aus-
tenite. Thus, alloys containing typically 18 wt% Cr and 8 wt% Ni are fully 
austenitic from well below room temperature to melting temperatures. 
The latter types of steels constitute the very important group of alloys 
designated as austenitic stainless steels.

Almost all stainless steels have three or more components, and there-
fore, their phase relationships as a function of temperature and composi-
tion are represented by ternary phase diagrams. In the case of systems 
with more than three components, diagrams that combine the various 
austenite-  and ferrite- stabilizing elements are established, and the phases 
present at room temperature are related to the two groups of alloying ele-
ments. Frequently, vertical sections through ternary systems, in which the 
amount of a given component is held constant, are used to establish hot 
working and heat treatment schedules. For example, Fig. 24.4(b) in Chap-
ter 24, “Tool Steels,” in this book shows a vertical section through the 
Fe- C- Cr system at 13% Cr. This vertical section is therefore useful in ra-
tionalizing the microstructures of martensitic stainless steels as a function 
of carbon content and temperature.

Figure 23.4 shows projections of liquidus and solidus surfaces of the 
Fe- Ni- Cr system for the composition ranges of interest to stainless steels, 
and Fig. 23.5 shows vertical sections at various constant iron contents 
through the same systems. Alloys rich in chromium solidify as ferrite, and 
alloys rich in nickel solidify as austenite. However, many stainless Fe- 
Ni- Cr alloys solidify as two- phase, austenite- ferrite mixtures, and liquid 
coexists with austenite and ferrite during solidification. These three- phase 
fields are shown as the three- sided phase fields that contact the liquid 
phase field at liquidus surface minima on the vertical sections of Fig. 23.5. 
These three- phase fields are also defined by the intersections of constant 
iron planes with the heavy dark lines in Fig. 23.4. Thus, ferrite- austenite 
microstructures frequently develop in stainless steels. In fact, the duplex 
stainless steels described later are designed to have microstructures that 
are approximately 50% ferrite and 50% austenite.

Ferrite- austenite microstructures are also frequently encountered in 
austenitic stainless steel weld metal and cast austenitic stainless steels. In 
the latter materials, nonequilibrium solidification and alloying effects 
combine to produce ferrite- austenite microstructures that may not be pres-
ent in wrought stainless steels of the same composition (Ref 23.5). Small 
amounts of ferrite are desirable in austenitic stainless steel weld metal 
because ferrite has a higher solubility for phosphorus and sulfur, elements 
that cause fissuring in fully austenitic microstructures (Ref 23.6). There-
fore, ferrite reduces susceptibility to hot cracking or hot tearing. On the 
other hand, too high a ferrite content in austenitic stainless steel welds or 
castings may lower corrosion resistance and toughness.
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Fig. 23.4  Projections of the liquidus and solidus surfaces of the Fe-Cr-Ni 
ternary system. Source: Ref 23.3
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In view of the importance of phase stability and composition, especially 
with respect to welding of austenitic stainless steels, several diagrams 
have been developed to show the effects of various combinations of aus-
tenite-  and ferrite- stabilizing elements on ferrite content in stainless steels. 
The ferrite- stabilizing elements similar to chromium are molybdenum, 
silicon, and niobium, while the austenite- stabilizing elements similar to 
nickel are manganese, carbon, and nitrogen. Thus, nickel and chromium 
equivalents are calculated according to the various strengths of the ele-
ments stabilizing austenite or ferrite. Figure 23.6 shows the Schaeffler dia-
gram (Ref 23.7), Fig. 23.7 shows the DeLong diagram (Ref 23.8), and 
Fig. 23.8 shows the Siewert, McCowan, and Olson diagram (Ref 23.6). 
The equations used to calculate the chromium and nickel equivalents are 
shown on the axes of the various diagrams, and the compositions that 
produce austenite, martensite, ferrite, or mixtures of various phases are 
indicated. Ferrite number, which can be calibrated with magnetic attrac-
tion because austenite is nonmagnetic and ferrite is magnetic, was selected 
by the Welding Research Council to correlate with ferrite content and is 
plotted in Fig. 23.7 and 23.8. The diagrams have evolved with the accu-
mulation of more data regarding compositions and microstructure, and the 
most recent diagram is based on a large number of alloys covering a wide 

Fig. 23.5  Vertical sections through the Fe-Cr-Ni ternary system at constant iron contents. 
Source: Ref 23.2
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Fig. 23.6  The Schaeffler constitution diagram (1949) for stainless steel weld metal. Source: Ref 23.6, 
23.7

Fig. 23.7  The Delong constitution diagram (1974) with Welding Research Council (WRC) ferrite num-
ber system for weld metal. Source: 23.6, 23.8
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range of compositions, including duplex stainless steels. The Siewert et al. 
diagram also indicates several solidification ranges that relate to the phase 
diagrams shown in Fig. 23.4 and 23.5. Complete austenite solidification is 
indicated by A, primary austenite followed by austenite plus ferrite solidi-
fication by AF, primary ferrite followed by austenite plus ferrite solidifica-
tion by FA, and complete ferrite solidification by F.

Austenitic Stainless Steels

Table 23.1 shows the nominal compositions of AISI type 300 austenitic 
stainless steels. This table and the others that follow for other groups of 
stainless steels are taken from an article by Fischer and Maciag (Ref 23.9). 
The important grades of steels and the nominal amounts of the most 
 important alloying elements are clearly indicated. More extensive tables 
 listing other stainless steels, Unified Numbering System (UNS) alloy 
numbers, and other information are given elsewhere (Ref 23.10, 23.11).

Stainless steels are selected for corrosion resistance to the atmosphere, 
seawater, and a vast variety of chemical environments, and the reader is 
referred to other sources (Ref 23.1, 23.2, 23.10, 23.11) and manufacturers’ 
literature to help select the proper steel for a given environment. Apart 
from resistance to specific corrosive environments, the austenitic stainless 
steels have evolved around the following physical metallurgical princi-

Fig. 23.8  The Siewert, McCowan, Olson constitution diagram (1988) for 
stainless steels. Ferrite numbers are plotted and A, AF, FA, and F

indicate compositions that solidify by austenite, austenite followed by ferrite, fer-
rite followed by austenite, or ferrite formation, respectively. Source: Ref 23.6
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ples: varying austenite stability relative to martensite formation during 
cold work (AISI types 301, 302, and 304), reduction of carbon and alloy-
ing to eliminate chromium carbide formation and intergranular corrosion 
(AISI types 304L, 316L, 321, and 347), alloying with molybdenum to 
increase pitting resistance (AISI type 316), and heavily alloying with 
chromium and nickel to produce high- temperature strength and scaling 
resistance (AISI types 309 and 310).

Figure 23.9 shows the microstructure of annealed type 316L austenitic 
stainless steel. The microstructure in Fig. 23.9(a) is etched to produce 
contrast between grains of different orientation, and the microstructure in 
Fig. 23.9(b) is etched only to show grain boundaries (Ref 23.12, 23.13). 
The single- phase austenite is present as many equiaxed grains, many of 
which contain annealing twins. The twins are identified as bands with 
parallel sides and are formed when changes in the stacking of atoms on 
close- packed (111) planes occur during recrystallization and grain growth. 
Austenitic stainless steels are usually annealed at high temperatures to ac-
complish recrystallization and carbide solution. Water quenching follows 
annealing to prevent carbide formation during cooling, as discussed in the 

Table 23.1 Compositions of selected AISI type 300 
austenitic stainless steels

AISI type No.

Nominal composition, %

C Mn Cr Ni Others

301 0.15 max 2.0 16–18 6.0–8.0
8.0–10.
8.0–12.
8.0–12.
12–15
19–22
10–14
10–14
09–12
09–13

…
302 0.15 max 2.0 17–19 …
304 0.08 max 2.0 18–20 …
304L 0.03 max 2.0 18–20 …
309 0.20 max 2.0 22–24 …
310 0.25 max 2.0 24–26 …
316 0.08 max 2.0 16–18 2–3 Mo
316L 0.03 max 2.0 16–18 2–3 Mo
321 0.08 max 2.0 17–19 (5 × %C) Ti min
347 0.08 max 2.0 17–19 (10 × %C) Nb-Ta min

Face-centered cubic, nonmagnetic, not heat treatable. Source: Ref 23.9

Fig. 23.9  Microstructure of annealed type 316L austenitic stainless steel. (a) Etched in 20% HCl, 2% NH4FHF, 
0.8% PMP (Ref 23.12, 23.13). (b) Etched in waterless Kalling’s reagent (Ref 23.12, 23.13). Light 
micrographs. Courtesy of G. Vander Voort, Carpenter Technology Corp., Reading, PA

50 µm 50 µm(a) (b)
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next section. Typical minimum mechanical properties of annealed austen-
itic stainless steels are yield strengths of 205 MPa (30 ksi), ultimate ten-
sile strengths of 515 MPa (75 ksi), and elongations of 40% (Ref 23.10). 
Properly processed wrought austenitic stainless steels are truly single phase, 
without carbides, ferrite, or other phases, and with all alloying elements in 
solid solution. For the latter condition, corrosion resistance for a given 
grade is at its best.

Intergranular Carbides in Austenitic Stainless Steels

Figure 23.10 shows the microstructure of type 304 austenitic stainless 
steel in which chromium carbides have precipitated on grain boundaries. 
In this condition, the steel is said to be sensitized and is highly susceptible 
to catastrophic intergranular corrosion (Ref 23.1, 23.14). In metallographic 
sections, the chromium carbide precipitation is revealed by deep grain- 
boundary attack by certain etching procedures, such as the use of electro-
lytic oxalic acid etching (Ref 23.12). Generally, the carbides are too fine 
to be resolved by the light microscope but are indirectly revealed by deep 
etching of affected grain boundaries. In contrast, as shown in Fig. 23.9, 
grain boundaries in metallographic specimens of austenitic stainless steel 
without chromium carbide precipitation are well defined and not deeply 
etched.

The susceptibility to severe intergranular corrosive attack is caused by 
the depletion of chromium due to chromium carbide formation on austen-
ite grain boundaries. The carbides have been identified as M23C6, where 

Fig. 23.10  Microstructure of type 304 stainless steel with chromium car-
bide precipitation on grain boundaries. ASTM A262 Practice A

oxalic acid etch. Scanning electron micrograph. Courtesy of G. Vander Voort, 
Carpenter Technology Corp., Reading, PA
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“M” denotes the metal atom content of the carbide, which may include 
iron and molybdenum as well as chromium. However, the high concentra-
tion of chromium in the M23C6 particles locally lowers the chromium con-
tent of the austenite to below the 12% required for stainless steel corrosion 
behavior. Figure 23.11 shows chromium concentration gradients, obtained 
by analytical transmission electron microscopy, in austenite adjacent to 
M23C6 particles at twin and high- angle grain boundaries in a 304 stainless 
steel (Ref 23.15). High- angle grain boundaries are preferred sites for pre-
cipitation and diffusion because of the relatively high atomic disorder 
where grains of different orientations meet. Thus, M23C6 particles readily 
nucleate and grow, severely depleting the adjacent austenite of chromium, 
from 19 wt% to approximately 10 wt% in the case of the data shown in 
Fig. 23.11. Twin boundaries have much better atomic matching than most 
high- angle boundaries and therefore are not as favorable for nucleation 
and growth of M23C6 particles.

Figure 23.12 shows a transmission electron micrograph with examples 
of M23C6 carbides and three types of boundaries in a sensitized 304 stain-
less steel. In agreement with Fig. 23.11, the carbides are largest on the 
high- angle grain boundaries (arrows, upper left), quite small on the inco-
herent twin boundaries (center), and absent on the coherent twin bound-
aries (normal to the incoherent twin boundaries). In addition to reduced 
corrosion resistance adjacent to M23C6 precipitation, the lowered chro-
mium content raises the Ms temperatures and may result in martensite for-
mation (Ref 23.15, 23.16).

The catastrophic consequences of intergranular corrosion due to chro-
mium carbide precipitation has led to a number of heat treatment and al-

Fig. 23.11  Chromium depletion as a function of distance from various types 
of grain boundaries in type 304 stainless steel. Courtesy of M.G.

Burke, Westinghouse Electric Corp., Pittsburgh. Source: Ref 23.15
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loying approaches to minimize or eliminate this problem. One approach is 
simply to select an extra- low carbon modification of 304 or 316 austenitic 
stainless steels. These modifications are designated as types 304L and 
316L and have an upper limit of 0.03% C. Although chromium carbide 
formation may not be completely suppressed, it is greatly reduced, and the 
low- carbon grades are adequate for many applications.

Figure 23.13 shows M23C6 precipitation curves for type 304 stain- 
less steel (Ref 23.14). The kinetics show “C”- curve behavior, with most 
rapid precipitation occurring between 800 and 900 °C (1472 and 1652 °F). 
Above 950 °C (1742 °F), chromium and carbon are dissolved as atoms in 

Fig. 23.13  M23C6 carbide precipitation kinetics in type 304 stainless steel 
containing 0.05% C and originally quenched from 1250 °C 
(2282 °F). Source: Ref 23.14

Fig. 23.12  Chromium carbide precipitation on various types of boundaries 
in type 304 stainless steel. Arrows in upper left point to large

carbides on a high-angle grain boundary, and IT and CT refer to incoherent and 
coherent twin boundaries, respectively. Transmission electron micrograph. Cour-
tesy of M.G. Burke, Westinghouse Electric Corp., Pittsburgh

0.2 µm
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the crystal structure of austenite, and there is no thermodynamic driving 
force for chromium carbide formation. Below 500 °C (932 °F), the diffu-
sion of chromium atoms required for M23C6 formation is too sluggish, and 
carbide formation essentially stops. Based on the M23C6 precipitation ki-
netics, wrought austenitic stainless steel products are annealed or solution 
treated at temperatures between 1040 and 1150 °C (1904 and 2102 °F) 
and quenched to eliminate sensitization. The solution treatment dissolves 
the M23C6 carbides, and the rapid cooling prevents the reprecipitation of 
M23C6 in the critical temperature range around the nose of the C- curve. 
This approach is also effective in welded austenitic stainless assemblies 
where M23C6 carbides may have precipitated in heat- affected zones adja-
cent to weld metal.

Another approach used to eliminate chromium carbide precipitation is 
to alloy austenitic stainless steels with very strong carbide- forming ele-
ments, such as titanium, niobium, or tantalum. Such austenitic stainless 
steels (types 321 and 347, Table 23.1) are referred to as stabilized grades. 
The alloying additions form carbides such as TiC and NbC and reduce the 
carbon available for M23C6 precipitation. Stabilizing heat treatments, per-
formed at temperatures between 840 and 900 °C (1544 and 1652 °F), are 
designed to produce the most effective intragranular dispersion of the 
alloy carbides (Ref 23.14). Under most conditions, stabilized austenitic 
stainless steels are effective in reducing chromium carbide formation and 
intergranular attack. However, the very high temperatures adjacent to 
welds may cause even TiC and NbC carbides to redissolve and make pos-
sible the precipitation of M23C6 if the weldments are held in or slowly 
cooled through the M23C6 precipitation temperature range. This may lead 
to the localized corrosion referred to as “knife- line attack” and may be 
remedied by subjecting weldments to a final stabilizing heat treatment 
(Ref 23.1, 23.10, 23.14).

Martensite Formation in Austenitic Stainless Steels

Martensite may form in austenitic stainless steels during cooling below 
room temperature, that is, thermally, or in response to cold work, that is, 
mechanically. Eichelman and Hull (Ref 23.17) have developed the follow-
ing equation for Ms, the temperature at which martensite first forms on 
cooling, of austenitic stainless steels:

Ms(°F) = 75(14.6 – Cr) + 110(8.9 – Ni) + 60(1.33 – Mn) 

+ 50(0.47 – Si) + 3000[0.068 – (C + N)] (Eq 23.1)

This equation shows that the substitutional alloying elements chromium 
and nickel have a moderate effect on the Ms compared with the very strong 
effect of carbon and nitrogen. Residual nitrogen contents of austenitic 
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stainless steel are usually in the range of 300 to 700 ppm (0.03 to 0.07 wt%) 
(Ref 23.14), and thus when combined with carbon may have a strong ef-
fect on stabilizing austenite with respect to martensite formation. When 
M23C6 carbides form at austenite grain boundaries, both carbon and chro-
mium are removed from the adjacent austenite, Ms is locally raised, and 
martensite may form at grain boundaries, as mentioned earlier (Ref 23.15, 
23.16). This phenomenon is in fact used as one approach to develop mar-
tensitic structures in semiaustenitic precipitation- hardening stainless steels, 
as discussed later.

Two types of martensite form spontaneously on cooling austenitic stain-
less steels below room temperature: hexagonal close- packed epsilon (ε) 
martensite and bcc alpha prime (α′) martensite. The epsilon martensite 
forms on close- packed (111) planes in the austenite and, except for size, is 
morphologically very similar to deformation twins or stacking fault clus-
ters, which also form on (111) planes (Ref 23.18, 23.19). The α′ martens-
ite forms as plates with (225) habit planes in groups bounded by faulted 
sheets of austenite on (111) planes (Ref 23.18). The nucleation of α′ mar-
tensite and its relationship to ε martensite has been difficult to resolve; 
evidence for α′ formation directly from austenite and with ε as an inter-
mediate phase is reviewed in Ref 23.14.

Deformation- induced or strain- induced martensite formation is another 
unique feature of austenitic stainless steels. Strain- induced martensite 
forms at higher temperatures than does martensite, which forms on cool-
ing, and the parameter MD, the highest temperature at which a designated 
amount of martensite forms under defined deformation conditions, is used 
to characterize austenite stability relative to deformation. Angel (Ref 
23.20) has published the following correlation of MD to the composition 
of austenitic stainless steels:

MD30(°C) = 413 – 462(C + N) – 9.2(Si) – 8.1(Mn)

– 13.7(Cr) – 9.5(Ni) – 18.5(Mo) (Eq 23.2)

where MD30 is defined as the temperature at which 50% martensite is 
formed by 30% true strain in tension. Again, carbon and nitrogen have a 
very strong effect on austenite stability, and the extra- low carbon grades 
such as 304L are quite sensitive to strain- induced martensite formation, a 
characteristic that may render them susceptible to reduced performance in 
high- pressure hydrogen (Ref 23.21). Deformation- induced martensite, 
however, significantly enhances strength generated by cold work, and 
types 301 and 302 stainless steels are designed to have lower chromium 
and nickel contents in order to exploit this strengthening mechanism. The 
effectiveness of this approach is demonstrated in the comparison of the 
stress- strain curves of types 301 and 304 stainless steels shown in Fig. 
23.14 (Ref 23.22). The much more stable type 304 does not strain harden 
nearly as much as the type 301 stainless steel.



Chapter 23: Stainless Steels / 593

The extent of strain- induced transformation of austenite to martensite is 
dependent on temperature, strain rate, and strain, in addition to composi-
tion (Ref 23.23). Figure 23.15 shows the effect of temperature and strain 
on strain- induced martensite formation in type 304 stainless steels. Large 
amounts of martensite form at low strains during low- temperature defor-
mation, and the amount of strain- induced transformation becomes negli-
gible above room temperature. Figure 23.16 shows stress- strain curves 
obtained in constant temperature baths for a type 304 stainless steel (Ref 
23.24). The strong effect of strain- induced martensite formation at lower 
temperatures is marked by noticeable inflections in the stress- strain curves. 
The strain hardening associated with these inflections produces very high 

Fig. 23.14  Stress-strain curves for types 304 and 301 austenitic stainless 
steels. Source: Ref 23.11

Fig. 23.15  Strain-induced martensite formation as a function of strain at 
various temperatures. Source: Ref 23.24. Solid lines are original

data of Angel (Ref 23.20), dashed lines are data of Hecker et al. (Ref 23.25), and 
dotted extrapolations are from Olson’s analysis (Ref 23.26).
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ultimate tensile strengths, and as the strain- induced transformation de-
creases, the ultimate tensile strength also decreases.

Figure 23.16 shows that the total ductility of the type 304 stainless 
steels goes through a maximum between 0 and 25 °C (32 and 77 °F). Dur-
ing deformation in this temperature range, the strain- induced martensite 
transformation is delayed to high strains, where the associated strain hard-
ening is useful in delaying necking and increasing postuniform elonga-
tion. Effectively, as soon as necking starts, the additional strain causes that 
area to locally transform and harden, retarding necking and causing defor-
mation to be displaced to lower- strength regions of the specimen. Above 
room temperature or as a result of specimen temperature increases associ-
ated with deformation heating and necking at room temperature, strain- 
induced martensite transformation and the associated strain hardening 
become negligible, even at high strains, and ductility decreases.

Other Phases in Austenitic Stainless Steels

Ideally, austenitic stainless steels have microstructures consisting only 
of polycrystalline austenite. However, because of segregation during so-
lidification, ferrite tends to form and is commonly found in austenitic 
stainless steel castings and welds, as discussed earlier. Wrought austenitic 
stainless steels are homogenized by hot work, and smaller section sizes 
and sheet usually show uniform austenitic structures. However, heavier 

Fig. 23.16  Engineering stress-strain curves for type 304 stainless steels at 
various temperatures. Source: Ref 23.24
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plates and forgings, which receive less hot work, frequently show some 
ferrite within the austenitic microstructure (Ref 23.27). Figure 23.17 
shows delta ferrite in a 304L stainless steel. The ferritic areas have been 
flattened and elongated as a result of plate rolling.

The presence of ferrite in austenitic stainless steels may lead to the for-
mation of sigma (σ) phase, which may adversely affect ductility, tough-
ness, and corrosion resistance of austenitic stainless steels (Ref 23.14). 
Sigma phase dominates the central portion of the iron- chromium diagram 
(Fig. 23.1) and therefore is an important factor in the processing and per-
formance of highly alloyed ferritic stainless steels. As shown by the iron- 
chromium phase diagram, sigma phase is an intermetallic phase with 
composition centered about equal amounts of iron and chromium. The 
crystal structure is complex, body- centered tetragonal, with 30 atoms per 
unit cell, and may contain other elements such as molybdenum.

In austenitic stainless steels containing ferrite, sigma phase forms in 
ferritic areas because chromium, which is a major component of sigma, is 
already concentrated in the ferrite as a result of partitioning during solidi-
fication. The transformation of ferrite to sigma is sluggish and depends on 
alloy composition. Therefore, sigma phase is often found in austenitic 
stainless steel components that have been subjected to long- time service 
at temperatures in the range of 500 to 700 °C (932 to 1292 °F) (Ref 23.14).

Sigma phase tends to nucleate and grow preferentially at ferrite- austenite 
interfaces, but intragranular sigma formation has also been observed in 

Fig. 23.17  Ferrite in a plate of type 304L stainless steel. Light micrograph. 
Courtesy of S. Yun, Colorado School of Mines

10 µm
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type 321 stainless steel held 17 years at approximately 600 °C (1112 °F) 
(Ref 23.28). In austenitic stainless steels subjected to 10,000 h aging at 
temperatures of approximately 600 °C (1112 °F), Gray et al. (Ref 23.29) 
have found that austenite formation accompanies the formation of sigma 
from delta ferrite. Thus, the partitioning of alloying elements for sigma 
formation appears to be accomplished by the solid- state reaction δ → σ  
+ g. Sigma phase formation from delta ferrite can be accelerated by strain, 
as documented by a forging study of austenitic 21- 6- 9 stainless steel (Ref 
23.27). Tseng et al. found that the eutectoid transformation of delta ferrite 
to sigma and austenite was preceded by the eutectoid transformation of 
delta to M23C6 and austenite (Ref 23.30).

A number of phases other than ferrite, sigma, and M23C6 may form in 
austenitic stainless steels. These phases include various alloy carbides and 
nitrides and intermetallic phases such as Laves and chi. The formation of 
these phases is alloy specific and dependent on processing and service 
conditions. The reader is referred to the article by Novak (Ref 23.14) for 
a comprehensive review of the literature regarding the formation of such 
phases in austenitic stainless steels.

Other Austenitic Stainless Steels

In addition to the wrought austenitic stainless steel containing roughly 
18% Cr and 8% Ni, several other groups of austenitic stainless steels are 
available for specific applications or processing requirements. Each of the 
wrought austenitic stainless steels has a counterpart cast alloy with a spe-
cific cast alloy designation (Ref 23.31). For example, CF- 3, CF- 8, CF- 
3M, and CF- 8M correspond to the wrought types 304L, 304, 316L, and 
316, respectively. The cast austenitic stainless steels are designed for good 
castability, and therefore, the composition ranges may vary from those of 
their counterpart wrought steels. In particular, the chromium and silicon 
contents are higher and the nickel contents lower in cast alloys compared 
with wrought alloys. As a result, delta ferrite, which reduces hot cracking 
as discussed earlier, is usually found in cast austenitic stainless steels.

Many heat- resisting grades of stainless steel have austenitic structures. 
The heat- resisting grades have much higher chromium and nickel contents 
for scaling resistance and high- temperature strength compared with the 
18Cr- 8Ni types of stainless steel. Again, there are counterpart wrought 
and cast grades of heat- resisting stainless steels (for example, types 309 
and 310, and HH and HK, respectively). There are, however, many other 
cast grades of heat- resistant alloys, and these alloys have much higher 
carbon contents (0.20 to 0.75%) than do the wrought grades (Ref 23.31). 
Thus, alloy carbides, which contribute substantially to creep resistance, 
are an important component of the microstructure of the cast austenitic 
high- temperature alloys. The heat- resistant austenitic stainless steels are 
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used at temperatures as high as 1100 °C (2012 °F), sometimes in very ag-
gressive gaseous environments, and are expected to provide many years of 
service. Thus, temperature- induced microstructural changes, creep- rupture 
mechanisms, scaling and oxidation, carburization, decarburization, and 
sulfidation are critical phenomena that affect selection and performance of 
heat- resistant austenitic stainless steels (Ref 23.32, 23.33).

Other groups of austenitic stainless steels include those in which substi-
tutions for nickel are made. Type 200 austenitic stainless steels (Table 
23.2) are alloyed with manganese and nitrogen, both austenite- stabilizing 
elements, to replace nickel. The 200- series austenitic stainless steels have 
properties and work- hardening characteristics similar to types 301 and 
302 steels. Higher- strength austenitic stainless steels with high manganese 
and nitrogen and reduced nickel contents (Table 23.3) have also been de-
veloped (Ref 23.34). Several of these steels have the trademark Nitronic 
and are sometimes referred to by their composition in nominal amounts of 
chromium, nickel, and manganese. The yield strengths of these steels 
range from 345 to 480 MPa (50 to 70 ksi), significantly above those attain-
able in annealed type 300 stainless steels. An even newer type of austen-
itic stainless steel, “supernitrogen” stainless steel, contains up to 1 wt% N 
(Ref 23.35). This level of nitrogen exceeds the atmospheric solubility of 
nitrogen in austenite and is made possible by pressurized electroslag re-
melting. Even higher strengths at good levels of toughness appear to be 
attainable with these ultrahigh- nitrogen steels.

Table 23.2 Compositions of AISI type 200 austenitic stainless 
steels

AISI type No.

Nominal composition, %

C Mn Cr Ni Others

201 0.15 max 7.5 16–18 3.5–5.5 0.25N max
202 0.15 max 10.0 17–19 4.0–6.0 0.25N max

Face-centered cubic, nonmagnetic, not heat treatable. Source: Ref 23.9

Table 23.3 Compositions of high-strength manganese austenitic stainless steels

Trade designation Typical composition, %

Minimum mechanical properties

Tensile 

strength

Yield 

strength(a)
Elongation 

in 50 mm 

(2 in.), %MPa ksi MPa ksi

Nitronic 32(b) 0.10 C, 12.0 Mn, 18.0 Cr, 1.6 Ni, 0.32 N 690 100 380 55 30
Nitronic 40 0.03 C, 9.0 Mn, 21.0 Cr, 7 Ni, 0.03 N 550  80 345 50 45
Nitronic 50 0.04 C, 5.0 Mn, 21.2 Cr, 12.5 Ni, 0.30 N, 2.50 Mo,

 0.20 Nb, 0.20 V
690 100 380 55 35

Nitronic 60 0.07 C, 8.0 Mn, 17.0 Cr, 8.5 Ni, 0.14 N, 4.0 Si 655  95 345 50 35
Tenelon 0.08 C, 15.0 Mn, 18.0 Cr, 0.75 Ni, 0.35 N 860 125 480 70 40
Type 216 0.04 C, 8.0 Mn, 21.0 Cr, 6.0 Ni, 0.27 N, 2.3 Mo 690 100 415 60 40

(a) At 0.2% offset. (b) Nitronic is a trademark of Armco, Inc., Middletown, OH. Source: Ref 23.34
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Heat Treatment of Austenitic Stainless Steels

The preceding review of the alloying and physical metallurgy of aus-
tenitic stainless steels shows that they cannot be strengthened by heat 
treatment such as quenching to form martensite or by precipitation hard-
ening. Strengthening must be accomplished by alloying, in particular by 
solid- solution strengthening, and by cold working Strengthening by cold 
working may involve strain- induced martensite formation.

The heat treatments applied to austenite stainless steels therefore in-
clude annealing, treatments to prevent chromium carbide precipitation, 
and stress relief (Ref 23.10, 23.11, 23.14). Because austenitic stainless 
steels are very ductile, they are readily wrought to thin sheet or fine- 
diameter tubing and wire by sequential cold working and annealing 
 cycles. The annealing causes recrystallization of the strain- hardened  
microstructure and restoration of ductility for subsequent working op-
erations. Heat treatments to prevent sensitization may include solution 
treatments to dissolve chromium carbides or stabilization treatments to 
cause the precipitation of alloy carbides and thereby a reduction of the 
carbon available for chromium carbide precipitation. Finally, stress- relief 
treatments are applied to weldments, but care must be taken not to stress 
relieve sensitive alloys in the chromium carbide precipitation temperature 
range (Ref 23.14).

Ferritic Stainless Steels

Table 23.4 lists the compositions of some common type 400 ferritic 
stainless steels. Chromium, in amounts sufficient to completely stabilize 
ferrite (Fig. 23.1), is the major alloying element. Carbon is restricted both 
to maintain high toughness and ductility and to prevent austenite forma-
tion related to the expansion of the gamma loop by carbon. Figure 23.18 
shows the polycrystalline, single- phase microstructure of an annealed fer-
ritic stainless steel. Annealing for recrystallization of cold- worked struc-
tures is performed in the temperature range 760 to 966 °C (1400 to 1770 °F). 
Rapid cooling after annealing is required for the more highly alloyed fer-

Table 23.4 Compositions of AISI type 400 ferritic 
stainless steels

AISI type No.

Nominal composition, %

C Mn Cr Others

430 0.08 max 1.0 16.0–18.0 …
430F 0.12 max 1.25 16.0–18.0 0.6Mo max
430F Se 0.12 max 1.25 16.0–18.0 0.15Se min
446 0.20 max 1.5 23.0–27.0 0.25N max

Body-centered cubic, magnetic, not heat treatable. Source: Ref 23.9



Chapter 23: Stainless Steels / 599

ritic grades in order to prevent the formation of phases detrimental to duc-
tility and toughness.

The ferritic stainless steels, similar to the austenitic stainless steels, can-
not be strengthened by heat treatment. Also, because the strain- hardening 
rates of ferrite are relatively low and because cold work significantly low-
ers ductility, the ferritic stainless steels are not often strengthened by cold 
work (Ref 23.34). Typical annealed yield and tensile strengths for the 
steels listed in Table 23.4 are 240 to 380 MPa (35 to 55 ksi) and 415 to  
585 MPa (60 to 85 ksi), respectively. Ductilities tend to range between 20 
and 35%. Higher strengths, up to 515 MPa (75 ksi) yield and 655 MPa (95 
ksi) tensile, are obtained in the more highly alloyed ferritic steels, such as 
29Cr- 4Mo- 2Ni and 27Cr- 3.5Mo- 1.2Ni.

The ductility and toughness of ferritic stainless steels are affected by 
many factors (Ref 23.36). Fundamentally, the strength and ability of the 
bcc ferrite structure to sustain plastic deformation are very temperature 
dependent, especially below room temperature. Strength increases rapidly 
and ductility drops sharply with decreasing temperature, apparently be-
cause screw dislocations lose their ability to cross slip in the bcc structure 
(Ref 23.37). As a result, ferritic steels undergo a transition from ductile 
fracture, characterized by microvoid coalescence, to brittle fracture, char-
acterized by cleavage. The temperature at which this fracture transition 
occurs is referred to as the ductile- to- brittle transition temperature (DBTT), 

Fig. 23.18  Microstructure of annealed ferritic stainless steel (E-Brite 26-1 
containing 26% Cr and 1% Mo). Etched electrolytically in

60% HNO3-H2O. Light micrograph. Courtesy of G. Vander Voort, Carpenter Tech-
nology Corp., Reading, PA

100 µm
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and the cleavage fracture may be initiated by intergranular cracking or 
strain- induced cracking of second- phase particles (Ref 23.38, 23.39). In 
contrast, austenitic stainless steels do not undergo a ductile- to- brittle tran-
sition and maintain good ductility and toughness to temperatures well 
below room temperature. In ferritic stainless steels, the DBTT may be 
well above room temperature. Figure 23.19 shows the DBTT as a function 
of section thickness for several ferritic stainless steels (Ref 23.34). The 
thicker sections offer more constraint to plastic flow, and consequently, 
brittle fracture occurs without exception above room temperature as sec-
tion size increases. In contrast, thin sheets in which yielding can take place 
through the thickness remain ductile and highly formable well below 
room temperature.

Other factors that influence the DBTT of ferritic stainless steels are 
grain size, interstitial carbon and nitrogen content, and the presence of 
various types of second phases. Thus, fine grain size, low interstitial ele-
ment contents, and the elimination of second phases by proper heat treat-
ment all enhance ductility and toughness (Ref 23.34, 23.36). Improved 
melting practices, including argon- oxygen decarburization and vacuum 
melting, and stabilization by additions of titanium or niobium have been 
extremely important approaches to lowering carbon and nitrogen contents 
and associated carbide and nitride precipitates detrimental to toughness of 
ferritic stainless steels (Ref 23.40).

Fig. 23.19  Ductile-to-brittle transition temperatures as a function of section thickness for vari-
ous ferritic stainless steels. Source: Ref 23.34
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Intermetallic Phases in Ferritic Stainless Steels

Ferritic stainless steels are highly alloyed and may form a number of 
brittle intermetallic phases when exposed to operating temperatures or 
processing conditions, such as slow cooling of heavy sections, in the tem-
perature range between 500 and 1000 °C (932 and 1832 °F). Prominent 
among these phases is sigma phase, which dominates the central portion 
of the iron- chromium phase diagram (Fig. 23.1). The various intermetallic 
phases form by the arrangement of iron, chromium, molybdenum, and 
other transition metal atoms into crystal structures that accommodate 
atomic size and electronic differences that limit the low- temperature solid 
solubility of alloying elements in the bcc ferritic structure (Ref 23.41). 
The crystal structures tend to be complex, and the phases are character-
ized by large unit cells containing many atoms. Table 23.5 lists character-
istics of the sigma, chi, and Laves phases that may form in ferritic stainless 
steels.

Examples of intermetallic phases that have formed at 850 °C (1560 °F) 
in a 25Cr- 3Mo- 4Ni ferritic stainless steel are shown in Fig. 23.20. The 

Table 23.5 Characteristics of intermetallic phases in ferritic stainless steels

Type of phase Structure Lattice parameters Comments

Sigma (σ) Body-centered tetragonal a = 0.88–0.91 nm Parameters of phases collected from
D8b, 30 atoms/cell c = 0.45–0.46 nm  superalloys

Chi (χ) Cubic a = 0.884–0.893 nm From various steels
A12, 58 atoms/cell

Laves Hexagonal a = 0.475–0.495 nm Parameters of phases collected from
C14 or C36 c = 0.770–0.815 nm  superalloys

Source: Ref 23.42

Fig. 23.20  Microstructures of ferritic stainless steel containing 24.5% Cr, 3.54% Mo, 3.90% Ni, 0.17% Nb, 
and 0.32% Al annealed at 850 °C (1560 °F). (a) Annealed 100 min. Arrow points to chi phase. 

(b) Annealed 300 min. Dominant second phase (etched gray) is sigma. Light micrographs. Source: Ref 23.42

20 µm 20 µm(a) (b)
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various phases have formed at grain boundaries and within grains, and 
sigma phase dominates the microstructure after holding 300 min at 850 °C 
(1560 °F). A special consequence of the nickel content of this ferritic 
stainless steel is austenite formation adjacent to sigma phase. Apparently, 
the depletion of the chromium and molybdenum and concentration of 
nickel in areas adjacent to the sigma phase decrease the stability of the 
ferrite phase to where it is replaced by austenite.

The formation of the intermetallic phases follows C- curve kinetics, 
which are influenced by alloy composition. Figure 23.21 shows such 
curves for the 25Cr- 3Mo- 4Ni ferritic stainless steel (Ref 23.42). Leaner 
alloys would tend to have longer incubation times for the formation of the 
intermetallic phases. The C- curves are useful in that they define temper-
ature ranges that can be used to dissolve the intermetallic phases and 
through which specimens must be rapidly cooled to avoid reprecipitation 
of the phases. The C- curves also identify operating temperatures that 
should be avoided for application of ferritic stainless steels.

475 °C (885 °F) Embrittlement in Ferritic  
Stainless Steels

In addition to the high- temperature embrittlement phenomena related  
to the intermetallic phases described previously, high- chromium ferritic 

Fig. 23.21  Estimated time-temperature-transformation curves for ferritic stain-
less steel of composition given in Fig. 23.20. Source: Ref 23.42
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stainless steels also may undergo a lower- temperature embrittlement. This 
phenomenon, termed 475 °C (885 °F) embrittlement, develops in the tem-
perature range 400 to 550 °C (752 to 1022 °F), and its causes were identi-
fied only with difficulty because light microscopy and x- ray diffraction 
showed no evidence of any structural changes. The embrittlement is as-
sociated with very fine- scale precipitation, resolvable only by transmis-
sion electron microscopy, and the precipitating phase, designated α′, has a 
bcc structure with almost the same lattice parameter as the parent bcc 
ferrite (Ref 23.43).

The discovery of the α′ phase necessitated a modification of the central 
portion of the iron- chromium phase diagram. Williams (Ref 23.44) pro-
posed the modification shown in Fig. 23.22. The dashed lines identify a 
miscibility gap in the bcc ferritic solid solution. At high temperatures, 
chromium and iron atoms are randomly distributed on the bcc crystal lat-
tice, but at compositions and temperatures below the dashed lines, the iron 
and chromium atoms tend to separate and cluster. Therefore, subject to the 
constraint of diffusion, closely spaced areas become either rich in iron 
atoms (these areas remain the matrix α phase) or rich in chromium (these 
areas become the α′ phase). The α′ may form by nucleation and growth of 
discrete particles, or it may develop by a mechanism referred to as spi-
nodal decomposition, which produces fine clusters of iron and chromium 
without well- defined interfaces. Regardless of the mechanism of forma-
tion, the α′ phase is quite fine, on the order of a few tens of nanometers in 
size (Ref 23.43–23.46).

The formation of α′ phase at temperatures of approximately 475 °C 
(885 °F) causes significant changes in mechanical properties of ferritic 

Fig. 23.22  The central portion of the iron-chromium binary diagram as 
modified by Williams (Ref 23.44) and reproduced in Ref 23.47
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stainless steels. Most striking is the dramatic increase in the DBTT as 
identified by the change in fracture appearance (Ref 23.47). Hardness and 
yield strength also show significant increases, and tensile elongation shows 
significant decreases as the α′ precipitation develops. These property 
changes are accompanied by changes in deformation from that character-
ized by uniform dislocation cell formation and cross slip to that character-
ized by planar dislocation arrays. The study by Nichol et al. (Ref 23.47) 
showed that high- purity, high- chromium ferritic stainless steel (29Cr- 
4Mo- 2Ni) was the most sensitive, stabilized grades were less sensitive, 
and a titanium- stabilized 11% Cr was almost immune to 475 °C (885 °F) 
embrittlement.

Martensitic Stainless Steels

Martensitic stainless steels can be forged and then heat treated by aus-
tenitizing, martensite formation, and tempering for many applications that 
require not only corrosion resistance but also good edge retention, high 
strength, high hardness, and wear resistance. This processing approach is 
made possible by balancing chromium content between that required for 
stainless steel corrosion properties and that required to ensure full trans-
formation to austenite within the gamma loop on heating. The gamma 
loop of the iron- chromium system is expanded by carbon and nitrogen, 
both austenite- stabilizing elements, as shown in Fig. 23.23. Thus, higher 
carbon and nitrogen contents make possible higher chromium contents in 
martensitic stainless steels.

Table 23.6 (Ref 23.9) lists the compositions of a number of commonly 
used AISI 400 grades of martensitic stainless steels. As discussed previ-
ously, carbon and chromium are balanced to ensure that full austenitiza-
tion can be achieved. Several of the grades have low carbon content and 
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therefore are limited to a maximum hardness of approximately 45 HRC. 
Types 403 and 410 are comparable, except that type 403 is a special- 
quality grade for applications such as turbine blades. Higher hardness, to 
60 HRC, is attainable in the type 440 grades, which have significantly 
higher specified carbon ranges. More chromium is required in the higher- 
carbon martensitic stainless steels to offset the chromium tied up in chro-
mium carbide particles. Because of the high chromium content, all of the 
martensitic stainless steels have good hardenability and may be oil quenched 
or air cooled for hardening.

The martensitic stainless steels are process annealed to microstructures 
of ferrite and spheroidized carbides for maximum ductility and machin-
ability. Annealing is accomplished by subcritical heating at temperatures 
of 650 to 760 °C (1202 to 1400 °F) or by heating to higher temperatures 
and slow cooling (Ref 23.48). Figure 23.24 shows spherical carbides dis-
persed in ferrite in annealed types 403 and 416 martensitic stainless steels. 
The microstructure of the annealed type 416 steel, which contains a delib-

Table 23.6 Compositions of AISI type 400 
martensitic stainless steels

AISI type No.

Nominal composition, %

C Mn Cr Ni Others

403 0.15 max 1.0 11.5–13 … …
410 0.15 max 1.0 11.5–13 … …
416 0.15 max 1.2 .012–14 … 0.15S min
420 0.15 min 1.0 .012–14 … …
431 0.20 max 1.0 .015–17 1.2–2.5 …
440A 0.60–0.75 1.0 .016–18 … 0.75Mo max
440B 0.75–0.95 1.0 .016–18 … 0.75Mo max
440C 0.95–1.20 1.0 .016–18 … 0.75Mo max

Body-centered cubic, magnetic, heat treatable. Source: Ref 23.9

Fig. 23.24  Microstructure of annealed martensitic stainless steels. Fine particles are spheroidized carbides.  
(a) Type 403 stainless steel etched in 4% picral-HCl. (b) Type 416 stainless steel etched with 

Vilella’s reagant. Arrows point to sulfide particles for machinability. Light micrographs. Courtesy of G. Vander Voort, 
Carpenter Technology Corp., Reading, PA

25 µm(a) 25 µm(b)
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erate addition of sulfur, also contains a high density of coarse MnS parti-
cles, which are introduced to improve machinability.

Martensitic stainless steels are hardened by austenitizing to between 
925 and 1065 °C (1697 and 1949 °F) and oil quenching or air cooling.  
The austenitizing temperature selected depends on the degree of carbide 
solution desired and the necessity to avoid delta ferrite formation by  
over- heating. Higher austenitizing temperatures result in greater carbide 
dissolution and better corrosion resistance and strength (Ref 23.48). The 
thermal conductivity of the chromium- containing martensitic stainless 
steels is considerably lower than that of carbon steels, and therefore, pre-
heating of parts with complex shapes or section changes between 760 and 
790 °C (1400 and 1454 °F) may be desirable to equalize temperature and 
thereby minimize distortion or cracking on heating to the final austenitiz-
ing temperature.

Figure 23.25 shows the martensitic structure of hardened type 403 mar-
tensitic stainless steel. The microstructure consists entirely of lath mar-
tensite. Alloys with higher chromium and carbon contents, such as the 
type 440 stainless steels, may contain significant volume fractions of alloy 
carbides and retained austenite after hardening. The mechanical property 
changes produced by tempering an oil- quenched type 410 martensitic 
stainless steel are shown in Fig. 23.26 (Ref 23.34). As- quenched hardness 
and strength are maintained well after tempering up to 450 °C (842 °F) 
and then drop rapidly. Higher austenitizing temperatures dissolve more 
chromium, and therefore, the secondary hardening peak is sharpened in 
the specimens austenitized at 1010 °C (1850 °F). Temper embrittlement 

Fig. 23.25  Lath martensite microstructure of hardened type 403 stainless 
steel. 4% picral-HCl etch. Light micrograph. Courtesy of G. 
Vander Voort, Carpenter Technology Corp., Reading, PA

100 µm
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develops during tempering between 425 and 565 °C (797 and 1049 °F) 
(Ref 23.34), as shown by the minimum in Izod impact toughness, and 
tempering in this temperature range should be avoided for impact- sensitive 
applications.

Precipitation- Hardening Stainless Steels

Precipitation- hardening stainless steels have been developed to provide 
high strength and toughness while maintaining the corrosion resistance of 
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stainless steels. This alloy category was necessitated by limits to strength-
ening austenitic and ferritic stainless steels by solid solution and strain 
hardening and the limited ductility and toughness of the carbon- strengthened 
martensite of high- hardness martensitic stainless steels. Strengthening in 
precipitation- hardening stainless steels is accomplished by the precipita-
tion of intermetallic compounds such as Ni3Al in austenitic or ductile low- 
carbon martensitic matrices.

The alloying elements in precipitation- hardening stainless steels may 
be balanced to produce martensitic structures at room temperature, 
metastable austenite that can be converted readily to martensite, or com-
pletely stable austenite. Thus, alloy design makes possible three classes of 
precipitation- hardening stainless steels: martensitic, semiaustenitic, and 
austenitic. The aging or precipitation- hardening treatments applied to all 
classes are similar and are accomplished at relatively low temperatures, 
approximately 500 °C (930 °F) for the martensitic and semiaustenitic grades 
and approximately 700 °C (1290 °F) for the austenitic grades. Table 23.7 
lists representative precipitation- hardening stainless steels in each of the 
three classes. The steels are given the AISI type 600 category but are most 
commonly referred to by their trade names. Many more grades of 
precipitation- hardening stainless steels and specific processing informa-
tion are presented in other references (Ref 23.34, 23.48, 23.49).

Martensitic precipitation- hardening stainless steels were first developed 
by Smith, Wyche, and Gore (Ref 23.50) and tend to be characterized by 
low carbon, low nickel, and stabilizing additions that further lower carbon 
in solution. Thus, the austenite has relatively low stability and transforms 
to low- carbon martensite at room temperature. This martensite is then 
strengthened by lower- temperature aging, which forms fine precipitates of 
nickel- containing intermetallic compounds such as Ni3Al. Figure 23.27 
shows the solution- treated and aged microstructure of PH 13- 8 Mo steel. 
The precipitation cannot be resolved, but the tempering of the lath mar-
tensite, which proceeds concurrently with the precipitation reaction, is 
apparent.

Table 23.7 Compositions of selected precipitation-hardening stainless steels

AISI type No. Trade name/producer

Nominal composition, %

C Cr Ni Mo Cu Al Ti Other

Martensitic grades

635 Stainless W (U.S. Steel) 0.06 16.75  6.25 … … 0.2 0.8 …
630 17.4 PH (Armco Steel) 0.04 16.0  4.2 … 3.4 … … 0.25Nb
… PH 13-8 Mo (Armco Steel) 0.04 12.7  8.2 2.2 … 1.1 … …

Semiaustenitic grades

631 17.7 PH (Armco Steel) 0.07 17.0  7.1 … … 1.2 … …
633 AM 350 (Allegheny Ludlum) 0.05 16.5  4.25 2.75 … … … 0.10N

Austenitic grades

600 A-286 (Allegheny Ludlum) 0.05 14.75 25.25 1.30 … 0.15 2.15 0.30V, 0.005B

Source: Ref 23.34, 23.49
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The semiaustenitic precipitation- hardening stainless steels are alloyed 
to have low austenite stabilities that can be further modified by condition-
ing or solution treatments. Often some delta ferrite is a component of the 
microstructure. Figure 23.28 shows Ms as a function of austenitizing tem-
perature for several precipitation- hardening steels (Ref 23.51). At high 
austenitizing temperatures, all elements are in solution, Ms temperatures 
are well below room temperature, and the microstructure is largely austen-
itic at room temperature. In this condition, the semiaustenitic precipitation- 
hardening stainless steels can be readily formed by cold work. At low 
austenitizing temperatures, alloy carbides precipitate, the austenite stabil-
ity is lowered, and the Ms increases. As a result, the austenite transforms 
to martensite on cooling to room temperature. Another approach to pro-
ducing a martensitic microstructure for aging is to refrigerate parts below 
room temperature.

Figure 23.29 shows the microstructure of a17- 7 PH steel in several heat 
treated conditions after solution treatment at 980 °C (1796 °F). The tilt- 
ing surface relief formed by martensite plates formed by refrigeration at  
–73 °C (–100 °F) is shown in Fig. 23.29(a). The specimen surface was 
polished flat prior to refrigeration, and at that point the microstructure 
consisted of austenite and delta ferrite. Figure 23.29(b) shows the micro-
structure after aging at 480 °C (896 °F) for 5.75 h to 43 HRC. The inter-
faces of the delta ferrite and the matrix etch heavily because of carbide 
precipitation. Some of the martensite reverts to austenite during aging, but 
this phenomenon and the strengthening precipitates are not resolvable in 
the light microscope.

Fig. 23.27  Solution-treated and aged microstructure of martensitic precipi-
tation-hardening stainless steel PH 13-8 Mo. Etched in Fry’s re-

agent. Light micrograph. Courtesy of G. Vander Voort, Carpenter Technology Corp., 
Reading, PA

10 µm
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Fig. 23.28  Martensite start (Ms) temperatures as a function of austenitizing 
temperature for several precipitation-hardening stainless steels. 
Data from references listed in Ref 23.51. Source: Ref 23.51

Fig. 23.29  Microstructure of 17-7 PH. (a) Surface tilting caused by martensite formation on refrigeration to –73 °C 
(–100 °F). (b) Refrigerated and aged at 480 °C (896 °F). Electropolished and etched in chromeacetic 
acid electrolyte. Light micrographs. Source: Ref 23.51

20 µm(a) 10 µm(b)
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The austenitic grades of precipitation- hardening stainless steels are 
heavily alloyed to completely stabilize austenite. For example, A- 286 
contains 15% Cr and 26% Ni in addition to other elements that contribute 
to precipitation reactions. The strengthening precipitate is the ordered fcc 
g ′ phase Ni3(Ti,Al), but secondary precipitates that may form during aging 
include eta (η) or Ni3Ti, alloy carbides such as (Ti,Mo)C, and a boride, 
M3B2 (Ref 23.52, 23.53). Figure 23.30 shows very fine g ′ precipitates in 
JBK- 75, an austenitic precipitation- hardening stainless steel similar to A- 
286 but developed for better weldability (Ref 23.52).

The martensitic and semiaustenitic precipitation- hardening stainless 
steels can be readily heat treated to yield and ultimate strengths exceeding 
1400 MPa (200 ksi) with good ductility. Solution and conditioning treat-
ments, subzero cooling, and aging treatments are alloy specific, and ap-
propriate handbook and producer recommendations for the various alloys 
should be followed. The austenitic precipitation- hardening stainless steels 
do not reach the same high strength levels as the other two classes, but 
they have excellent elevated- temperature performance and are widely 
used in the aerospace industry.

Duplex Stainless Steels

Duplex stainless steels are alloyed and processed to develop micro-
structures consisting of roughly equal amounts of ferrite and austenite. 
Ferrite in austenitic stainless steels has already been discussed as a weld 
metal or casting alloy component that minimizes hot cracking, as a pre-

Fig. 23.30  Fine, disc-shaped g ′ precipitates in an aged austenitic precipita-
tion-hardening stainless steel, JBK-75. Transmission electron mi-
crograph. Source: Ref 23.53

0.1 µm



612 / Steels—Processing, Structure, and Performance, Second Edition

cursor for sigma phase formation in wrought alloys, and as a consequence 
of alloying for semiaustenitic precipitation- hardening stainless steels. Du-
plex stainless steels constitute a new class of materials, because by design 
they have nearly balanced amounts of ferrite and austenite. This micro-
structure and a chemistry that is relatively high in chromium and molyb-
denum produce good corrosion resistance in pitting, crevice, sulfide stress, 
and chloride stress corrosion environments at strength levels approxi-
mately double that of annealed austenitic stainless steels (Ref 23.54).  
As for ferritic stainless steels, improved steelmaking processes such as 
argon- oxygen decarburization have made possible the production of low- 
interstitial- content duplex stainless steels with good ductility and toughness. 
Both wrought and cast grades of duplex stainless steels have been devel-
oped (Ref 23.54).

Table 23.8 lists some selected examples of duplex stainless steels. A 
much more extensive listing is given by Solomon and Devine (Ref 23.55). 
Compositions of duplex stainless steels range from 17 to 30% Cr and 3 to 
13% Ni, with typically chromium on the high side and nickel on the low 
side of the ranges to ensure adequate ferrite stability. Molybdenum, a fer-
rite stabilizer, is also typically present.

Thermomechanical processing of wrought duplex stainless steels is ac-
complished in the two- phase ferrite- austenite fields shown in the vertical 
sections of Fig. 23.5. Because the boundaries of the ferrite- austenite fields 
shift with temperature, the amounts of ferrite and austenite formed during 
hot working or annealing are a function of temperature. Higher tempera-
tures produce larger amounts of ferrite. Therefore, hot working tempera-
tures must be controlled, usually between 1000 and 1200 °C (1832 and 
2192 °F), to maintain the desired balance of ferrite and austenite.

Figure 23.31 shows the microstructure of a 7- Mo PLUS (UNS S32950) 
duplex stainless steel (Ref 23.56). In this alloy, the white phase is austen-
ite and the continuous gray matrix phase is ferrite (Ref 23.13). In other 
stainless steels, austenite may be the majority, or matrix, phase. Widman-
stätten or acicular grains of austenite have been observed to form on air 
cooling from temperatures above the austenite solvus (Ref 23.58), and this 
mechanism of transformation may account for the needlelike morphology 
of some of the austenite in Fig. 23.31.

Table 23.8 Compositions of selected duplex stainless steels

Trade name/producer

Nominal composition, %

C Cr Ni Mo Other

AL 2205 (Allegheny Ludlum) 0.02 22.0 5.5 3.0 0.15N
7-Mo PLUS (Carpenter Technology Corp.) 0.02 26.0 4.7 1.4 0.20N
Ferralium 255 (Cabot Corp.) <0.08 25.5 5.5 3.0 >0.1 N, 1.3–1.4Cu
DPI (Sumitomo) <0.03 18.5 4.75 2.75 …
U45 (Creusot-Loire Steels) <0.03 22.0 5.75 3.0 <0.2N

Source: Ref 23.55 to 23.57
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As a result of hot working or annealing of cold- worked shapes, both the 
ferrite and austenite areas of duplex stainless steels are polycrystalline. 
Etching to show the grain structure of the highly alloyed ferrite and aus-
tenite is extremely difficult, and most published light micrographs show 
only the two phases without delineating grain structure. Figure 23.32 
shows the grain structure in cold- rolled and annealed Al 2205 (UNS 
S31803) duplex stainless steel. This micrograph was made by transmis-
sion electron microscopy, and each grain was identified as bcc ferrite (F) 
or fcc austenite (A) by electron diffraction. Some of the austenite grains 
contain annealing twins, and the grain size of both phases is quite fine. 
Both phases have recrystallized with a very low density of dislocations, 
and many of the grain boundaries have established equilibrium triple 
points characterized by 120° dihedral angles. However, some boundaries 
remain highly curved, especially those between ferrite and austenite 
grains, reflecting the more sluggish kinetics of establishing phase equilib-
rium by partitioning of chromium, nickel, and molybdenum between the 
two phases before interfacial energies can be minimized.

The mechanical properties of duplex stainless steels are a function of 
the deformation behavior of ferrite and austenite. Figure 23.33 shows 
stress- strain curves obtained by testing sheet tensile specimens of an Al 
2205 duplex stainless steel (Ref 23.57). As test temperature decreases, 
yield and ultimate strengths increase significantly, but ductility remains 
almost the same. This behavior reflects the strength and strong tempera-
ture dependence of the flow strength of bcc ferrite, that is, very sharp in-
creases in flow stress with decreasing temperature below room temperature 
(Ref 23.37), which would normally be accompanied by sharp decreases in 

Fig. 23.31  Microstructure of duplex stainless steel 7-Mo PLUS (UNS 
S32950). Gray phase is ferrite and white phase is austenite.

Etched electrolytically in 20% NaOH. Light micrograph. Courtesy of G. Vander 
Voort, Carpenter Technology Corp., Reading, PA

20 µm
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Fig. 23.33  Stress-strain curves for duplex stainless steel Al 2205 (UNS 
S31803) as a function of temperature. Source: Ref 23.57

Fig. 23.32  Ferrite (F) and austenite (A) grains in duplex stainless steel Al 
2205 (UNS S31803). Transmission electron micrograph. Cour-
tesy of S.W. Thompson, Colorado School of Mines, Golden, CO

1 µm
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ductility. However, the fcc austenite compensates for the lower ductility 
of the ferrite, in part by providing increased rates of strain hardening by 
strain- induced transformation of austenite to martensite (Ref 23.57).

The highly alloyed duplex stainless steels, similar to austenitic and fer-
ritic stainless steels, are subject to the deleterious effects of phases other 
than ferrite and austenite on corrosion resistance, ductility, and toughness 
(Ref 23.54–23.56). The ferrite phase is susceptible to 475 °C (885 °F) 
embrittlement and sigma phase formation at temperatures between 600 
and 950 °C (1112 and 1742 °F), and chromium carbides may form be-
tween 560 and 1050 °C (1040 and 1922 °F) (Ref 23.56). As a result, rapid 
cooling through critical temperature ranges may be required during pro-
cessing and fabrication, and upper temperature limits for service must be 
recognized.

Superduplex stainless steels, containing 0.2 to 0.3% N for increased 
pitting resistance, have been developed. The latter steels are described, 
and an excellent review of duplex stainless steel technology is given in 
Ref 23.59.

Summary

This chapter has described the alloying, microstructure, and thermome-
chanical processing of the major types of stainless steels. These alloys 
meet many critical needs for materials that require excellent corrosion 
resistance and structural integrity. An extensive stainless steel literature 
exists, and good handbooks are available (Ref 23.2, 23.10, 23.11, 23.60). 
A dynamic search continues for improved processing and grades with bet-
ter corrosion resistance, strength, high- temperature performance, form-
ability, and toughness. The success of stainless steel application and 
development depends in large part on understanding the complex phase 
relationships in these highly alloyed materials. This understanding should 
result in the application of process controls and the selection of steels for 
service conditions that exploit beneficial microstructures and limit the for-
mation of damaging phases.
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CHAPTER 24

Tool Steels

TOOL STEELS are the steels used to form and machine other materials 
and therefore are designed to have high hardness and durability under se-
vere service conditions. Tool steel heat treatment is similar to that of the 
hardenable low- alloy steels discussed earlier; that is, final properties are 
produced by austenitizing, martensite formation, and tempering. However, 
most tool steels are highly alloyed, and special precautions must be taken 
throughout processing to achieve the proper balance of alloy carbides in a 
matrix of tempered martensite for a given tool application. This chapter 
describes the alloy and process design of the various classes of tool steel 
and the microstructures produced during tool steel heat treatment.

Introduction

Tool steels are a very large group of complex alloys that have evolved 
for many diverse hot and cold forming applications. Their industrial im-
portance and complexity have led to considerable text and handbook lit-
erature about their development, processing, and application (Ref 24.1– 
24.10). Details of processing, such as recommended cooling rates and heat 
treatment times and temperatures for specific steels, are found not only in 
the literature but also in detailed information distributed by major manu-
facturers of tool steels. The purpose of this chapter is to develop the prin-
ciples of tool steel alloy design and to describe the role that heat treatment 
plays in the evolution of tool steel microstructure and properties.

Classification of Tool Steels

The various types of tool steels are categorized into a number of classes, 
each of which, according to essentially identical classification systems 
 adopted by the American Iron and Steel Institute (AISI) and the Society  
of Automotive Engineers (SAE), is identified by a letter representing a 
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unique characteristic, chemistry, or use of that class of steels. Table 24.1 
lists nominal chemistries and the various classes of tool steels (Ref 24.11). 
The listed tool steel designations are used throughout the balance of this 
chapter, and a brief summary of the major features of each class follows.

The water- hardening tool steels, AISI type W, have the lowest alloy 
content and therefore the lowest hardenability of any of the tool steels. As 
a result, the W tool steels frequently require water quenching, and heavy 
sections harden only to shallow depths. Thin sections can be hardened by 
oil quenching to minimize quench cracking and distortion.

The shock- resistant tool steels, AISI type S, have lower carbon content 
and somewhat higher alloy content than the W steels. The medium carbon 
content improves toughness and makes the type S steels good for applica-
tions with shock and impact loading.

Tool steels for cold work include three classes of steels: AISI types O, 
A, and D. All classes have high carbon content for high hardness and high 
wear resistance in cold work applications, but differ in alloy content, 
which affects hardenability and the carbide distributions incorporated into 
the hardened microstructures. The relatively low- alloyed oil- hardening 
grades, O, are oil quenched, but the high- alloyed A and D grades are hard-
enable by air cooling and therefore are less susceptible to distortion and 
cracking during hardening. The high chromium and molybdenum con-
tents of the A and D tool steels also contribute to high carbide particle 
contents and excellent wear resistance. The low- alloy special- purpose tool 
steels, type L, by virtue of their somewhat lower carbon content, have 
higher toughness than do the O grades.

Tool steels used for dies to mold plastics, AISI type P, are exposed to 
less severe wear than metal- working steel and therefore have low carbon 
content. A key requirement is good polishability and excellent surface fin-
ish. Type 420 martensitic stainless steel is also used for plastic molds when 
corrosion may be a factor limiting performance of lower- alloyed P steels.

Hot work tool steels, AISI type H, fall into groups that have either chro-
mium, tungsten, or molybdenum as the major alloying element. The H 
steels are used for hot forging, extrusion, and metal die- casting dies. The 
medium carbon content and relatively high alloy content make the H 
steels air hardenable and resistant to impact and softening during repeated 
exposure to hot working operations.

The high- speed tool steels are very highly alloyed, with tungsten and 
molybdenum as the major alloying elements in the T and M grades, re-
spectively. The tungsten, molybdenum, chromium, and vanadium in these 
steels produce very high densities of stable carbides. As a result, the high- 
speed tool steels are capable of retaining hardness at temperatures as high 
as 600 °C (1112 °F) and are widely used for high- speed cutting and ma-
chining applications.

Maraging steels are also listed in Table 24.1 and are sometimes selected 
for tool and die applications. The maraging steels develop high strength 
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Table 24.1 Classification and approximate compositions of principal types of tool 
steels

AISI UNS

Identifying elements, %

C Mn Si Cr V W Mo Co Ni

Water-hardening tool steels

W1 T72301 0.60–1.40(a)  … … … … … … … …
W2 T72302 0.60–1.40(a) … … … 0.25 … … … …
W5 T72305 1.10 … … 0.50 … … … … …

Shock-resisting tool steels

S1 T41901 0.50 … … 1.50 … 2.50 … … …
S2 T41902 0.50 … 1.00 … … … 0.50 … …
S5 T41905 0.55 0.80 2.00 … … … 0.40 … …
S6 T41906 0.45 1.40 2.25 1.50 … … 0.40 … …
S7 T41907 0.50 … … 3.25 … … 1.40 … …

Oil-hardening cold work tool steels

O1 T31501 0.90 1.00 … 0.50 … 0.50 … … …
O2 T31502 0.90 1.60 … … … … … … …
O6(b) T31506 1.45 0.80 1.00 … … … 0.25 … …
O7 T31507 1.20 … … 0.75 … 1.75 … … …

Air-hardening medium-alloy cold work tool steels

A2 T30102 1.00 … … 5.00 … … 1.00 … …
A3 T30103 1.25 … … 5.00 1.00 … 1.00 … …
A4 T30104 1.00 2.00 … 1.00 … … 1.00 … …
A6 T30106 0.70 2.00 … 1.00 … … 1.25 … …
A7 T30107 2.25 … … 5.25 4.75 1.00(c) 1.00 … …
A8 T30108 0.55 … … 5.00 … 1.25 1.25 … …
A9 T30109 0.50 … … 5.00 1.00 … 1.40 … 1.50
A10(b) T30110 1.35 1.80 1.25 … … … 1.50 … 1.80

High-carbon high-chromium cold work steels

D2 T30402 1.50 … … 12.00 1.00 … 1.00 … …
D3 T30403 2.25 … … 12.00 … … … … …
D4 T30404 2.25 … … 12.00 … … 1.00 … …
D5 T30405 1.50 … … 12.00 … … 1.00 3.00 …
D7 T30407 2.35 … … 12.00 4.00 … 1.00 … …

Low-alloy special-purpose tool steels

L2 T61202 0.50–1.10(a) … … 1.00 0.20 … … … …
L6 T61206 0.70 … … 0.75 … … 0.25(c) … 1.50

Mold steels

P2 T51602 0.07 … … 2.00 … … 0.20 … 0.50
P3 T51603 0.10 … … 0.60 … … … … 1.25
P4 T51604 0.07 … … 5.00 … … 0.75 … . . .
P5 T51605 0.10 … … 2.25 … … … … . . .
P6 T51606 0.10 … … 1.50 … … … … 3.50
P20 T51620 0.35 … … 1.70 … … 0.40 … . . .
P21 T51621 0.20 1.20(Al) … … … … … … 4.00

Chromium hot work tool steels

H10 T20810 0.40 … … 3.25 0.40 … 2.50 … …
H11 T20811 0.35 … … 5.00 0.40 … 1.50 … …
H12 T20812 0.35 … … 5.00 0.40 1.50 1.50 … …
H13 T20813 0.35 … … 5.00 1.00 … 1.50 … …
H14 T20814 0.40 … … 5.00 … 5.00 … … …
H19 T20819 0.40 … … 4.25 2.00 4.25 … 4.25 …

Tungsten hot work tool steels

H21 T20821 0.35 … …  3.50 …  9.00 … … …
H22 T20822 0.35 … …  2.00 … 11.00 … … …
H23 T20823 0.30 … … 12.00 … 12.00 … … …
H24 T20824 0.45 … …  3.00 … 15.00 … … …
H25 T20825 0.25 … …  4.00 … 15.00 … … …
H26 T20826 0.50 … …  4.00 1.00 18.00 … … …

(continued)

(a) Other carbon contents may be available. (b) Contains free graphite in the microstructure to improve machinability. (c) Optional. 
Source: Ref 24.11
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and hardness by quite different mechanisms (Ref 24.12, 24.13) than steels 
dependent on carbon content for strength. Despite low carbon content, the 
high cobalt and nickel content of the maraging steels ensures that martens-
ite forms on air cooling. The low- carbon, low- strength martensite is then 
hardened by fine- scale precipitation of intermetallic compounds, such as 
Ni3Mo, by aging at approximately 480 °C (896 °F). Excellent combina-
tions of high strength and toughness are associated with the aged low- 
carbon martensitic microstructures, and the maraging steels are used for 

Table 24.1 (continued)

AISI UNS

Identifying elements, %

C Mn Si Cr V W Mo Co Ni

Molybdenum hot work tool steels

H42 T20842 0.60 … … 4.00     2.00 6.00 5.00 … …

Proprietary hot work tool steels

6G … 0.55 0.80 0.25 1.00 0.10 … 0.45 … …
6F2 … 0.55 0.75 0.25 1.00 … … 0.30 … 1.00
6F3 … 0.55 0.60 0.85 1.00 0.10 … 0.75 … 1.80

Tungsten high-speed tool steels

T1 T12001 0.75(a) … … 4.00 1.00 18.00 … … …
T2 T12002 0.80 … … 4.00 2.00 18.00 … … …
T2 T12004 0.75 … … 4.00 1.00 18.00 …  5.00 …
T5 T12005 0.80 … … 4.00 2.00 18.00 …  8.00 …
T6 T12006 0.80 … … 4.50 1.50 20.00 … 12.00 …
T8 T12008 0.75 … … 4.00 2.00 14.00 …  5.00 …
T15 T12015 1.50 … … 4.00 5.00 12.00 …  5.00 …

Molybdenum high-speed tool steels

M1 T11301 0.80(a) … … 4.00 1.00 1.50 8.00 … …
M2 T11302 0.85–1.00(a) … … 4.00 2.00 6.00 5.00 … …
M3 Class 1 T11313 1.05 … … 4.00 2.40 6.00 5.00 … …
M3 Class 2 T11323 1.20 … … 4.00 3.00 6.00 5.00 … …
M4 T11304 1.30 … … 4.00 4.00 5.50 4.50 … …
M6 T11306 0.80 … … 4.00 2.00 4.00 5.00 12.00 …
M7 T11307 1.00 … … 4.00 2.00 1.75 8.75 … …
M10 T11310 0.85–1.00(a) … … 4.00 2.00 … 8.00 … …
M30 T11330 0.80 … … 4.00 1.25 2.00 8.00 5.00 …
M33 T11333 0.90 … … 4.00 1.15 1.50 9.50 8.00 …
M34 T11334 0.90 … … 4.00 2.00 2.00 8.00 8.00 …
M36 T11336 0.80 … … 4.00 2.00 6.00 5.00 8.00 …

Ultrahard high-speed tool steels

M41 T11341 1.10 … … 4.25 2.00 6.75 3.75  5.00 …
M42 T11342 1.10 … … 3.75 1.15 1.50 9.50  8.00 …
M43 T11343 1.20 … … 3.75 1.60 2.75 8.00  8.25 …
M44 T11344 1.15 … … 4.25 2.00 5.25 6.25 12.00 …
M46 T11346 1.25 … … 4.00 3.20 2.00 8.25  8.25 …
M47 T11347 1.10 … … 3.75 1.25 1.50 9.50  5.00 …

Maraging steels

Identifying elements, %

Type C Mn Si Al Ti Mo Co Ni

Grade 90 0.03 max 0.10 max 0.12 max 0.10 0.30 3.25 8.50 18.00
Grade 110 0.03 max 0.10 max 0.12 max 0.10 0.50 4.85 7.75 18.00
Grade 125 0.03 max 0.10 max 0.12 max 0.10 0.70 5.00 9.00 18.00

(a) Other carbon contents may be available. (b) Contains free graphite in the microstructure to improve machinability. (c) Optional. 
Source: Ref 24.11
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many structural applications, including tools and dies, which require ul-
trahigh strength and toughness. Brandis and Haberling (Ref 24.9) describe 
maraging steels for hot work and plastic mold applications, and new 
grades of maraging steels, free of cobalt, are currently under active devel-
opment (Ref 24.13).

Tool Steel Alloy Design

Tool steel alloy design is in large part based on alloying steel with 
strong carbide- forming transition elements such as chromium, molybde-
num, tungsten, and vanadium. These elements partition between carbides 
and the austenitic matrix during solidification, hot work, annealing, and 
austenitizing for hardening. During hardening, the alloy carbides formed 
in austenite are retained, and the austenite matrix transforms to martensite. 
Further alloy- element partitioning occurs during tempering as retained 
austenite transforms and fine alloy carbides precipitate in tempered mar-
tensite. Strengthening and wear resistance are provided by all elements of 
the microstructure: the retained carbides, the tempered martensite, and the 
carbides formed on tempering.

Table 24.2 shows the carbides formed by the transition elements in the 
various groups of the periodic table (Ref 24.14). The transition metal car-
bides have very high hardness, high melting points, and unique electrical 
properties and are often used in pure form (Ref 24.14). Tungsten carbide 
(WC) is the major component of cemented carbide cutting tools, and tran-
sition metal carbide and nitride coatings (as discussed in Chapter 22, 
“Surface Modification,” in this book) are increasingly being used to im-
prove wear resistance of tool steels.

Table 24.2 Transition metal carbides

Carbide formation is fairly common among the transition elements, except for the second and 
third rows of group VIII(a)

(a)  indicates no carbide formation for this element. Source: Ref 24.14
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In steels, the transition metal carbide crystal structures incorporate iron 
atoms as well as several major carbide- forming elements, and therefore, 
the letter “M” is used to designate the total metal atom component of a 
carbide. Table 24.3 lists the types of carbides, crystal lattice, and some 
characteristics of each of the various carbides found in tool steels (Ref 
24.3). The crystal structures of the carbides are described in detail by Jack 
and Jack (Ref 24.15).

The wear resistance of tool steels increases with increasing carbide vol-
ume fraction and carbide hardness. Figures 24.1 and 24.2 are two graphi-
cal comparisons of the hardness of various alloy carbides relative to the 
hardness of martensite and cementite, Fe3C, the carbide typically found in 
plain carbon and low- alloy carbon steels. As shown, the transition metal 
carbides attain very high hardness and thus contribute significant wear 
resistance to tool steels, which are alloyed to contain large volume frac-
tions of carbides. For example, high- speed tool steels may contain as 
much as 30 vol% of carbides consisting of a mixture of MC, M23C6, and 
M6C (Ref 24.1).

The amount and type of carbides in a tool steel depend on carbon con-
tent, alloy content, and temperature. Isothermal and vertical sections 
through ternary Fe- X- C systems (where “X” represents a transition metal 
such as chromium) are available to predict the carbide phases that will 
form in a given ternary alloy (Ref 24.2). However, tool steels are more 
complex than ternary alloys, often containing three or four major alloying 
elements, as shown in Table 24.1. In the more complex steels, the carbides 
are identified and their amounts quantified by a variety of experimental 
techniques, including metallography, selective etching, x- ray diffraction 
and chemical analysis of extracted carbide residues, electron microprobe 
analysis, and scanning transmission electron microscopy. Another ap-
proach to characterizing the phases in tool steels is based on computing 
techniques that use thermodynamic functions to predict both carbide and 
matrix chemistry in complex systems (Ref 24.17–24.23). A discussion of 

Table 24.3  Characteristics of alloy carbides found in tool steels

Type of 

carbide Lattice type Remarks

M3C Orthorhombic This is a carbide of the cementite (Fe3C) type. “M” may be Fe, Mn, Cr with a 
little W, Mo, V.

M7C3 Hexagonal Mostly found in Cr alloy steels. Resistant to dissolution at higher temperatures. 
Hard and abrasion resistant. Found as a product of tempering high-speed 
steels

M23C6 Face-centered cubic Present in high-Cr steels and all high-speed steels. The Cr can be replaced with 
Fe to yield carbides with W and Mo.

M6C Face-centered cubic Is a W- or Mo-rich carbide. May contain moderate amounts of Cr, V, Co. 
Present in all high-speed steels. Extremely abrasion resistant

M2C Hexagonal W- or Mo-rich carbide of the W2C type. Appears after temper. Can dissolve a 
considerable amount of Cr

MC Face-centered cubic V-rich carbide. Resists dissolution. Small amount that does dissolve 
reprecipitates on secondary hardening

Source: Ref 24.3
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the thermodynamic calculations is outside the scope of this chapter, but the 
selected references show the growing use of these methods. The calcula-
tions are coupled to experimental determination of thermodynamic param-
eters and experimental verification of the phases and their compositions.

Examples of isothermal and vertical sections of portions of the Fe- Cr- C 
system are shown in Fig. 24.3 and 24.4 (Ref 24.24, 24.25). Compositions 
of some typical tool steels are plotted on the diagrams, and although the 
compositions are understated with respect to vanadium and molybdenum 
contents, it is instructive to relate the alloy compositions to the phase re-
lationships demonstrated in the diagrams. The isothermal section shows 

Fig. 24.1  Hardness comparisons of alloy carbides, cementite, and a carbon 
steel matrix. Source: Ref 24.3

Fig. 24.2  Relative hardness of alloy carbides, cementite, and martensite in 
high-speed steels. Source: Ref 24.16
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the various carbides that coexist with austenite at 870 °C (1598 °F). As 
chromium content increases, the carbide chemistry and crystal structure 
changes from M3C to M7C3 to M23C6 to accommodate increasing amounts 
of chromium atoms. The H-13, A-2, and D-2 tool steels all contain M7C3 

carbides in equilibrium with austenite at 870 °C (1598 °F), and as the 

Fig. 24.4  Vertical sections for (a) 5% Cr and (b) 13% Cr. Vertical dashed 
lines represent alloys based only on chromium and carbon con-

tents. A, F, and L designate austenite, ferrite, and liquid, respectively. Source: Ref 
24.25, 24.26

Fig. 24.3  Isothermal section of iron-rich corner of the Fe-Cr-C system at  
870 °C (1598 °F). Compositions of alloys indicated are based only 

on chromium and carbon contents, but the alloys contain other elements that 
may introduce other phases. Source: Ref 24.24, 24.26
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carbon content of the steels increases from that of H-13 (0.4% C) to D-2 
(1.50% C), the amount of M7C3 carbide increases.

The vertical sections (Fig. 24.4) are for Fe- Cr- C alloys containing 5 and 
13 wt% Cr. Compositions of the coexisting phases usually lie outside the 
vertical section, but the sections show temperature ranges over which the 
various carbides coexist with austenite and ferrite. The latter information 
is useful in designing hot work schedules and heat treatments for anneal-
ing and hardening.

Primary Processing of Tool Steels

Figures 24.5 and 24.6 show schematically the thermomechanical pro-
cessing and final heat treatment schedules applied to tool steels (Ref 
24.26). Processing starts with melting and solidification. Tool steels are 
melted in electric arc or induction furnaces from carefully selected scrap 
and alloying additions, and for special high- quality grades, previously 
cast ingots may be subjected to consumable electrode vacuum or electro-
slag remelting and solidification (Ref 24.1–24.3, 24.6). Ingot size is gen-
erally kept small to reduce dendrite arm spacing and segregation during 
cooling. New processing techniques such as atomization of tool speed 
melts into fine powders and subsequent compaction are also being applied 
to provide highly homogeneous microstructures (Ref 24.3, 24.6).

The high alloy content of multicomponent tool steels results in signifi-
cant segregation and primary alloy carbide formation during solidifica-
tion. The high- speed tool steels, by virtue of their very high alloy content, 
have the most complex solidification sequence (Ref 24.6, 24.16, 24.27). 

Fig. 24.5  Schematic diagram of tool steel processing up to the final harden-
ing heat treatment. Source: Ref 24.26
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Figures 24.7 and 24.8 show some of the microstructural features devel-
oped during solidification of an M2 high- speed steel. Solidification begins 
with the formation of primary dendrites of delta ferrite. Such a dendrite is 
shown in the center of Fig. 24.7, an x- ray microradiograph taken from a 

Fig. 24.6  Schematic diagram of tool steel hardening heat treatment steps. 
Source: Ref 24.26

Fig. 24.7  Primary dendrite with axis normal to the plane of polish in an M2 
high-speed steel. Microradiograph. Dark areas are due to expo-

sure of x-ray film by transmitted radiation, and white areas are structures of higher 
absorption. Courtesy of R.H. Barkalow and R.W. Kraft, Lehigh University, Bethle-
hem, PA. Source: Ref 24.27

50 µm
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thin specimen of the M2 steel. The micrograph is produced by exposure of 
an x- ray film to the transmitted x- ray radiation, and the light areas repre-
sent structure where alloying elements with high absorption coefficients 
are concentrated. The delta ferrite later transforms by a eutectoid reaction 
to an austenite- carbide aggregate. Following the formation of the primary 
ferrite crystals, a peritectic- type reaction causes some liquid to combine 
with the ferrite to form a rim of austenite around the dendrite arms. The 
remaining liquid is enriched in carbide- forming elements, and final solidi-
fication occurs by complex eutectic solidification, which produces several 
morphologies of carbides and austenite. Figure 24.8 shows examples of 
feathery (austenite plus M6C and MC), herringbone (austenite plus M6), 
and blocky (austenite plus MC) eutectic morphologies in M2 high- speed 
steel (Ref 24.27). Boccalini and Goldenstein (Ref 24.28) have written a 
comprehensive review of solidification in high- speed steels.

Following ingot solidification, tool steels are soaked at high tempera-
tures and hot worked by forging, extrusion, or rolling in the temperature 
range of austenite or austenite- carbide stability. Roberts (Ref 24.29) has 
reviewed the dynamic recovery and recrystallization phenomena that af-
fect the flow behavior of austenite during hot work of stainless and tool 
steels. Hot working not only reduces section size but also reduces segre-
gation produced during solidification. Also, in high- speed steels, hot work 
breaks up the interconnected carbide structures formed by eutectic solidi-
fication. However, until sufficient homogenization has occurred, the car-
bides spheroidize and align in bands, causing anisotropy in hot ductility. 
The aligned alloy carbides may be sites of void formation and cracking, 
and consequently, highly alloyed tool steels require careful hot work to 
prevent cracking. 

Fig. 24.8  Feathery, herringbone, and MC eutectics in M2 high-speed steel. (a) Light micrograph. KMnO4 etch. 
(b) Microradiograph of same area. Chromium radiation. Courtesy of R.H. Barkalow and R.W. Kraft, 
Lehigh University, Bethlehem, PA. Source: Ref 24.27

50 µm 50 µm(a) (b)
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Annealing of Tool Steels

Following hot work to bar or plate, tool steels are machined into tools 
and dies of required shape. Annealing (Fig. 24.5) is required to put the hot 
work microstructures into a condition suitable for machining and subse-
quent hardening.

The objective of tool steel annealing treatments is to produce a micro-
structure consisting of uniformly dispersed spheroidized carbides in a ma-
trix of ferrite. Such a microstructure has low hardness, which renders it 
machinable and reduces wear on cutting tools. Annealing also refines 
coarse- grained structures that may have formed during high- temperature 
hot work, eliminates hard martensite or pearlite microstructure that may 
have formed during cooling after hot work, and homogenizes the effects 
of nonuniform deformation that may have developed during hot work of 
complex or heavy sections.

Figure 24.9 shows the annealed microstructure of type D2 tool steel. 
The high alloy content of D2 causes two distributions of carbide particles 
to develop. The coarse particles are primary M7C3 carbides, which form 
during melting and are dispersed during hot work. The finer spheroidized 
particles are a result of secondary low- temperature precipitation or phase 
transformations. Tool steels with lower alloy content than D2 would have 
only the finer spheroidized carbides and lower carbide densities.

Annealing is accomplished by heating just to the temperature where all 
ferrite transforms to austenite. Carbide particles are retained and spheroidized, 
and the austenite transforms to ferrite and additional spheroidized car-
bides on cooling. If tool steels are annealed at too high a temperature, the 

Fig. 24.9  Annealed microstructure of D2 tool steel. Light micrograph. Cour-
tesy of J.R.T. Branco, Colorado School of Mines

10 µm
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alloy carbides dissolve and the enriched austenite may form carbides on 
austenitic grain boundaries or transform to pearlite or martensite on cool-
ing, producing too hard a microstructure for good machinability. Similarly, 
the high hardenability of tool steels makes slow cooling from annealing 
temperatures essential to ensure that the austenite transforms to ductile 
ferrite- spheroidized carbide microstructures instead of pearlite or mar- 
tensite.

Stress Relief of Tool Steels

Residual stresses may be introduced into tool steels by plastic deforma-
tion, which accompanies metal removal during machining operations. The 
residual stresses may cause distortion during heating and hardening and 
therefore must be removed by a low- temperature, subcritical heat treat-
ment (Fig. 24.5). Stress relief is typically performed at 650 °C (1202 °F), 
where ferrite and carbides are stable. The carbides are largely unaffected 
by stress relief, but high dislocation densities in ferrite strained by ma-
chining are reduced by recovery or eliminated by recrystallization of the 
ferrite. Heavy sections should be very slowly cooled from 650 °C (1202 °F) 
to at least 300 °C (572 °F) after stress relief, according to Thelning (Ref 
24.7). This precaution reduces temperature gradients between the surface 
and centers of heavy sections and thereby avoids the development of new 
residual stresses.

Hardening of Tool Steels

The final processing of tool steels consists of heat treating to produce 
the required hardness and other properties for a given steel and applica-
tions. Figure 24.6 shows that final hardening consists of a number of steps, 
including preheating, austenitizing, cooling or quenching, and tempering. 
The goal of this processing sequence most often is to produce a micro-
structure of tempered martensite. Sometimes, martempering to equalize 
temperature prior to martensite formation, or austempering to a micro-
structure of lower bainite, is performed by holding at temperatures above 
Ms (see Chapter 20, “Residual Stresses, Distortion, and Heat Treatment” 
in this book).

Preheating and Austenitizing

Highly alloyed tool steels, because of their high hardness and complex 
microstructures even in the annealed and stress- relieved state, are suscep-
tible to distortion and cracking on heating if temperature gradients de-
velop through a cross section. Such gradients cause expansion because of 
heating and contraction and because of austenite formation occurring in 
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different locations of a part. The resulting gradients in volume create 
stresses that sometimes are high enough to cause cracking, especially in 
tool steels with low ductility and low resistance to fracture. For these rea-
sons, preheating is applied to alloy tool steels to establish thermal equilib-
rium prior to heating to the final austenitizing temperature (Ref 24.3, 24.7).

Austenitizing is a very critical step in the hardening of a tool steel. It is 
in this step where the final alloy element partitioning between the austen-
itic matrix (which will transform to martensite) and the retained carbides 
occurs. This partitioning fixes the chemistry, volume fraction, and disper-
sion of the retained carbides. The retained alloy carbides not only contrib-
ute to wear resistance but also control austenitic grain size. The finer the 
carbides and the larger the volume fraction of carbides, the more effec-
tively austenitic grain growth is controlled. Thus, if austenitizing is per-
formed at too high a temperature, undesirable grain growth may occur as 
the alloy carbides increasingly coarsen or dissolve into the austenite. A 
special case of grain coarsening is associated with rehardening high- speed 
tool steel. Kula and Cohen (Ref 24.30) showed that the discontinuous 
growth that leads to coarse- grained intergranular fracture or “fish- scale” 
fracture was due to this dissolution of fine carbides formed from martens-
itic or bainitic microstructures during a second austenitizing. The discon-
tinuous coarsening did not occur in high- speed tool steels with spheroidized 
carbide- ferrite microstructures.

The alloying elements not tied up in retained carbides are in solution in 
the austenite, and thus the carbides provide an important mechanism by 
which austenite composition is fixed. The austenite composition then sets 
the hardenability, Ms temperature, retained austenite content, and second-
ary hardening potential of a tool steel.

Figure 24.10 shows the effect of increasing austenitizing temperature 
on the as- quenched, as- quenched and subzero cooled, and tempered hard-
ness of an A2 tool steel (Ref 24.7). The highest as- quenched hardness is 
produced by austenitizing at 950 °C (1742 °F), the recommended austen-
itizing temperature for A2. In this condition after quenching, the retained 
austenite content is finely dispersed and at a minimum, and therefore, 
subzero cooling has little effect on hardness. With increasing austenitiz-
ing temperature, more alloying elements go into solution, the Ms tem-
perature drops, and more austenite is retained at room temperature. As a 
result, the as- quenched room- temperature hardness decreases, and sub-
zero cooling has a greater effect as more of the large volume fraction of 
retained austenite transforms to martensite on subzero cooling. Figure 
24.10 shows that eventually tempering, by a combination of retained aus-
tenite transformation and secondary hardening, will also raise the hard-
ness of asquenched structures with large amounts of retained austenite. 
Not shown is the deleterious increase in austenite grain size that develops 
as more and more carbides dissolve at the higher austenitizing tempera-
tures (Ref 24.7).
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Hardenability and Martensite Formation

The hardenability of most tool steels is high; therefore, oil quenching or 
air cooling, depending on alloy composition, austenitizing conditions, and 
section size, is sufficient to produce required microstructures and proper-

Fig. 24.10  Influence of austenitizing and tempering temperatures on hard-
ness of A2 tool steel. Source: Ref 24.7
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ties with a minimum of distortion and quench cracking. Medium-  carbon, 
low- alloy steels have been extensively evaluated for hardenability, as dis-
cussed in Chapter 16, “Hardness and Hardenability,” in this book, and 
Jatczak (Ref 24.31) has evaluated the effects of various alloying elements 
on the hardenability of high- carbon steels. An important difference be-
tween medium- carbon hardenable steels and high- carbon tool steels is the 
strong effect of austenitizing and retained carbide content on hardenabil-
ity. For example, high austenitizing temperatures decrease alloy carbide 
content, increase the alloy element content of the matrix austenite, and 
consequently increase hardenability relative to low austenitizing tempera-
tures applied to the same steel. Therefore, the effects of alloying elements 
on hardenability in high- carbon steels may be quite different depending 
on austenitizing conditions (Ref 24.31).

Martensite forms in tool steels when cooling conditions and harden-
ability are sufficient to prevent diffusion- controlled transformation to pro-
eutectoid carbides, pearlite, and bainite. The matrix austenite composition 
determines the morphology of the martensite microstructure (see Chapter 
5, “Martensite,” in this book). Figure 24.11 shows lath martensite formed 
in H-13 steels, and Fig. 24.12 shows plate martensite formed in A-2 steel. 
In both microstructures, retained austenite and retained carbides are pres-
ent, but to a much lesser extent in the H-13 steel than in the A-2 steel. The 
retained austenite is present in thin sheets between the parallel martensite 
laths of the H-13 steel, and as triangular regions between the nonparallel 
plates of the A-2 steel. Although there are many crystallographic variants 
of the martensite laths or plates formed in a given austenite grain, all of 
the austenite retained in a given austenite grain has the same orientation 
despite its quite dispersed appearance within the martensite. The austenite 
retained after quenching may be transformed to martensite by subzero 

Fig. 24.11  Lath martensite formed in H-13 tool steel. (a) Bright-field image. (b) Dark-field image of same area 
illuminating interlath retained austenite. Transmission electron micrographs. Courtesy of J.R.T. 
Branco, Colorado School of Mines

1 µm 1 µm(a) (b)
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cooling, as discussed relative to Fig. 24.10, or more commonly is trans-
formed to carbides and ferrite during high- temperature tempering.

Grain- Boundary Carbide Formation

Tool steels are susceptible to grain- boundary carbide formation during 
relatively slow oil quenching or air cooling for hardening. Figure 24.13 
shows schematically the effects of three cooling rates on the transforma-
tion of a typical tool steel. The high hardenability of tool steels effectively 
suppresses pearlite formation at all cooling rates. Bainite formation is also 
readily suppressed except in heavy sections, which cool slowly. However, 
the formation of small amounts of carbides on austenite grain boundaries 
is difficult to suppress, as shown by the intersection of the two slower 
cooling rates with the carbide initiation curve, Ci. The small amounts of 
carbides do not significantly affect hardness but may lower tool steel frac-
ture resistance, leading to quench cracking, intergranular fracture of over- 
heated tool steels, or reduced performance of hot work die steels such as 
H-13 (Ref 24.32–24.34).

Phosphorus segregates to austenite grain boundaries during austenitiz-
ing for hardening and contributes to fracture problems in high- carbon 
steel. The combination of segregated phosphorus and high carbon content 
leads to cementite grain- boundary allotriomorph formation even during 
oil quenching (Ref 24.35, 24.36), and the phosphorus and carbides lower 
the fracture strength of the prior- austenite grain boundaries (Ref 24.37, 
24.38). As a result, if quenching or service stresses are high enough, fail-
ure by intergranular cracking occurs, especially in steels with coarse aus-
tenitic grain sizes. The susceptibility to grain- boundary cracking is reduced 
by maintaining recommended austenitizing temperatures, which in most 
tool steels of high carbon content are designed to produce fine austenitic 

Fig. 24.12  Retained carbides and plate martensite formed in A2 tool steel. (a) Scanning electron micrograph. 
Courtesy of A. Wahid, Colorado School of Mines, Golden, CO. (b) Transmission electron micro-

graph showing martensite, retained carbides, and retained austenite. Courtesy of J.R.T. Branco, Colorado School of 
Mines

3 µm 0.5 µm(a) (b)
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grain sizes. The latter microstructures, when hardened and tempered at 
low temperatures, fracture by transgranular shear or ductile fracture as-
sociated with microvoid formation around the retained carbide particles 
(Ref 24.38).

Tempering of Tool Steels

Tempering is the final heat treatment step applied to tool steels (Fig. 
24.6). As in the lower- alloy steels discussed in Chapter 17, “Tempering of 
Steel,” in this book, tempering has the important function of improving 
toughness in both low- alloy and tool steels. However, secondary harden-
ing or the precipitation of alloy carbides at high tempering temperatures is 
much more important in tool steels than in low- alloy steels. Also, double 
or even triple tempering steps are applied to tool steels to ensure that 
toughness is improved after microstructural changes are induced by the 
first tempering steps.

Figures 24.14 to 24.16 show examples of hardness as a function of 
tempering temperature for A-2, H-13 (Ref 24.39), and several high- speed 
tool steels (Ref 24.40), respectively. The curves for the A-2 and H-13 are 
based on double tempering and that of the high- speed steels on triple tem-
pering. Each tempering treatment was at least 2 h in duration. The peak 
hardness associated with secondary hardening at approximately 500 °C 
(932 °F) increases with increasing alloy content and depends, as discussed 
earlier, on the balance of retained carbides, retained austenite, and the 
composition of the martensite in the as- quenched condition. In the A-2 

Fig. 24.13  Schematic continuous cooling diagram for a typical tool steel. 
Cooling rates in decreasing order are represented by T1, T2, T3,

and Ci, Pi, and Bi represent the initiation of carbide, pearlite, and bainite forma-
tion, respectively. Source: Ref 24.26
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Fig. 24.14  Hardness and retained austenite as a function of tempering tem-
perature for A-2 tool steel. Source: Ref 24.39

and H-13 steels, higher martensite carbon content offsets the effects of 
increased retained austenite on hardness in the specimens austenitized at 
the higher temperatures.

The formation of alloy carbides during tempering requires the diffusion 
of carbide- forming elements. The atoms of the latter mostly diffuse sub-

Fig. 24.15  Hardness and retained austenite as a function of tempering tem-
perature for H-13 tool steel. Source: Ref 24.39
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stitutionally through the body- centered cubic iron lattice of the tempered 
martensite, a process characterized by low diffusion coefficients. The slug-
gish diffusion makes effective diffusion distances very short, leading to 
very fine, closely spaced alloy- carbide precipitates. The same sluggish 
diffusion retards carbide coarsening during high- temperature service and 
makes tool steels resistant to softening during hot forging, die casting, and 
high- speed cutting operations.

At low tempering temperatures, transition iron carbides and cementite 
(M3C) form, as discussed in Chapter 17, “Tempering of Steel,” in this 
book. At higher tempering temperatures, because of increased diffusivity 
of the alloying elements, alloy carbides precipitate. Honeycombe (Ref 
24.41) has reviewed alloy carbide formation on tempering and shown that 
many of the alloy carbides form as fine discs or needles on preferred crys-
tallographic habit planes within the plates or laths of tempered martensite. 
Figure 24.17 shows fine precipitates formed in a lath of tempered mar-
tensite in H-13 steel tempered at 550 °C (1022 °F).

The crystallography and composition of the alloy carbides that form 
during tempering are very sensitive to the specific alloying elements pres-
ent. In tool steels containing chromium, the sequence of precipitation with 
increasing tempering may be M3C, then M7C3, followed by M23C6 (Ref 
24.42), while in tool steels rich in molybdenum, the sequence may be 
M3C, followed by M2C, followed by M6C (Ref 24.43). Binary carbides, 

Fig. 24.16  Hardness as a function of tempering temperature for various 
high-speed tool steels. Source: Ref 24.40
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that is, those formed between a single element and carbon, coarsen readily 
during tempering or in high- temperature service. Carbides composed of 
multiple alloying elements coarsen at lower rates. Multiple alloying may 
also change the sequence of carbide precipitation just noted. For example, 
M23C6 may form after M2C and prior to M6C in steels with high ratios of 
chromium and molybdenum to carbon (Ref 24.26).

Retained Austenite Transformation and  
Double Tempering in Tool Steels

Retained austenite transforms to ferrite and cementite during temper-
ing. In low- alloy steels, retained austenite transforms to cementite and 
ferrite between 200 and 300 °C (392 and 572 °F) (see Chapter 17, “Tem-
pering of Steel,” in this book). The austenite in highly alloyed tool steels, 
however, is much more stable and does not fully transform until tempera-
tures in excess of 500 °C (932 °F) are attained, as shown in Fig. 24.14 and 
24.15. Figure 24.18 shows interlath carbides that have formed in H-13 
steel tempered at 600 °C (1112 °F). The carbides are rather coarse and 
planar, and similar carbide distributions may be responsible for the drop 
in impact toughness noted in H-13 steels tempered between 475 and 535 °C 
(887 and 995 °F). Double tempering would tend to spheroidize and render 
less harmful interlath carbides formed by the transformation of retained 
austenite. Double tempering is also believed to temper any martensite that 
may have formed by transformation of retained austenite to martensite 
during cooling after the first tempering treatment.

Fig. 24.17  Alloy carbides in a lath of martensite in H-13 tool steel tempered 
100 h at 550 °C (1022 °F). Transmission electron micrograph. 
Courtesy of J.R.T. Branco, Colorado School of Mines
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Summary

This chapter has reviewed the principles of alloying and processing on 
the properties and microstructures of tool steels. Tool steels have evolved 
to perform machining and the most difficult hot and cold forming opera-
tions on steels and other materials, and considerable practical information 
about selection, processing, heat treatment, and performance has been gen-
erated over the years (Ref 24.1–24.20). Research continues to improve 
processing, alloying, and performance. Factors that control strength and 
toughness are of special concern in tool steels that inherently have low 
toughness (Ref 24.44–24.46). A model for evaluating cutting performance 
of high- speed tool steels based on matrix strengthening and undissolved 
carbides has been proposed in a paper that also provides a good review of 
applicable literature (Ref 24.47). Other tool steel developments have been 
presented in international conferences held every two or three years since 
1987. The proceedings volumes from these conferences provide excellent 
reviews of the developing state- of- the- art in tool steel science and tech-
nology (Ref 24.9, 24.48–24.51).
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Hardness Conversions
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Approximate equivalent hardness numbers and tensile strengths for steels(a)

Brinell hardness No.

3000 kg load 10 mm

ball

Rockwell hardness No.

Rockwell superficial hardness No.,

superficial Brale indenter
Vickers

hardness

No.

Standard

ball

Tungsten

carbide

ball

A scale,

60 kg load,

Brale indenter

B scale,

100 kg load,
1⁄6 in.

diam ball

C scale,

150 kg load,

Brale indenter

D scale,

100 kg load,

Brale indenter

15N scale,

15 kg load

30N scale,

30 kg load

45N scale,

45 kg load

Knoop

hardness No.,

500 g load

and greater

Shore

Scleroscope

hardness

No.

Tensile

strength

(approx.)

1000 psi

Vickers

hardness

No.

940 . . . . . . 85.6 . . . 68.0 76.9 93.2 84.4 75.4 920 97 . . . 940

920 . . . . . . 85.3 . . . 67.5 76.5 93.0 84.0 74.8 908 96 . . . 920

900 . . . . . . 85.0 . . . 67.0 76.1 92.9 83.6 74.2 895 95 . . . 900

880 . . . (767) 84.7 . . . 66.4 75.7 92.7 83.1 73.6 882 93 . . . 880

860 . . . (757) 84.4 . . . 65.9 75.3 92.5 82.7 73.1 867 92 . . . 860

840 . . . (745) 84.1 . . . 65.3 74.8 92.3 82.2 72.2 852 91 . . . 840

820 . . . (733) 83.8 . . . 64.7 74.3 92.1 81.7 71.8 837 90 . . . 820

800 . . . (722) 83.4 . . . 64.0 73.8 91.8 81.1 71.0 822 88 . . . 800

780 . . . (710) 83.0 . . . 63.3 73.3 91.5 80.4 70.2 806 87 . . . 780

760 . . . (698) 82.6 . . . 62.5 72.6 91.2 79.7 69.4 788 86 . . . 760

740 . . . (684) 82.2 . . . 61.8 72.1 91.0 79.1 68.6 772 84 . . . 740

720 . . . (670) 81.8 . . . 61.0 71.5 90.7 78.4 67.7 754 83 . . . 720

700 . . . (656) 81.3 . . . 60.1 70.8 90.3 77.6 66.7 735 81 . . . 700

690 . . . (647) 81.1 . . . 59.7 70.5 90.1 77.2 66.2 725 . . . . . . 690

680 . . . (638) 80.8 . . . 59.2 70.1 89.8 76.8 65.7 716 80 355 680

670 . . . (630) 80.6 . . . 58.8 69.8 89.7 76.4 65.3 706 . . . 348 670

660 . . . 620 80.3 . . . 58.3 69.4 89.5 75.9 64.7 697 79 342 660

650 . . . 611 80.0 . . . 57.8 69.0 89.2 75.5 64.1 687 78 336 650

640 . . . 601 79.8 . . . 57.3 68.7 89.0 75.1 63.5 677 77 328 640

630 . . . 591 79.5 . . . 56.8 68.3 88.8 74.6 63.0 667 76 323 630

620 . . . 582 79.2 . . . 56.3 67.9 88.5 74.2 62.4 657 75 317 620

610 . . . 573 78.9 . . . 55.7 67.5 88.2 73.6 61.7 646 . . . 310 610

600 . . . 564 78.6 . . . 55.2 67.0 88.0 73.2 61.2 636 74 303 600

590 . . . 554 78.4 . . . 54.7 66.7 87.8 72.7 60.5 625 73 298 590

580 . . . 545 78.0 . . . 54.1 66.2 87.5 72.1 59.9 615 72 293 580

570 . . . 535 77.8 . . . 53.6 65.8 87.2 71.7 59.3 604 . . . 288 570

560 . . . 525 77.4 . . . 53.0 65.4 86.9 71.2 58.6 594 71 283 560

550 (505) 517 77.0 . . . 52.3 64.8 86.6 70.5 57.8 583 70 276 550

540 (496) 507 76.7 . . . 51.7 64.4 86.3 70.0 57.0 572 69 270 540

530 (488) 497 76.4 . . . 51.1 63.9 86.0 69.5 56.2 561 68 265 530

520 (480) 488 76.1 . . . 50.5 63.5 85.7 69.0 55.6 550 67 260 520

510 (473) 479 75.7 . . . 49.8 62.9 85.4 68.3 54.7 539 . . . 254 510

(continued)

(a) For carbon and alloy steels in the annealed, normalized, and quenched-and-tempered conditions; less accurate for cold-worked condition and for austenitic steels. The values in boldface type correspond to the values in the joint SAE-

ASM-ASTM hardness conversions as printed in ASTM E 140, Table 1. The values in parentheses are beyond normal range and are given for information only.
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Approximate equivalent hardness numbers and tensile strengths for steels(a) (continued)

Brinell hardness No.

3000 kg load 10 mm

ball

Rockwell hardness No.

Rockwell superficial hardness No.,

superficial Brale indenter
Vickers

hardness

No.

Standard

ball

Tungsten

carbide

ball

A scale,

60 kg load,

Brale indenter

B scale,

100 kg load,
1⁄6 in.

diam ball

C scale,

150 kg load,

Brale indenter

D scale,

100 kg load,

Brale indenter

15N scale,

15 kg load

30N scale,

30 kg load

45N scale,

45 kg load

Knoop

hardness No.,

500 g load

and greater

Shore

Scleroscope

hardness

No.

Tensile

strength

(approx.)

1000 psi

Vickers

hardness

No.

500 (465) 471 75.3 . . . 49.1 62.2 85.0 67.7 53.9 528 66 247 500

490 (456) 460 74.9 . . . 48.4 61.6 84.7 67.1 53.1 517 65 241 490

480 (448) 452 74.5 . . . 47.7 61.3 84.3 66.4 52.2 505 64 235 480

470 441 442 74.1 . . . 46.9 60.7 83.9 65.7 51.3 494 . . . 228 470

460 433 433 73.6 . . . 46.1 60.1 83.6 64.9 50.4 482 62 223 460

450 425 425 73.3 . . . 45.3 59.4 83.2 64.3 49.4 471 . . . 217 450

440 415 415 72.8 . . . 44.5 58.8 82.8 63.5 48.4 459 59 212 440

430 405 405 72.3 . . . 43.6 58.2 82.3 62.7 47.4 447 58 205 430

420 397 397 71.8 . . . 42.7 57.5 81.8 61.9 46.4 435 57 199 420

410 388 388 71.4 . . . 41.8 56.8 81.4 61.1 45.3 423 56 193 410

400 379 379 70.8 . . . 40.8 56.0 80.8 60.2 44.1 412 55 187 400

390 369 369 70.3 . . . 39.8 55.2 80.3 59.3 42.9 400 . . . 181 390

380 360 360 69.8 (110.0) 38.8 54.4 79.8 58.4 41.7 389 52 175 380

370 350 350 69.2 . . . 37.7 53.6 79.2 57.4 40.4 378 51 170 370

360 341 341 68.7 (109.0) 36.6 52.8 78.6 56.4 39.1 367 50 164 360

350 331 331 68.1 . . . 35.5 51.9 78.0 55.4 37.8 356 48 159 350

340 322 322 67.6 (108.0) 34.4 51.1 77.4 54.4 36.5 346 47 155 340

330 313 313 67.0 . . . 33.3 50.2 76.8 53.6 35.2 337 46 150 330

320 303 303 66.4 (107.0) 32.2 49.4 76.2 52.3 33.9 328 45 146 320

310 294 294 65.8 . . . 31.0 48.4 75.6 51.3 32.5 318 . . . 142 310

300 284 284 65.2 (105.5) 29.8 47.5 74.9 50.2 31.1 309 42 138 300

295 280 280 64.8 . . . 29.2 47.1 74.6 49.7 30.4 305 . . . 136 295

290 275 275 64.5 (104.5) 28.5 46.5 74.2 49.0 29.5 300 41 133 290

285 270 270 64.2 . . . 27.8 46.0 73.8 48.4 28.7 296 . . . 131 285

280 265 265 63.8 (103.5) 27.1 45.3 73.4 47.8 27.9 291 40 129 280

275 261 261 63.5 . . . 26.4 44.9 73.0 47.2 27.1 286 39 127 275

270 256 256 63.1 (102.0) 25.6 44.3 72.6 46.4 26.2 282 38 124 270

265 252 252 62.7 . . . 24.8 43.7 72.1 45.7 25.2 277 . . . 122 265

260 247 247 62.4 (101.0) 24.0 43.1 71.6 45.0 24.3 272 37 120 260

255 243 243 62.0 . . . 23.1 42.2 71.1 44.2 23.2 267 . . . 117 255

250 238 238 61.6 99.5 22.2 41.7 70.6 43.4 22.2 262 36 115 250

245 233 233 61.2 . . . 21.3 41.1 70.1 42.5 21.1 258 35 113 245

240 228 228 60.7 98.1 20.3 40.3 69.6 41.7 19.9 253 34 111 240

230 219 219 . . . 96.7 (18.0) . . . . . . . . . . . . 243 33 106 230

220 209 209 . . . 95.0 (15.7) . . . . . . . . . . . . 234 32 101 220

(continued)

(a) For carbon and alloy steels in the annealed, normalized, and quenched-and-tempered conditions; less accurate for cold-worked condition and for austenitic steels. The values in boldface type correspond to the values in the joint SAE-

ASM-ASTM hardness conversions as printed in ASTM E 140, Table 1. The values in parentheses are beyond normal range and are given for information only.
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Approximate equivalent hardness numbers and tensile strengths for steels(a) (continued)

Brinell hardness No.

3000 kg load 10 mm

ball

Rockwell hardness No.

Rockwell superficial hardness No.,

superficial Brale indenter
Vickers

hardness

No.

Standard

ball

Tungsten

carbide

ball

A scale,

60 kg load,

Brale indenter

B scale,

100 kg load,
1⁄6 in.

diam ball

C scale,

150 kg load,

Brale indenter

D scale,

100 kg load,

Brale indenter

15N scale,

15 kg load

30N scale,

30 kg load

45N scale,

45 kg load

Knoop

hardness No.,

500 g load

and greater

Shore

Scleroscope

hardness

No.

Tensile

strength

(approx.)

1000 psi

Vickers

hardness

No.

210 200 200 . . . 93.4 (13.4) . . . . . . . . . . . . 226 30 97 210

200 190 190 . . . 91.5 (11.0) . . . . . . . . . . . . 216 29 92 200

190 181 181 . . . 89.5 (8.5) . . . . . . . . . . . . 206 28 88 190

180 171 171 . . . 87.1 (6.0) . . . . . . . . . . . . 196 26 84 180

170 162 162 . . . 85.0 (3.0) . . . . . . . . . . . . 185 25 79 170

160 152 152 . . . 81.7 (0.0) . . . . . . . . . . . . 175 23 75 160

150 143 143 . . . 78.7 . . . . . . . . . . . . . . . 164 22 71 150

140 133 133 . . . 75.0 . . . . . . . . . . . . . . . 154 21 66 140

130 124 124 . . . 71.2 . . . . . . . . . . . . . . . 143 20 62 130

120 114 114 . . . 66.7 . . . . . . . . . . . . . . . 133 18 57 120

110 105 105 . . . 62.3 . . . . . . . . . . . . . . . 123 . . . . . . 110

100 95 95 . . . 56.2 . . . . . . . . . . . . . . . 112 . . . . . . 100

95 90 90 . . . 52.0 . . . . . . . . . . . . . . . 107 . . . . . . 95

90 86 86 . . . 48.0 . . . . . . . . . . . . . . . 102 . . . . . . 90

85 81 81 . . . 41.0 . . . . . . . . . . . . . . . 97 . . . . . . 85

(a) For carbon and alloy steels in the annealed, normalized, and quenched-and-tempered conditions; less accurate for cold-worked condition and for austenitic steels. The values in boldface type correspond to the values in the joint SAE-

ASM-ASTM hardness conversions as printed in ASTM E 140, Table 1. The values in parentheses are beyond normal range and are given for information only.
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Index

457 °C (885 °F) embrittlement, 602–604(F)

A

Ac (arrêt chauffant), 31, 31(F)
acicular ferrite (AF)

classification systems, ferritic 
microstructures, 119(F), 120(F), 
125–128(F)

retained austenite, 128
tensile strength, 127
ultimate tensile strength, 128
yield strength, 127
yield-to-ultimate-tensile-strength ratios, 

127
acicular martensite crystals, 67–68
activation energy

austenite transformation kinetics,  
388–389(F)

diffusion, in steel, 36–37(F)
dynamic strain aging, 410
isothermal martensitic nucleation, 75
recrystallization, 238
serrated yielding, 412, 413(F)
spheroidization, 285
tempering, 386

activity coefficient, 509, 510
adatoms, 561–562
adsorption-induced decohesion model, 465
advanced high strength steels (AHSS), 

233–234(F)
Aerospace Materials Specifications 

(AMS), 7
AES. See auger electron spectroscopy 

(AES)
aging phenomena, 24(F), 224–226(F)
agitation, 210, 348, 350, 350(T), 362(T)
AHSS. See advanced high strength steels 

(AHSS)
air cooling

CCT and bar diameter, 208
distortion, 488

grain-boundary carbide formation, tool 
steels, 637

hardenability and martensite formation, 
635–636

Jominy test, 358
maraging steels, 624
normalizing, 279, 279(F), 280,  

281–282
Stelmor processing, 324
tool steels, 635–636

AISI. See American Iron and Steel Institute 
(AISI)

AISI/SAE numbering system, 6, 6(T)
allotriomorphic ferrite, 116, 117(F)
alloy steels, defined, 5
alloying elements, 19(F), 27–30(F)

6140 steel, 343–344
affecting copper hot shortness, 446
effects of, 5
overheating, reducing or eliminating, 

448
pearlitic formation, 50–52(F)
and tempering, 375(F), 380–384(F)

AlN. See aluminum nitride (AlN) 
embrittlement

alpha iron, 18, 18(F), 20, 21, 22
alternating current, 501, 502
aluminum

as alloying element
cementite, 392
microalloyed forging steels,  

305–306
microalloyed steels, 153
pearlite formation, 51
TRIP steels, 257–258
TWIP steels, 264

inclusions, 166
nitriding, 537
solubility of, 155

aluminum nitride (AlN) embrittlement, 
448–449(F)

aluminum nitride particles, 146, 150,  
448–449(F)
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aluminum-killed (AK) steels, 149–153(F), 
243–244(F)

Alyeska Pipeline, 246
American Iron and Steel Institute (AISI), 

6, 342, 621–622
American National Standards Institute 

(ANSI), 7
American Petroleum Institute (API), 7, 

477, 477(F)
American Society for Testing and 

Materials (ASTM), 7
American Society of Mechanical 

Engineers (ASME), 7
American Welding Society (AWS), 7
ammonia

carbonitriding, 539–540
CVD coatings, 566
gas nitriding, 537–538(F)

AMS. See Aerospace Materials 
Specifications (AMS)

anisotropy, 170, 172, 173, 187, 631
annealing

austenitic stainless steels, 598
batch annealing, 240, 240(F)
continuous annealing, 240–241(F)
full annealing, 277–279(F)
low-carbon steels, 24(F), 237–241(F)
martensitic stainless steels, 605
subcritical (see subcritical annealing 

treatments)
tool steels, 629(F), 632–633(F)
use of term, 278

ANSI. See American National Standards 
Institute (ANSI)

antimony, 464–465
API. See American Petroleum Institute 

(API)
APT. See atom probe tomography (APT)
Ar (arrêt refroidissant), 31, 31(F)
argon-oxygen decarburization, 600, 612
arrest, 30
arsenic, 464, 465
ASME. See American Society of 

Mechanical Engineers (ASME)
as-quenched martensite

cementite formation during tempering, 
394

decrease in hardness with increasing 
tempering temperature, 375(F), 
378, 379(F)

deformation and fracture, 340(F),  
407–409(F,T)

dynamic strain aging, 412
engineering stress-strain curves, 411(F)
low-carbon fully martensitic sheet 

steels, 261
low-temperature-tempered martensite, 

409(F), 410(F), 414–425(F)

matrix changes, during tempering, 396
mechanical property changes, 373
structural changes, tempering, 384
transgranular cleavage facets, 474(F)

ASTM. See American Society for Testing 
and Materials (ASTM)

ASTM International grain size numbers, 
137, 138(T)

athermal, 68
athermal transformation, 68–69(F), 72–73, 

92
atlas of cooling transformation (British 

Steel Corporation), 208, 344
atom maps, 50(F), 391, 391(F), 392(F)
atom partitioning, 109, 125
atom probe tomography (APT)

cementite formation during tempering, 
390, 391, 391(F), 392, 392(F)

overview, 4
phosphorus effects and hardenability, 

367
white etching layers, 321

atomic nitrogen, 537, 539–540
Auger analysis, 519–520
Auger electron microscopes, 3
auger electron spectroscopy (AES), 3, 453
Auger electrons, 3
austempering

low-alloy steels, 109
overview, 493, 493(F)
Q&P steels, 267
tool steels, 633

austenite
Burgers vector, 34–35
critical importance of, 19(F), 122–134
crystal structures, 21–22(F)
formation of, 139–143(F)
grain size and measurement,  

134–138(F,T)
hot deformation of, 157–158(F), 159(F)
lattice parameter, 22
naming, 12
planes, 22
time-temperature-austenitizing 

diagrams, 143–144(F), 145(F)
austenite formation, 503–505(F)
austenite grain boundaries, 47(F), 50
austenite grain growth

in absence of second phases,  
145–146(F)

deoxidizing with silicon, effect of, 149
limiting, 308
restraining, 169, 296, 306
second-phase particles, effect of,  

146–148(F)
subcritical annealing treatments, 153

austenite grain size
aluminum-killed steels, 149–153(F)
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hardness and carbon content, 339
microalloyed steels, control in,  

153–157(F,T)
austenite stabilizers, 27–29
austenitic grain boundaries, 3, 446, 523, 

633
austenitic nitrocarburizing, 540
austenitic stainless steels

heat treatment of, 598
intergranular carbides in, 587(F),  

588–591(F)
martensitic formation in, 591–594(F)
other, 596–597(T)
other phases, 594–596(F)
processing, structure, performance,  

586–588(F,T)
austenitizing. See also time-temperature-

austenitizing (TTA) diagrams
AK steels, 153
as-quenched martensite, 407
austenite grain growth, 146, 147(F)
boron-containing steels, 365
carburizing: bending fatigue and 

fracture, 528–529, 530
carburizing/through-hardening, 532, 

534(F)
CCT diagrams, 202
coarsening, 634
continuous cooling transformation and 

bar diameter, 210
DET, 55(F)
discontinuous grain growth, 151, 152(F)
distortion, reducing, 491
flame hardening, 500
full annealing, 279
hardenability and martensite formation, 

635–637(T)
hardening, tool steels, 633
HSLA steels, 247–248
HTT, 434, 435
ideal size, quantitative approaches,  

356–357, 358
induction heating, 502, 503, 505, 506
IT diagram, 199
low-carbon fully martensitic sheet 

steels, 262
LTT martensite, 420
martensitic stainless steels, 604, 606
medium-carbon steels, 293
microalloyed forging steels, 306–307, 

308
normalizing, 278(F), 279–282(F)
phosphorus effects and hardenability, 366
quantitative hardenability, 351
quench embrittlement, 450, 453, 454
spheroidizing, 286–287
time-temperature-austenitizing 

diagrams, 143–144(F), 145(F)

TME, 459, 462
tool steel alloy design, 625
tool steels, 633–634, 635(F)
tool steels, preheating and austenitizing, 

633–634, 635(F)
austenitizing temperatures

1045V steel, 306
52100 steel, 143(F)
AIN embrittlement, 448
austenite formation, 140, 141(F)
austenite grain size, aluminum-killed 

steels, 148, 149–150(F), 153
austenite grain-size control, 

microalloyed steels, 155
boron effects and hardenability,  

363–364
carburizing/through-hardening, 532
DET, 55–56(F)
forging steels, 308
full annealing, 279
grain growth, 146, 147(F), 148
grain-boundary carbide formation, tool 

steels, 637
hardenability and martensite formation, 

636
hardening steels, 150
HSLA steels, 247, 248
ideal size, 357–358
induction heating, 503
IT diagrams, 199
low-carbon fully martensitic sheet 

steels, 262
martensitic stainless steels, 606
MnS particles, 170
normalizing, 278(F), 279, 280
overheating, 447
precipitation-hardening stainless steels, 

609, 610(F)
preheating, tool steels, 634
salt bath coating process, 567
tempering, tool steels, 639(F)

autocatalysis, 74, 75
automotive applications, 235
autotempering, 92, 92(F), 202, 342
AWS. See American Welding Society 

(AWS)

B

Bain, Edgar C., 99
Bain strain, 77(F), 78
bainite. See also ferrite-carbide bainites; 

lower bainite; upper bainite
bainite transformation start 

temperatures, 100–101
bainite versus ferritic microstructures, 

101–102(F)
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bainite (continued)
crystallographic theory of martensitic 

transformation, 76
ferrite-carbide bainites, 108(F),  

109–110, 111(F)
formation mechanisms, 99(F), 100(F), 

107–109(F)
naming, 13
overview, 99–100(F)
schematic time-temperature-

transformation diagram, 99–100(F)
bainitic ferrite

bainitic formation mechanisms, 108
classification systems, ferritic 

microstructures, 119(F), 120(F), 
125–128(F)

direct-cooled steels, 307
granular bainitic ferrite, 128–129(F)
TRIP steels, 259

bainitic strengthening, medium-carbon 
steels, 293–314(F)

bake hardening, 234(F), 245–246
bamboo ferritic grain structure, 186
banded microstructures, 183(F),  

184–187(F)
banding

austenitic grain size, importance of,  
186

defined, 163, 185–186
delta ferrite, 23
hypereutectoid steels, 187
mechanical properties, effect on,  

187–191
MnS inclusions, 186, 186(F)

basic oxygen furnace (BOF) process, 13
basic oxygen steelmaking (BOS) furnaces, 

165–166
bay, 108, 108(F)
bcc alpha prime (α´) martensite, 592
bending fatigue

8620 steel, 526(F), 527(F)
induction heating, 506
single tooth bending fatigue testing, 

523(F)
bending fatigue and fracture, 515–516(F), 

520(F), 527–530(F), 531–534(F)
Bessemer process, 11–12
binary carbides, 640–641
blister steel, 9
blocks, 90–91(F)
blocky, feathery, herringbone, and MC 

eutectics, 631
body-centered cubic (bcc)

ferrite, 117
iron, 21, 21(F)
martensite, 64
stainless steels, 580, 598, 604, 604(F)

Boegehold, Alfred, 358

boron
as alloying element

carbon steels, 363
IF steels, 245
microalloyed steels, 153

austenitizing temperature, effect of, 
363–364

boron effects and hardenability,  
363–366(F)

carbon concentrations, 365
hardenability, 363–366(F)
low-carbon fully martensitic sheet 

steels, 262–263(F)
solubility of, 155
stress-relief cracking, 450

boron fade, 364
BOS furnaces. See basic oxygen 

steelmaking (BOS) furnaces
branched, tree-shaped crystals, 177
brine solution, 348
Brinnell, J.A., 12
Brimacombe, Keith, 440–442, 478
British Steel Corporation, 208, 235
British Steel Corporation atlas of cooling 

transformation, 282
B
S
 temperature, 100–101

bulk diffusion, 50
Burgers vector, 33–35, 215, 224, 229,  

423
burning, defined, 447
burning and overheating, during forging, 

447–448(F)
bursting, 74
butterflies, 533, 535(F)

C

cadmium, 465, 469
calcium, 13, 166, 170, 448
carbide formers, 27, 380, 382–384
carbon atom segregation, 341, 384, 407
carbon concentrations

boron, 365
carburizing, 511(F), 519–520(F)
hot work, 182
induction hardening, 506, 507
martensite strength, 340

carbon content
alloying elements and tempering, 381
application of boron for hardenability, 

364–365(F)
as-quenched martensite, 407
carburizing, 455(F), 508–509, 510–511, 

523
decrease in hardness with increasing 

tempering temperature, 375–376(F)
distortion, 488, 488(T)
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DP steels, 252
effect on impact toughness, 374(F), 375
effect on transition temperature between 

upper and lower bainite, 102(F)
epsilon (ε) carbide, 385–386
eta (η) carbide, 385–386
ferrite-pearlite microstructures, 288
hardness, 72(F), 335–339(F)
induction heating, 502
induction-hardened steels, 506
iron, 23
IT diagrams, 197–198(F)
lath martensite, 86, 87(F)
low-carbon steels, 236, 236(F)
LTT martensite, 416–420(F)
martensite, 69, 71, 72(F)
martensite strength, 340–341
martensitic stainless steels, 604
microalloyed forging steels, 298, 303, 

304–305
patented and drawn wires, 327
Q&P steels, 266–267
quantitative hardenability, 353
rail steels, 319
retained austenite, 72(F), 336–338
tool steels, 622, 629, 639
TRIP steels, 257
TWIP steels, 264–265

carbon steels, defined, 4–5
carbonitriding, 499(F), 539–540(F)
carburized steels

bending and tensile fatigue failures, 
520(F), 523

bending fatigue and fracture, 515(F), 
516(F), 527

carburizing/through-hardening, 530, 
531, 532

compositions, grain sizes, and 
hardenabilities, 514(T)

fatigue fracture origins, 519–520(F)
ferrous martensites, morphology of,  

520
intergranular embrittlement, 520
low-temperature-tempered carburized 

steels, 453–455
microcracking, 517
M
S
 curves, 523–526(F)

quench embrittlement, 454
residual stresses, 490(F), 494–495, 527
spherical carbides, 282

carburizing: alloying, processing and 
microstructure, 514–520(F,T)

carburizing: bending fatigue and fracture, 
515–516(F), 520(F), 527–530, 
531–534(F)

carburizing: processing principles,  
508–514(F,T)

carburizing reaction, 509–510

carburizing: residual stresses and 
microstructures, 455(T), 520(F), 
523–527(F), 528(F), 529(F)

carburizing: surface oxidation in gas 
atmospheres, 521–523(F)

carburizing/through-hardening: contact 
fatigue, microstructure, and 
fracture, 530–536(F)

case depths
carburizing, 511–513(F)
induction heating, 505(F), 506
plasma carburizing, 554, 555

cast irons
defined, 5
history, 10
iron bridge at Coalbrookdale, England, 

10, 11(F)
laser transformation hardening, 569

casting
history, 14(F), 15(F)
ingot and continuous casting of steel, 

comparison, 14, 14(F)
schematic, various continuous casting 

section sizes, 15(F)
wrought steels, 157

Caterpillar Company, 358
Caterpillar Hardenability Calculator 

(1E0024), 358
cathode fall region, 553
CCT diagrams. See continuous-cooling-

transformation (CCT) diagrams
C-curve kinetics, 602, 602(F)
cementite

austenite formation, 139
cementite (theta carbide) platelets, 390, 

393
cementite structure in steel, 26(F)
crystal structure, 23
DET, 54–56(F)
formation, 23
formation during tempering, 390–394(F)
grain boundary cementite, growth 

ledges, 59–60(F)
grain-boundary allotriomorph formation, 

637
grain-boundary cementite formation, 

52100 steel, 280–281(F)
interlath cementite, 103–104(F), 390, 460
naming, 12
orthorhombic crystal structure, 27(F)
overview, 26
pearlite formation, 51–52(F)
proeutectoid cementite, 56, 57–58
unit cells, 27(F)

cementite (theta carbide) platelets, 390, 
393

cementite formation, during tempering, 
390–394(F)
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cementite grain-boundary allotriomorph 
formation, 637

centerline bursting, 325
Charpy, George Augustin Albert, 12
Charpy V-notch (CVN) testing

1045V steel, 306–307(F)
4340 steel, 110, 110(F), 174, 174(F), 

451–452(F)
52100 steel, 451–452(F)
ductile-to-brittle transition, 217–219(F)
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classification and typical case depths, 
499(T)

electroplating, 470
hydrogen embrittlement, 469
ion plating, 559, 560–561(F)
overview, 500
triode ion plating systems, 561
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Poisson’s ratio, 494
polishing

chemical polishing, 494, 519
electrolytic polishing, 494
electropolishing, 3
martensite laths or plates, 79
pearlite, 43
plasma carburizing, 555
surface tilting, 66–67(F)

polycrystalline
annealed ferritic stainless steel, 598
austenite, 594
duplex stainless steels, 613
ferrite, 219, 409

polygonal (PF) ferrite, 119–121(F)
polygonization, 396
porosity

as-cast stirred billet of 4140 steel, 
179(F)

carbonitriding, 540
evaluation of, 172
ferritic nitrocarburizing, 542
hot work, 181, 182
laser beam surface modification, 571
PVD, 563

Portevin-LeChatelier effect, 409
precipitate dispersions, 224, 225(F), 244
precipitation-hardening stainless steels, 

607–611(F,T)
preheating

distortion, 488
martensitic stainless steels, 606
tool steels, 630(F), 633–634, 635(F)

primary processing effects, steel 
microstructure and properties

banded microstructures, 183(F),  
184–187(F)

banding, effect on mechanical 
properties, 187–191(F)

hot work, effect on solidification 
structure, 181–184(F)

inclusion identification and 
characterization, 170–172(F)

inclusions, 164–170(F)
mechanical properties, effect of 

inclusions on, 172–174(F)
overview, 14(F), 15(F), 163–164(F)
solidification

chemical changes, 19(F), 174–176(F,T)
dendrites and interdendritic 

segregation, 176–180(F), 181(F)
prior-austenite grain size, 135
proeutectoid cementite, 56, 57–58
proeutectoid ferrite, 40(F), 56, 56(F). See 

also proeutectoid phases
austenitic grain size, 135
CCT diagrams, 205(F), 206, 206(F), 

207, 207(F)

high-carbon steels, 202
IT diagram for hypoeutectoid steel, 198, 

198(F), 199
microalloyed forging steels, 298
overview, 119
polygonal or equiaxed ferrite,  

119–121(F)
proeutectoid ferritic microstructures,  

114–115(F)
proeutectoid phase formation, 56(F),  

58–60(F)
proeutectoid phases, 40(F), 56–58(F)
proximity histograms, 391
pure iron, martensite formation in, 71
PVD. See physical vapor deposition

Q

quantitative hardenability, 351–354(F)
quasi-polygonal ferrite, 123, 124(F), 125
quench aging

DP steels, 254
ferritic microstructures, 24(F), 224

quench cracking
ferrite-carbide bainites, 109
grain-boundary carbide formation, tool 

steels, 637
hardenability and martensite formation, 

636
ideal size, 357
Jominy test, hardenability, 363
normalizing, 280
surface residual tensile stresses, 491, 

493
tool steels, 622

quench embrittlement, 450–456(F), 530
quench severity. See severity of quench
quench tempering, 92
quenched and partitioned (Q&P) steels, 

234(F), 266–268
quenched and tempered carbon steels

as-quenched martensite, deformation and 
fracture of, 340(F), 407–409(F,T)

components, microstructural systems, 
their effect on mechanical behavior, 
and effect of tempering, 433(T)

dynamic strain aging, martensite,  
409–413(F), 414(F)

HTT martensite, mechanical behavior, 
416(F), 425–432(F)

LTT martensite, mechanical behavior, 
409(F), 410(F), 414–425(F)

overview, 380(F), 405–406(F)
quenching. See also martempering

agitation, 348
brine solution, 348
computer models, 495



672 / Steels—Processing, Structure, and Performance, Second Edition

quenching (continued)
hot molten salt, 493
interrupted quenching (or 

martempering), 491–492(F)
low-pressure (vacuum) carburizing, 556
oil (see oil quenching)
Q&P steels, 267
severity of quench, 348–351(F,T)
water quenching, 492–493

quenching dilatometers, 202–203

R

rail steels: structure and performance,  
317–321(F)

rare earth metals, 170, 448
reactive triode ion plating, 565
reaustenitizing, 435
recalescence, 205(F), 208
recrystallization

austenite, 157–158(F)
austenitic stainless steels, 598
defined, 238
DP steels, 252, 253(F)
HSLA steels, 247–249(F)
incubation period, 148
low-carbon steels, 238, 240
matrix changes, during tempering,  

396–398
recrystallization kinetics for 0.08% C 

steel, 239–240(F)
titanium-and niobium-stabilized IF steel, 

243–244(F)
recrystallization-controlled rolling (RCR), 

249
reduction of area

banding, 187
cracking, 443, 444(F), 445(F)
ferrite-pearlite microstructures, 287, 

288(F)
as a function of transformation 

temperature and microstructure, 
323(F)

HTT martensite, 429, 430(F)
hydrogen embrittlement, 466
LTT martensite, 416(F)
tempering, 376
tensile testing, 439

reheat cracking, 449–450
residual stress distributions, 320–321, 487
residual stress profiles, 494, 524–526, 

527(F), 529(F)
residual stresses

carburizing, 523–527(F)
evaluation and prediction of,  

494–495(F)
hydrogen embrittlement, 468

origins of, 488–491(F)
overview, 487
PVD, 562(F), 563–564

residual tensile stresses
carburizing, 526
heat treatments to reduce, 491–494(F)
hydrogen embrittlement, 470
induction heating, 508
normalizing, 282

retained austenite
4130 steel, 388–389(F), 415–416
4140 steel, 415–416, 417(F)
4150 steel, 415–416, 417(F)
4320 steel, 527, 529(F)
4340 steel, 388–389(F)
8620 steel, 516(F), 517
A2 tool steel, 634–635(F), 638–639(F)
H-13 tools steel, 638–639(F)
AF, 128
carbon content, 72(F), 336–338
carburizing, 527, 528(F), 529(F)
direct-cooled steels, 309(F)
DP steels, 256
lath martensite, 92–93, 94(F)
LTT martensite, 419
Q&P steels, 266
tool steels, 636–637
TRIP steels, 256

retained austenite transformation
tempering, 386(F), 388–390(F)
tool steels, 634, 635(F), 639(F), 641, 

642(F)
reversible traps, 475, 476
risers, 122–123(F)
Roberts-Austen, William, 12
rock candy, 448
rolling contact fatigue

carburizing/through-hardening, 531, 
532–533, 536

spherical carbides, 287
rolling contact fatigue resistance, 557–558

S

SAE. See Society of Automotive Engineers 
(SAE)

salt bath coating process, 566–568(F)
salt baths, 455, 509
salt-bath-applied coatings., 567, 567(F)
Sauveur, Albert, 12
scanning electron microcopy (SEM)

carburizing, 521–522, 523(F)
inclusions, 171

Scanning Electron Microscopes (SEM), 2
scanning electron microscopy, 2–3
scanning transmission electron microscopy 

(STEM), 252, 626
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Schaeffler diagram, 584, 585(F)
Scheil equation, 176
scrap

current steelmaking, 13
hot shortness associated with copper, 445
medium-carbon steels, 294
steel production, 11
temper embrittlement, 465
tool steels, 629

screw dislocations
ductile-to-brittle transition, 220
dynamic strain aging, martensite, 412
hydrogen embrittlement, 471

secondary dendrite arm spacing, 180, 
181(F)

secondary embrittlement, 245
secondary hardening

alloying elements and tempering,  
381–383(F), 384

defined, 381
martensitic stainless steels, 606–607
retained austenite transformation on 

tempering, 393–394
tool steels, 634, 638

secondary hardening steels, 382
secondary recrystallization, aluminum-

killed steels, 148, 149, 150–151, 
152(F)

secondary steelmaking, 13
second-phase particles

austenitic grain growth, 146
austenitic grain growth, effect on,  

146–148(F)
dispersion strengthening, ferritic 

microstructures, 228
ductile fracture, 217
ductile-to-brittle transition, bcc ferrite, 

217, 220
ferritic stainless steels, 600
intergranular embrittlement, hardened 

steels, 450
LTT martensite, 423, 425

segregation, 163, 341
SEM. See scanning electron microscopes 

(SEM)
sensitization, 591, 598
serrated yielding, 410, 412, 413
severity of quench, 348–351(F,T)
SFSA. See Steel Founders Society of 

America (SFSA)
shatter cracks, 318, 468
shear bands, 249, 326, 412(F)
shear fracture, 326–327(F), 420, 421(F), 

507
shear lip formation, 461(F)
shear steel, 9
shell formation, 167(F), 441
shell growth, 441–442

shelling, 321
shot peening, 487, 527, 529(F)
side plates, 114–115(F)
Siemens process, 11–12
Siewert, McCowan, and Olson diagram, 

584, 586, 586(F)
sigma phase, 580(F), 595–596, 615
sigmoidal curve, 48, 48(F)
silicon

as alloying element
cementite, 392
DP steels, 252
ferritic microstructures, 230
low-carbon steels, 236
patented and drawn wires, 327
pearlitic formation, 51, 52
Q&P steels, 266
rail steels, 319
tempering, 382–383(F)
TRIP steels, 257–258
TWIP steels, 264

hot work, 184
inclusions, 166
TE, 464
TME, 462

slip, 33–35(F)
slip systems, 34–35, 213, 242
Smith, Cyril Stanley, 12
Smith hypothesis, 117, 117(F)
Society of Automotive Engineers (SAE), 

6, 342, 621–622
sodium tridecylbenzene sulfonate, 137, 

182, 183(F)
solid steels

AK steels, 149
copper hot shortness, 446
cracking, 441, 442
defined, 5
diffusion, in steel, 35
inclusions, 165
production of, 11

solidification, 174–180(F), 181(F),  
630–631(F)

solidification structure, 181–184(F)
solid-solution strengthening

ferritic microstructures, 229–230(F)
IF steels, 219(F), 245

solubility products
AIN embrittlement, 449
aluminum-killed steels, 149
cracking, primary processing, 444
HSLA steels, 247
microalloyed steels, 153–157(F,T)

solute atoms, 175–176, 177, 178(F), 409, 
475

solute drag, 108, 109
sorbite, 13
Sorby, Henry Clifton, 12
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specification and standards
ASTM A255, Standard Test Methods for 

Determining Hardenability of 
Steel, 359

ASTM A262, Standard Practices for 
Detecting Susceptibility to 
Intergranular Attack in Austenitic 
Stainless Steels, 359

ASTM E 399, Standard Test Method for 
Linear-Elastic Plane-Strain 
Fracture Toughness K

Ic
 of Metallic 

Materials, 173(F)
ASTM SPT987, Effect of Steel 

Manufacturing Processes on the 
Quality of Bearing Steels, 359

SAE Standard J406, Methods of 
Determining Hardenability of 
Steels, 359

spherical carbides. See spheroidizing and 
spherical carbides

spheroidize annealing. See spheroidizing 
and spherical carbides

spheroidizing and spherical carbides,  
282–287(F)

spinels, 166
spinodal decomposition, 603
spiral delamination, 326–327(F)
sputtering, 559–564(F)
stabilization, 74
stabilized grades, 591, 604
stacking fault energies, 264, 265
stacking faults, 264–265(F)
stainless steels

alloy design and phase equilibria,  
579–586(F)

austenitic (see austenitic stainless steels)
ductility, 217
duplex stainless steels, 584(F),  

611–615(F,T)
ferritic (see ferritic stainless steels)
martensitic stainless steels, 581,  

604–607(F,T)
overview, 579
precipitation-hardening stainless steels, 

607–611(F,T)
superduplex stainless steels, 615
supernitrogen stainless steel, 597

stainless steels, specific
7-Mo PLUS, microstructure, 612,  

613(F)
17-7 PH, microstructure, 609, 610(F)
25Cr-3Mo-4Ni, microstructures,  

601–602(F)
Al 2205

grain structure, 613, 614(F)
stress-strain curves, 613–615(F)

PH 13-8 Mo, solution-treated and aged 
microstructure, 608, 609(F)

type 200, composition, 597, 597(T)
type 300, nominal compositions, 586, 

587(T)
type 301

stress-strain curves, 592, 593(F)
varying austenite stability relative to 

martensite formation during cold 
work, 587

type 302, varying austenite stability 
relative to martensite formation 
during cold work, 587

type 304
chromium carbide precipitation on 

various types of boundaries, 589, 
590(F)

chromium concentration gradients, 
589, 589(F)

ductility, 594, 594(F)
M
23

C
6
 carbide precipitation kinetics, 

590–591(F)
microstructure, 578, 587(F)
PVD metal nitride coatings,  

564–566(F)
strain-induced martensite formation 

as a function of strain at various 
temperatures, 593, 593(F)

stress-strain curves, 592, 593, 593(F), 
594(F)

varying austenite stability relative to 
martensite formation during cold 
work, 587

type 304L
delta ferrite, 595, 595(F)
reduction of carbon and alloying to 

eliminate chromium carbide 
formation and intergranular 
corrosion, 587

type 309, heavily alloying with 
chromium and nickel to produce 
high-temperature strength and 
scaling resistance, 587

type 310, heavily alloying with 
chromium and nickel to produce 
high-temperature strength and 
scaling resistance, 587

type 316, alloying with molybdenum to 
increase pitting resistance, 587

type 316L
microstructure, 587, 587(F)
reduction of carbon and alloying to 

eliminate chromium carbide 
formation and intergranular 
corrosion, 587

type 321
intragranular sigma formation,  

595–596
reduction of carbon and alloying to 

eliminate chromium carbide 
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formation and intergranular 
corrosion, 587

type 347, reduction of carbon and 
alloying to eliminate chromium 
carbide formation and intergranular 
corrosion, 587

type 400, composition, 604–605(T)
type 403

martensitic structure, 606, 606(F)
microstructure, 605–606(F)

type 410, mechanical properties as a 
function of tempering temperature, 
606–607(F)

type 416, microstructure, 605–606(F)
type 430, composition, 598(T)
type 430F, composition, 598(T)
type 430F Se, composition, 598(T)
type 446, composition, 598(T)
type 600, compositions, 608, 608(T)

stasis, 109
static fatigue limits, 469
static recrystallization, 158
static strain aging, 224
Steel Founders Society of America 

(SFSA), 7
steel rails, 11–12
steel specifications, 6–7

SAE-AISI designations and alloying 
elements in carbon and low-alloy 
carbon steels, 6(T)

UNS designations for ferrous metals and 
alloys, 7(T)

steels
definitions, 4–5
microstructure, 1–4

steels, specific
A710, modified, 128–129(F)
EX 24

grain-boundary carbides, 517,  
517(F)

microstructure, 515, 515(F)
M42 high-speed tool steel, laser surface 

melting, 571–572(F)
Nitralloy N, ferritic nitrocarburizing, 

541
10B22

circular zone of brittle fracture 
formed around an inclusion, 475, 
475(F)

cleavage facets, 472–474(F)
engineering stress-strain curves, 261, 

261(F)
10V45

AISI-SAE specifications, 342
austenite formation, 503–505(F)
CVN energy absorbed as a function 

of test temperature, 306–307(F)
early study of, 306

ferrite and pearlite bands, 183(F), 
185, 186(F)

impact toughness, 306
maximum hardness, 342, 343(F)
schematic comparison of early 

yielding in stress-strain curves, 
310, 311(F)

vanadium, effects of, 306
water quenching bars, 342, 343(F)

17-7 PH, microstructure, 609, 610(F)
42CrMo4

CT diagram, 203–204(F)
TTA diagram, 143, 144(F)

100Cr6, TTA diagram, 143–144,  
145(F)

300-M
applications, 267
TME, 462

440C, ion implantation, 557–558
1020, ferrite and pearlite bands, 185, 

185(F)
1035, oxide colors, 398, 399(F)
1040, laser transformation hardening, 

569
1042, change in Ac

3
 temperature as a 

function of microstructure and 
heating rate, 502–503(F)

1045
chemical composition, 344(T)
EVS analysis, 171–172
hardenability, 343–346(F)
hardness distribution, 345(F)
hardness distribution in oil-quenched 

bars, 342–343, 345(F)
hot rolled, 182, 183(F)
intergranular fracture, 506

1050
effect of flame speed on depth of 

hardening, 500, 501(F)
intergranular fracture, 506
laser transformation hardening, 569

1070, laser transformation hardening, 
569

1080, 43, 44(F), 197, 285
IT diagram, 44(F)
spheroidization of pearlite, 285

1541, heat treatment cycles for 
spheroidizing, 286

1550
case depths, 505(F), 506
hardness profile, 505–506(F)

3140
center hardness as function bar 

diameter, 351–353(F)
results of oil and water quenching, 

348–350(F)
shift in impact transition curve to 

higher temperatures, 462, 463(F)
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steels, specific (continued)
4130

fine structure, 415, 417(F)
fracture surface, 460–461(F)
hydrogen embrittlement, 469
intergranular fracture, 472, 473(F)
Jominy end-quench curves, 368, 

368(F)
percent intergranular fracture as a 

function of tempering temperature, 
472, 472(F)

retained austenite, 388–389(F),  
415–416, 417(F)

room temperature CVN energy 
absorbed, 456, 457, 458(F)

TME fracture, 460–461(F)
transformation of retained austenite to 

cementite and ferrite, 389(F),  
457–458

4140
cleavage fracture, 302
CT diagram, 203–204(F)
CVN energy absorbed as a function 

of test temperature, 300–302(F)
Jominy end-quench curves, 368, 

368(F)
reduced toughness, 461–462
retained austenite, 415–416, 417(F)
room temperature CVN energy 

absorbed, 456, 458(F)
schematic comparison of early 

yielding in stress-strain curves, 
310, 311(F)

TME, 462
TTA diagram, 144(F)
variations in Mn and C 

concentrations, 182–183(F)
4145

lead embrittlement, 465, 466(F)
role residual stresses in fatigue 

performance, 507–508(F)
4150

EVS analysis, 171–172
fine structure, 415, 417(F)
fracture behavior, 110
Jominy end-quench curves, 368, 368(F)
retained austenite, 415–416, 417(F)
room temperature CVN energy 

absorbed, 456, 458(F)
4310

as-quenched, strengthening 
components, 407–408(T)

deformation behavior, 407
4320

deformation behavior, 407
residual stress profiles, 527, 529(F)

4330
deformation behavior, 407

effect of temperature and time on the 
mechanical properties, 423–425(F)

engineering stress-strain curves,  
408–409(F), 426(F)

flow stresses as a function of test 
temperature and strain rate, 407, 
408(F)

strain hardening as a function of true 
strain, 428(F)

4340
applications, 267
as-quenched, strengthening 

components, 407–408(T)
as-quenched hardness and mechanical 

properties, 378(T)
as-quenched stress-strain behavior, 

411(F), 413
atom map, 392(F)
Charpy V-notch (CVN) testing, 110, 

110(F)
cleavage facets, 409
CVN impact testing, 174, 174(F)
deformation behavior, 407
effect of temperature and time on the 

mechanical properties, 424(F)
effect of TME on impact toughness, 

458, 458(F)
engineering stress-strain curves, 408, 

409, 409(F), 427(F)
intergranular fracture, 451(F),  

458–459(F)
interlath carbides, 460, 460(F)
isothermal transformation, 108(F), 

109–110
isothermal TTT diagram, 108(F)
laser transformation hardening, 569
mechanical properties as a function 

tempering temperature, 415,  
416(F)

plastic deformation, 409
quench embrittlement, 451–452(F)
retained austenite, 388–389(F)
shear fracture, 461, 461(F)
static fatigue curves, 469–470(F)
strain hardening as a function of true 

strain, 428(F)
tempering, 376, 377(F)
tensile strength, 377(F), 378
transformation of retained austenite to 

cementite and ferrite, 389(F),  
457–458

ultimate tensile strength, 416(F)
yield strength, 377(F), 378, 416(F)

4350
effect of temperature and time on the 

mechanical properties, 424(F)
engineering stress-strain curves, 408, 

409, 409(F), 427(F)
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strain hardening as a function of true 
strain, 429(F)

4360
lower bainite, 105, 106(F)
upper bainite, 103–104(F)

4615
residual stress profiles, 527(F)
stress versus cycles to failure, 526, 

526(F)
5140

banding, 188–189(F)
CCT diagrams, 188–189(F)
engineering stress-strain curves, 190, 

190(F)
5160, hardness profile, 505–506(F)
6140

alloying elements, 343–344
chemical composition, 344(T)
hardenability, 342–346(F)
hardness distribution, 342, 344(F)
hardness distribution in oil-quenched 

bars, 343, 346(F)
water quenching bars, 342, 344(F)

8617H, variations in Mn and C 
concentrations, 184(F)

8620
case microstructure, 515–516(F)
discontinuous grain growth,  

151–152(F)
fatigue crack initiation, 519–520(F)
microcracks, 517, 518(F)
residual stress profiles, 526, 527(F)
stress versus cycles to failure, 526, 

526(F)
8650, method for presenting end-quench 

hardenability data, 359, 361(F)
8719

fatigue limits as a function of 
austenitic grain size, 532(F)

fatigue limits as a function of 
austenitic grain size and retained 
austenite, 534(F)

fatigue limits as a function of retained 
austenite, 533(F)

plasma-carburized and gas-carburized 
8719 , compared, 555, 555(F)

stress versus cycles for bending 
fatigue, 530, 531(F)

52100
austenite formation, 141–143(F)
austenitizing treatments, 287
carbide spheroidization, 285
grain-boundary cementite formation, 

280–281(F)
growth ledges, 60(F)
ion implantation, 557
laser transformation hardening, 569
microstructure, 531–532, 534(F)

quench embrittlement, 451–452(F), 
453–454(F)

room temperature CVN energy 
absorbed, 456, 457, 458(F)

TTA diagram, 143–144, 145(F)
Fe-0.007C-28Mn-3Al-3Si wt%

deformation twinning, 263–264(F)
mechanical twins, 264, 265(F)

Fe-0.2%C, microstructure, 136–137(F)
Fe-0.2C

increase in strength of lath 
martensites with decreasing packet 
size, 339, 339(F)

lath martensite, 85(F), 86, 87, 88(F), 
89(F), 91, 91(F)

matrix changes, during tempering, 
394–396(F)

stress-strain curves, 378–379(F)
surface tilting and its relationship to 

martensitic structure, 66–67(F)
Fe-0.4C, 85(F)

iron-carbon (Fe-C) diagram, 20
lath martensite microstructure, 85(F)
microstructure, 56–57(F)

Fe-0.6C, lath martensite, 85(F)
Fe-0.75V-0.15C, initiation of interphase 

precipitation, 52, 53(F)
Fe-1.22C, cementite and/or chi-carbide 

formation in martensitic structure, 
393, 393(F)

Fe-12Cr-0.2C
growth ledges, 52–53
Interphase precipitation and ledges, 

54(F)
Fe-1.78C, habit planes, 82
Fe-1.86C, athermal transformation, 68, 

69(F)
Fe-1.94Mo, transformation of austenite 

to martensite, 68–69, 70(F)
Fe-20Ni-5Mn, habit planes, 89
Fe-23Ni-3.6 Mn, time- temperature- 

transformation diagram, 75, 75(F)
Fe-33.5Ni

plate martensite formation, 80–81(F)
transformation twins, 83(F)

HSLA-80 plate, CCT diagram, 125, 
126(F)

HSLA-80 steel
acicular ferrite (AF), microstructure, 

126, 127(F)
polygonal ferrite, isothermally 

transformed, 120–121(F)
Stelmor process, 324
strain, defined, 216
strain aging. See also dynamic strain aging

defined, 224
effects on the yielding behavior of a 

low-carbon steel, 225(F)
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strain aging (continued)
ferritic microstructures, 224
low-carbon steel, cold rolling and 

annealing, 240
wire applications, 325

strain hardening
DP steels, 250–251, 256
ferritic microstructures, 214–217(F)
LTT martensite, 419–420
rail steels, 320–321

strain rates
as-quenched martensite, 377
CVN testing, 439
ductile-to-brittle transition, bcc ferrite, 

220
ferritic microstructures, 226
hot deformation of austenite, 158, 

159(F)
plate martensite, 81
tempering, 377
TME, 461

strain-induced martensite, 259, 266, 
528(F), 592

strain-induced martensite formation,  
592–594(F), 598

Stranski-Krastanov growth, 561, 562
stress, defined, 216
stress relief

austenitic stainless steels, 598
heat treatments, 494
patented and drawn wires, 327–328
tool steels, 629(F), 633

stress-relief cracking, 449–450
stress-relief heat treatment, 449, 494, 598
stress-strain curves

Al 2205, 613–615(F)
TRIP steels, 257–259(F)
type 301 stainless steel, 592, 593(F)
type 304 stainless steel, 592, 593, 

593(F), 594(F)
stretcher strains, 222
subcritical annealing treatments, 153
submerged entry nozzles (SEN), 166
substitutional alloying elements

as-quenched martensite, 407
bainite formation mechanisms, 108
boron effects and hardenability, 364
carbide dissolution and spheroidization, 

285
effect on eutectoid carbon content,  

28(F)
effect on eutectoid transformation 

temperature, 28(F)
ferritic microstructures, 230
hardenability, 364
hot work, 184
HTT martensite, 429
LTT martensite, 417, 419

martensitic formation, 591–592
microalloyed steels, 153
nitriding, 538
partitioning of, 121
tempering, 391
Widmanstätten start temperatures, effect 

on, 122
substitutional atoms, 37, 229, 230, 264, 

538
substructure, defined, 2
subsurface cracks, 318, 321, 507–508(F)
subzero cooling

martensitic transformation kinetics, 68, 
69(F)

plate martensite, 80
stainless steels, 611
tool steels, 634, 635(F), 636–637

sulfide networks, 448
sulfide particle size, 448
sulfide shape control, 170, 173
sulfide stress cracking, 468, 469
sulfur

inclusions, 73
low-carbon steels, 236
martensitic stainless steels, 606
overheating, reducing or eliminating, 

448
overheating and burning, during forging, 

447, 447(F)
stress-relief cracking, 450

superduplex stainless steels, 615
superhardenability, 365–366
superhardness, 503, 504(F)
supernitrogen stainless steel, 597
surface hardening

carbonitriding, 539–540(F)
carburizing: alloying, processing and 

microstructure, 514–520(F,T)
carburizing: bending fatigue and 

fracture, 515–516(F), 520(F),  
527–530, 531–534(F)

carburizing: processing principles,  
508–514(F,T)

carburizing: residual stresses and 
microstructures, 455(T), 520(F), 
523–527(F), 528(F), 529(F)

carburizing: surface oxidation in gas 
atmospheres, 521–523(F)

carburizing/through-hardening: contact 
fatigue, microstructure, and 
fracture, 530–536(F)

ferritic nitrocarburizing, 541–542(F), 
543(F), 544(F)

flame hardening, 500–501(F)
induction heating, 501–508(F)
nitriding, 536–539(F)
overview, 499–500

surface hardening treatments, 500
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surface modification
CVD, 566
electron beam surface modification, 

568–572(F,T)
introduction, 551–552
ion implantation, 556–558(F)
ion mixing, 558, 559(F)
laser beam surface modification,  

568–572(F,T)
low-pressure (vacuum) carburizing, 

555–556
overview, 551
plasma carburizing, 554–555(F)
plasma nitriding, 537(F), 552–554(F)
PVD microstructures, 561–566(F)
PVD processing, 559–561(F)
salt bath coating process, 566–568(F)

surface oxidation
carburizing, 521–523(F)
copper hot shortness, 446
gas carburizing, 516
gas-carburized steels, 526
low-pressure (vacuum) carburizing, 556
plasma carburizing, 555

surface oxide dispersions, 521, 522(F)
surface pitting, 532–533, 535
surface residual tensile stresses, 282,  

491–494(F)
surface tilting

17-7 PH steel, 610(F)
martensite, 65, 66(F)
plate martensite, 80, 81(F)

T

tantalum, as alloying element, austenitic 
stainless steels, 591

TD. See Toyota diffusion (TD) coating 
process

TE. See temper embrittlement (TE)
TEM. See transmission electron 

microscopy (TEM)
temper embrittlement (TE)

forging, 448
HTT steels, 429, 430(F)
martensitic stainless steels, 606–607
mechanical property changes, 374–375
process, 462–465(F)

temperature gradients, 633–634
tempered martensite embrittlement (TME), 

267, 374, 390, 456–462
tempered steels, oxide colors, 398, 399(F)
tempering

alloying elements and, 375(F),  
380–384(F)

cementite formation, 390–394(F)
double tempering, 638, 641

ductility, 376
fourth stage of tempering, 384
induction heating, 505
matrix changes, 394–398(F), 399(F)
mechanical property changes, 340(F), 

373–379(F,T)
nitriding, 537
overview, 373
oxide colors, tempered steels, 398, 

399(F)
structural changes, 384–394(F)
tool steels, 630(F), 638–641(F)
triple tempering, 572, 638

tempering, structural changes on
cementite formation, 390–394(F)
overview, 384–385
retained austenite, 386(F), 388–390(F)
transition carbide formation,  

385–387(F), 388(F)
tempering parameter, 381(F), 382
tensile deformation, 213–214(F), 455
tensile strength

4340 steel, 377(F), 378
type 430 stainless steels, 599
type 430F Se stainless steels, 599
type 466 stainless steels, 599
AF, 127
high-strength patented and cold-drawn 

pearlitic steel wire, 321–323(F)
microalloyed forging steels, 302–303(F)
TWIP steels, 263

tensile testing
as-quenched martensite, 410, 411(F)
reduction of area, 439
TRIP steels, 259, 260(F)

terraces, 122, 123(F)
tetrahedral interstitial voids, 24–26(F)
thermal diffusivity, 345–346(F)
thermal treatments. See also heat 

treatments; spheroidizing and 
spherical carbides; surface 
hardening

iron-carbon (Fe-C) diagram, 17–20(F)
overview, 500

thermionic emission electron microscopy, 
123

thermochemical
carburizing, 455(T), 514–520(T)
nitriding, 536–539(F)
plasma carburizing, 554–555-(F)
surface hardening, 499–549(F,T)

thermomechanical processing
duplex stainless steels, 584(F)
low-carbon steels, 237–238(F)
tool steels, 629, 629(F), 630(F)
wrought duplex stainless steels, 612

thin slab casting, 14, 15(F), 164
throwing power, 566
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tie line, 42
time-temperature-austenitizing (TTA) 

diagrams, 143–144(F), 145(F)
time-temperature-transformation (TTT) 

diagrams
bainite formation, 108, 108(F)
plain carbon steel, 100(F)

tin
TE, 464, 465

titanium
as alloying element

austenitic stainless steels, 591
boron, 363
ferritic stainless steels, 600
HSLA steels, 247
microalloyed forging steels, 305
microalloyed steels, 153
microalloying, 295
nontraditional bainitic steel, 308

inclusions, types and origins, 169–170
interphase precipitation, 52
intragranular acicular ferrite, 126
solubility of, 155

tool steels
alloy design, 623–624(T), 625–629(F,T)
annealing, 629(F), 632–633(F)
austenitizing, 633–634, 635(F)
classification of, 621–625(T)
compositions, approximate, 623–624(T)
double tempering, 641
grain-boundary carbide formation,  

637–638(F)
hardenability, 635–636
hardening, 630(F), 633
introduction, 621
laser transformation hardening, 569
maraging steels, 622–625(T)
martensite formation, 635(F),  

636–637(F)
overheating, 637
overview, 621
preheating, 633–634
primary processing, 629–631(F)
retained austenite transformation, 

639(F), 641, 642(F)
stress relief, 629(F), 633
tempering, 630(F), 638–641(F)
triple tempering, 638

tool steels, specific types
A2

alloy design, 628–629(F)
hardness and retained austenite as a 

function of tempering temperature, 
638–639(F)

influence of austenitizing and 
tempering temperatures on 
hardness, 634–635(F)

plate martensite formation, 636,  
637(F)

D2
alloy design, 628–629(F)
annealed microstructure, 632, 632(F)

H-13
alloy carbides in a lath of martensite, 

640, 641(F)
alloy design, 628–629(F)
hardness and retained austenite as a 

function of tempering temperature, 
638–639(F)

interlath carbides, 641, 642(F)
lath martensite formation, 636, 636(F)

M2
feathery, herringbone, and MC 

eutectics, 631, 631(F)
microstructure, 630, 631(F)

type A, characteristics, 622
type D, characteristics, 622
type H, characteristics, 622
type L, characteristics, 622
type O, characteristics, 622
type P, characteristics, 622
type S, characteristics, 622
type W, characteristics, 622

torsonial strength, 326, 506–507(F)
total inclusion interparticle spacing (TIS), 

171
toughness, definition of, 439
Toyota diffusion (TD) coating process, 

566–567
transformation temperatures. See critical 

temperatures
transformation-induced-plasticity (TRIP) 

steels, 234(F), 249–250(F),  
256–260(F)

transgranular cleavage facets, 440, 459(F), 
460, 474(F)

transition carbide formation, 385–387(F), 
388(F)

transmission electron microscopes, 3
transmission electron microscopy (TEM)

AF, 125
fine microstructure of medium-carbon 

steel, 390, 390(F)
GF, 129(F)
interlath cementite, 4360 steel, 104(F)
microalloyed forging steels, 297, 297(F)
pearlitic microstructure, steel rail,  

315–316(F)
quasi-polygonal ferrite, 125

trapping sites for hydrogen, 467, 471, 475, 
476

trapping strength, 475–476
triode ion plating systems, 561, 564(F), 

565, 565(F)
TRIP steels. See transformation-induced-

plasticity (TRIP) steels
troostite, 13
true strain, defined, 216–217
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true stress, defined, 216
Tschernoff, Dimitri, 12
TTA. See time-temperature-austenitizing 

(TTA) diagrams
TTT diagram. See time-temperature-

transformation (TTT) diagrams
tundish nozzles, 166
tungsten

as alloying element
alloy steels, 5
tool steels, 622

cementite formation during tempering, 
394

CVD, 566
hot work tool steels, 622, 623(T), 

624(T)
interphase precipitation, 52
tool steel alloy design, 625

tungsten carbide (WC), 625
twinning-induced plasticity (TWIP) steels, 

234, 263–266(F)
TWIP steels. See twinning-induced 

plasticity (TWIP) steels

U

ultimate tensile strength
4340 steel, 415, 416(F)
AF, 128
austenitic stainless steels, 588
direct cooled high-silicon steel, 309, 

309(F)
DP steels, 250
ferrite-pearlite microstructures, 287, 

288(F)
high-carbon lower bainitic 

microstructures, 109
necking instability, 217
nontraditional bainitic microstructures, 

310
ultra-low-carbon (ULC) steels. See 

interstitial-free (IF) steels
undercooling

cooling-rate induced changes, ferrite,  
74

DET, 54
martensite, 71
martensitic transformation kinetics, 68, 

71, 73, 74, 74(F)
pearlitic transformation kinetics,  

46–47(F), 48
Scheil equation, 176
solidification, 176

Unified Numbering System (UNS), 7, 
7(T), 586

unit cells
austenite, 21–22(F)
cementite, 27(F)

intermetallic phases, ferritic stainless 
steels, 601

martensite, 77(F), 78
United States Steel Corporation, 13
unpinned dislocations, 220–221, 256, 409, 

412, 432
UNS. See Unified Numbering System 

(UNS)
upper bainite, 13, 101–102(F),  

103–104(F), 105(F)
upper bainite, naming, 13
upper shelf, 217–218
upper shelf energies, 172, 187, 217–218, 

288
upper yield stress, 222
U.S. Navy ship plate, HSLA steels, 113

V

vacuum carburizing, 509, 523, 555–556
vacuum degassing, 13, 242, 318, 468
vacuum melting, 600
Van der Waal’s forces, 555
vanadium

as alloying element
HSLA steels, 247
medium-carbon steels, 293, 295
microalloyed forging steels, 298,  

300
microalloyed steels, 153
microalloying, 295–296(F)
patented and drawn wires, 327
pearlite formation, 51
rail steels, 319–320
tempering, 380, 382–383(F)
tool steels, 622

interphase precipitation, 52
nitriding, 537
solubility of, 155

Van-Ostrand-Dewey solution, 513
voids, 24–26(F)
Volmer-Weber growth, 561–562
volume diffusion, 50, 51, 285

W

water quenching
austenitic stainless steels, 587–588
bars, 1045 steel, 343(F), 344(F)
bars, 3140 steel, 348(F), 352(F), 353
cold water quenching, 241(F)
continuous cooling transformation and 

bar diameter, 208
cooling stages, 346–347(F)
full annealing, 278, 278(F)
quench cracking, 492
W tool steels, 622
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Wavelength Dispersive Spectroscopy 
(WDS), 3

WC, 625
WDS, 3
WEL, 321
weld heat-affected zones, 450, 467, 468
welded structures, 449
welding

residual tensile stresses, 493
stress-relief cracking, 449–450

Welding Research Council (WRC), 584, 
585(F), 586, 586(F)

weldments, 591, 598
welds

AF, 126, 128, 128(F)
austenitic stainless steels, 582, 594
cold cracking, 468
delta ferrite, 22–23
intergranular carbides, 591
laser and electron beams, 568
stress relief cracking, 449

WF. See Widmanstätten ferrite (WF)
white etching layers (WEL), 321
white spots, 468
Widmanstätten, Alois de, 114
Widmanstätten ferrite (WF), 121–123(F), 

124(F), 207
Widmanstätten plates, 115, 122
Widmanstätten saw teeth, 114(F), 115, 

123, 124(F)
Widmanstätten side plates, 114–115(F), 

117
Widmanstätten start temperatures, 122
wire drawing deformation, pearlite for 

high-strength steel wire, 324–325
wootz steel, 9, 10
work hardening. See strain hardening
wrought iron, 9
wüstite, 442, 446

X

X-ray diffraction
475 °C (885 °F) embrittlement, 603
alloy carbides, tool steels, 626, 626(T)

induction-hardened 4145 steel,  
507–508(F)

martensitic transformation, 76
residual-stress profiles, 494
retained austenite, measured by, 71
WEL, 321

x-ray diffraction analysis, 494

Y

yield strength
4340 steel, 377(F), 378, 415, 416(F)
acicular ferrite (AF), 127
austenitic stainless steels, 588, 597
DP steels, 250
engineering stress-strain curve, 214(F)
ferrite-pearlite microstructures,  

287–288(F)
ferritic microstructures, 229, 230(F)
fully pearlitic microstructures, 316, 

317(F)
IF steels, 244–245
lath martensite, 339, 339(F)
low-carbon martensite, 341
low-carbon steels, 237
microalloyed forging steels, 302–303(F)
nontraditional bainitic microstructures, 

310
type 430 stainless steels, 599
type 430F Se stainless steels, 599
type 430F stainless steels, 599
type 446 stainless steels, 599

Young’s modulus, 494

Z

Zener and Hillert equation, 46
Zener equation, 147, 148
zinc, 465
zinc baths, 235
zinc coating, 235
zirconium, 5, 448
zirconium nitride (ZrN) coating, 565(F), 

566
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